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Preface

Lithium ion battery has become the basis of the huge market for cellular phones
and lap top computers, and these mobile communication market continues to
grow at a rapid rate, supported by the demand all over the world. Even so, intensive
efforts are still under way to further improve the technology. The main target of the
effort is not only the automobile industry by achieving higher energy and higher
power, but also the energy storage market supplementing environmentally friendly
power source such as solar energy and wind turbine.

Though the lithium ion technology is so wide this book can include only a few
topics, I believe the readers can find an indicator to do the research.

Chapter one covers the basic concepts of electrochemical devices and lithium ion
battery.

From Chapter two to Chapter four cathode materials are described, and Chapter
two especially proposes new application such as an accumulator.

The basic thoughts of the materials are mentioned in Chapter five and Chapter
six. These two Chapters are so new , then they may give a big impact to the readers.

Chapter seven and Chapter eight focus on the solid electrolyte interface, so called
SEI which is important to develop high performance lithium ion batteries.

Solid state batteries are discussed in Chapter nine and Chapter ten. These
batteries may show the big business chance in the future.

Las but not least, Chapter eleven explain advanced lithium ion batteries for high
performance environmental vehicles.

The substantial contribution of each of the authors to this book is gratefully
acknowledged, as well as their cooperation in preparing their manuscripts in the
style and format selected. I also wish to express my appreciation to the companies,
associations who supported the contributing authors and willingly provided their
technical information and data permitted its use in this book.

January, 2009 Kazunori Ozawa
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1

General Concepts

Kenzo Matsuki and Kazunori Ozawa

1.1
Brief Outline of Batteries

The first practical battery is the generally known Volta cell (also called the Gal-
vanic cell). Its invention, over two centuries ago, spawned the invention of a
variety of batteries based principally on the Volta cell. However, interestingly,
during the last century, only three batteries, namely, the MnO2 primary battery
and the secondary batteries of lead/acid or nickel have been in use. Knowing
why such batteries continue to be used would give us some important pointers
toward the development of new technology in this line. These old batteries are
close to reaching their technical limit. Recently, however, new concepts have
been used in the development of lithium-ion secondary batteries with higher
ability.

A battery generally provides two functions – the ability to supply power
over a duration of time and the ability to store power. These are defined by
two operations, charge/discharge (progress of the reaction) and storage/stop
(termination of the reaction), that is, a battery is a device that provides two
functions, namely, energy storage and energy conversion (from chemical to elec-
trical, and vice versa). As shown in Figure 1.1, the field of energy conversion
is a multiphase system that is composed of positive/negative terminals and
positive/negative active materials and electrolyte; the ions and electrons trans-
fer through their interfaces. The interfaces reflect the nature of each phase.
In addition, the state of these interfaces changes over time with the operation
of the battery. The cell voltage is supported by an electric double layer with a
remarkably high electric field between the electrodes and the electrolytic solu-
tion in which the electrode reactions take place. It should be emphasized that
battery technology is essentially the same as the technology that controls these
interfaces.
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Phase (I) Phase (II) Phase (III) Phase (IV) Phase (V)

e− e−e−
ion

e−
ionion

Metal electrode Ionic conductor Solid matrixElectronic

conductor

Electronic

conductor

ElectrolyteNegative

terminal

Negative(anode)

active material

Positive terminalPositive(cathode)

active material

Fig. 1.1 Multilayer system composed of five phases and four interfaces.

1.1.1
Galvanic Cell System – Aqueous Electrolyte System

To understand the cell structure and its reaction, the well-known Daniel cell is
schematically shown in Figure 1.2.

The two half cells of Zn|Zn2+ and Cu|Cu2+ are combined and a separator is
placed between them so that they are not miscible with each other. The formula
that shows the principle and the structure of the Daniel cell is as follows:

(−) Zn|Zn2+, SO4
2−||Cu2+, SO4

2−|Cu (+)

where the symbols | and || show the interface of different phases and the
liquid–liquid junction (separator), respectively.

The cathode (positive electrode) active material of the Daniel cell is the Cu2+

ion in the electrolyte, while the Zn anode (negative electrode) dissolves to form
the Zn2+ ion. The drop in voltage of the cell occurs because of self-discharge of

Fig. 1.2 Daniel cell.
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the active materials. Generally, a self-discharge tends to occur when the dissolved
chemical species such as Cu2+ ion are used as the cathode-active material. This is
one of the reasons that the Daniel cell was not used for practical purposes.

Cathode- and anode-active materials in the Leclanche cell are MnO2 (solid) and
Zn metal, respectively. These electrode reactions are as follows:

Cathode: 2MnO2 + 2H+ + 2e −→ 2MnOOH

Anode: Zn + 2NH4
+ −→ Zn(NH3)2

2+ + 2H+ + 2e

When the discharge reaction takes place, the Zn anode dissolves to form a
complex ion. Since MnO2 has a depolarizing ability that reduces the potential drop
produced, the Leclanche type battery has been improved progressively to produce
several kinds of batteries for commercial use, such as the manganese dry cell, the
ZnCl2 cell, and the alkaline MnO2 cell.

In 1859, Plante invented the lead acid storage battery. This battery has been
improved over the years and is now industrially mass-produced. The electrode
reactions in the lead storage battery are described as follows:

Cathode: PbO2 + H2SO4 + 2H+ + 2e = PbSO4 + 2H2O

Anode: Pb + H2SO4 = PbSO4 + 2H+ + 2e

During discharge, a secondary solid phase of PbSO4 is formed on both the
anode and the cathode. Moreover, sulfuric acid in the aqueous solution – which
is another active species – and water also participate in the charge/discharge
reactions. These factors cause some polarizations that lower the cell performance.

Electrode reactions in Ni–Cd cell are as follows:

Cathode: 2NiOOH + 2H2O + 2e = 2Ni(OH)2 + 2OH−

Anode: Cd + 2OH− = Cd(OH)2 + 2e

The cathode reaction involves the insertion of an H+ ion into the solid NiOOH,
which is similar to the cathode reaction of MnO2 in the manganese battery, while
the anode reaction is the formation of a secondary solid phase Cd(OH)2 on the
Cd anode. This prevents a smooth reaction as the Cd anode is covered with
Cd(OH)2.

The cathode-active material of nickel–metal hydride (Ni–MH) battery is the
H species, which is adsorbed by the hydrogen-adsorbing alloy (MH) instead of
the Cd anode of the Ni–Cd battery; the cell reaction is very simple because
only hydrogen participates in the charge/discharge reaction. The Ni–MH battery
has almost same voltage and larger electric capacity when compared with that
of the Ni–Cd battery; moreover, it is free from environmental contamination.
Therefore, the industrial production of Ni–MH battery has increased rapidly in
recent years.
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1.1.2
Lithium-Cell System – Nonaqueous Electrolyte System

To realize a battery with high potential of 3 V, batteries using lithium metal as the
anode-active material and a powerful oxidizing agent as the cathode-active material
were considered to be ideal. One such promising cathode-active material was MnO2;
the development of lithium battery using this commenced in 1962. Fortunately, at
that time, substantial amount of basic and application data with MnO2 was available.
About 10 years later, an Li–MnO2 battery with a lithium metal anode was made avail-
able by SANYO Inc.; this became the first representative primary lithium battery.

Since then, considerable research and development has taken place in the design
and manufacture of rechargeable lithium batteries. Many cathode-active materials
such as TiSe, NbSe, MoS2, and MnO2 were studied. For example, rechargeable
batteries based on a lithium metal anode and a molybdenum sulfide cathode (Li
insertion electrode) were developed by MOLI Energy, Inc. in 1985. This battery
system was abandoned owing to safety problems. Lithium batteries based on Li
metal anodes and commonly used electrolyte systems revealed the thermal runaway
of these systems, which can lead to their explosion; this was almost inevitable in
abuse cases such as short circuit, overheating, and overcharging. Although the
highest energy density available for Li batteries is achieved by a battery system that
can use Li metal anode, a solution to safety issues needs to be found.

Active materials with good reversibility for the Li intercalation/deintercalation
and low charge/discharge voltage were used as anode materials instead of Li metal.
A carbon material was found to meet these requirements, and a rechargeable Li
battery based on a carbon anode and LiCoO2 (layered lithium cobalt oxide) cathode
was developed, mass-produced, and commercialized by Sony Inc. in 1991; this
lithium-ion battery was capable of high performance as well as a high voltage of
4 V. As shown schematically in Figure 1.3, lithium-ion rechargeable batteries are
charged and discharged through the transport of Li+ ions between anode and
cathode, with electron exchange as a result of insertion (doping) and extraction
(undoping). Both anode and cathode materials are layered compounds, and, as a
result, the battery reaction is very simple because only Li+ ions participate in the
charge/discharge reactions.

The features of the Li-ion batteries, compared with the other rechargeable
batteries, can be summarized as follows: (i) Charge and discharge reactions

Li-ion battery

Fig. 1.3 Schematic illustration of the reaction in a lithium-ion battery.
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transfer Li+ ions between cathode and anode with minimal side reactions; (ii)
The electrolytes work only as a path for the Li+ ions; and (iii) The volume of the
electrolyte between cathode and anode will not be required.

1.2
Early Development of Lithium-Ion Batteries

The UK Atomic Energy Authority showed in their patent [1] that the intercalation
and deintercalation of Ax-ion of the compound AxMyO2 reversibly occurs, where
Ax is an alkaline metal and My is a transition metal. In 1990, Sony used this patent
to first produce Li-ion batteries for a cellular phone HP-211. The cell sizes were
14500 and 20500, where 20 refers to the diameter and 50 the length in mm. The
chemistry was LiCoO2/soft carbon system, and the capacities of the 14500 and
20500 models were only 350 and 900 mAh, respectively. The production was on
a pilot scale. However, the naming of the lithium-ion rechargeable battery [2] was a
marketing success. It was a controversial issue whether Li existed as ion or metal
in the carbon anode. By the measurement using NMR, it was revealed that some
part of the Li could exist as ion [3].

The actual mass production of the lithium-ion cell was carried out for a cam-
corder TR-1 in 1991. The cell size was 18650, which has the same volume as the
20500 cell. The chemistry was LiCoO2/hard-carbon system [4]. Figure 1.4 displays
the inside structure of a 18650 cell.

The reasons for Sony’s success as the first producer of lithium-ion batteries is
explained in the following section.

1.2.1
Ceramics Production Capability

Sony were already one of the biggest Mn–Zn ferrites producers in Japan. They also
had considerable experience in the production of LiCoO2.

Fig. 1.4 The inside structure of a 18650 lithium-ion cell.



6 1 General Concepts

1.2.2
Coating Technology

Sony had been producing magnetic tapes for audio- and videotape recorders.
The coating technology for magnetic tapes was very useful and very important
in making cathode and anode electrodes, especially in making good slurry and
performing intermittent coating.

1.2.3
LiPF6 as a Salt for Electrolytes

LiPF6 is unstable and easily decomposes with heat and moisture. Since the acid
HF is produced in the presence of water, numerous arguments opposing the use
of LiPF6 were put forth in conferences and seminars. However, it was revealed that
a small amount of HF increased the life cycle, because of the formation of a very
strong passive layer such as AlF3 on the surface of an aluminum cathode collector
[5]. LiPF6 is also easily soluble in the solvent, making it a good solid electrolyte
interface (SEI) on the surface of anode materials.

1.2.4
Graphite Conductor in the Cathode

Synthesized graphite KS-15 was added as a conductor in the cathode. Since the
cathode material is an oxide, which is nonconductive, a conductor has to be added.
Metallic materials were also considered as conductors, but only carbon was effective
for cycle performance because it acts as a reduction material giving a conductive
path on the surface of the material.

1.2.5
Using Hard Carbon for the Anode

It is possible to use hard carbon and soft carbon in the form of propylene carbonate
(PC) as solvent for the electrolyte. At first, soft carbon was used for the 14500 and
20500 cells, but it was changed to hard carbon in the 18650 cell after considering
the float-charge stability – soft carbon is graphitizable carbon, whereas hard
carbon is nongraphitizable carbon when it is heated to high temperatures of
2800–3000◦C.

1.2.6
Nonwoven Shut-down Separator

Nonwoven polyethylene (PE) separators made by Tonen could be used for the 18650
cell. This separator melted at ∼140◦C and gave good safety results by shutting
down the rush current in the case of abuse.



1.3 Toward a Realistic Goal 7

1.2.7
Ni-Plated Fe Can

Since the acid HF is produced inside the cell, a can should be made with stainless
steel. However, the conductivity of stainless steel is so low that it is not suitable for
the can, which requests low electroresistance. Ni-plated Fe can was then used for
producing cylindrical cells.

After Sony’s commercialization, various modifications have been made to de-
velop advanced Li+ ion batteries with higher energy density, retaining their good
safety characteristics. These efforts achieved energy density of 200 W h kg−1 and
500 W h l−1, values of which would be close to those postulated earlier.

The shapes of cells have been widely expanded from cylindrical to prismatic
and laminated. The applications of cells have also widely expanded from cellular
phones and camcorders to laptop computers, power tools, and light electric
vehicles.

Not only LiCoO2 but also LiMn2O4, LiNi1/3Co1/3Mn1/3O2, LiNiAlO2, etc. have
been developed as cathode materials.

It has become possible to use graphite for the anode by controlling the
SEI layer. However, LiPF6 is interestingly still preferred as a salt in the elec-
trolyte, and components of the solvent are usually still cyclic carbonates such
as PC, ethylene carbonate (EC), and linear carbonates such as dimethyl car-
bonate (DMC), diethyl carbonate (DEC), ethyl–methyl carbonates (EMC), and/or
their combinations. Lithium-ion batteries are considered to be good in electric
vehicles (EVs), hybrid electric vehicles (HEVs), and plug-in hybrid vehicles. In
tune with the increased and diverse applications, a strong demand for higher
power density (kilowatts per kilograms) and higher energy density (kilowatt hours
per kilogram) will become the target of the further research and development
activities.

1.3
Toward a Realistic Goal

One of our final goals is a high-energy and high-power battery that can replace
the lead/acid battery of automobiles satisfying EU RoHS (EU Directive: Restric-
tions on Hazardous Substances) instructions. To realize lead-free accumulators
(engine starters), it is important to study the materials from their basic properties.
Lithium insertion materials without the destruction core structures, called topotactic
reactions, are classified into three categories:
1. Layer structure: LiCoO2, LiNiO2, LiNi1/2Mn1/2O2, LiCo1/3Ni1/3Mn1/3O2,

LiAl0.05Co0.15Ni0.8O2, etc. [6];
2. Spinel-frame work structure: LiMn2O4, Li[Ni1/2Mn3/2]O4, LiV2O4,

Li[Li1/3Ti5/3]O4, etc. [7, 8];
3. Olivine structure: LiFePO4, LiMnPO4, LiCoPO4, etc. [9].
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Table 1.1 Redox Potential.

Electrode reaction E0 (V) Electrode reaction E0 (V)

Li+ + e −−−−→←−−−− Li −3.01 Co2+ + 2e −−−−→←−−−− Co −0.27

K+ + e −−−−→←−−−− K −2.92 Ni2+ + 2e −−−−→←−−−− Ni −0.23

Ba2+ + 2e −−−−→←−−−− Ba −2.92 Sn2+ + 2e −−−−→←−−−− Sn −0.14

Sr2+ + 2e −−−−→←−−−− Sr −2.89 Pb2+ + 2e −−−−→←−−−− Pb −0.13

Na+ + e −−−−→←−−−− Na −2.71 H+ + e −−−−→←−−−− 1/2H2 0.00

Mg2+ + 2e −−−−→←−−−− Mg −2.38 Cu2+ + 2e −−−−→←−−−− Cu 0.34

Ti2+ + 2e −−−−→←−−−− Ti −1.75 Cu+ + e −−−−→←−−−− Cu 0.52

Al3+ + 3e −−−−→←−−−− Al −1.66 Ag+ + e −−−−→←−−−− Ag 0.80

Mn2+ + 2e −−−−→←−−−− Mn 1.05 O2 + 4H+ + 4e −−−−→←−−−− 2H2O 1.23

Zn2+ + 2e −−−−→←−−−− Zn −0.76 Cl2 + 2e −−−−→←−−−− 2Cl− 1.36

Fe2+ + 2e −−−−→←−−−− Fe −0.44 F2 + 2e −−−−→←−−−− 2F− 2.87

LiMn2O4 is a very attractive material as a cathode, but is reported to have a
poor cycle performance. Measurement of the entropy of lithiation may indicate
a solution [10], which is described in Chapter 5. Olivine structure, also called
chrysoberyl structure, has a space group system of Pnma and shows excellent
stability, but very low electric conductivity.

As for an accumulator of a consumer car, the battery has to have very high
energy that resists overdischarging during parking. For the higher energy den-
sity, the species that have the biggest redox potential should be considered.
The term redox is obtained from a contraction of the words reduction and ox-
idation. Table 1.1 shows the standard potentials of electrode reaction at room
temperature. Lithium has the maximum potential on the negative side, and
fluorine has the maximum on the positive side. These suggest our future
target.

It is also necessary to consider the fact that the key elements of lithium-ion
batteries are facing the crisis of exhaustion. Co metal used for the cathode
has been in great shortage for quite some time. Element resources in the
earth were estimated as the Clarke number, which was presented about 80
years ago. These values are not fully accepted, but they suggest our stand-
point.

Focusing on the transition metals, they are ranked as follows in weight:

Fe > Ti > Mn > Cr > V > Ni > Cu > · · ·

Lithium-ion batteries are still one of the most promising storage devices. To
realize the ideal battery, further development efforts are continuing all over the
world.



References 9

References

1 Goodenough, J.B. and Mizushima, K.
(1979) c/o United Kingdom Atomic
Energy Authority, United Kingdom
Patent GB 11953/79, April 1979.

2 Nagaura, T. and Tozawa, K. (1990)
Prog. Batteries Sol. Cells, 9, 209.

3 Tanaka, K., Itabashi, M., Aoki,
M., Hiraka, S., Kataoka, M.,
Sataori, K., Fujita, S., Sekai, K. and
Ozawa, K. (1993) 184th ECS Fall
Meeting, New Orleans, Louisiana.

4 Ozawa, K. (1994) Solid State Ionics,
69, 212.

5 Tachibana, K., Nishina, T., Endo, T.,
and Matsuki, K. (1999) The 1999
Joint International meeting, 196th
Meeting of the Electrochemical So-
ciety, 1999 Fall Meeting of The Elec-
trochemical Society of Japan with

Technical cosponsorship of the Japan
Society of Applied Physics, Hon-
olulu, Abstract No. 381 (1999).

6 Mizushima, K., Jopnes, P.C.,
Wiseman, P.J., and Goodenough,
J.B. (1984) Mater. Res. Bull., 19,
170.

7 Hunter, J.C. (1981) J. Solid State
Chem., 39, 142.

8 Thackeray, M.M., Johnson, P.J.,
de Piciotto, L.A., Bruce, P.G.,
and Goodenough, J.B. (1984)
Mater. Res. Bull., 19, 179.

9 Phadhi, A.K., Nanjundaswang,
K.S., and Goodenough, J.B. (1997)
J. Electrochem. Soc., 144, 1188.

10 Yazami, R., Reynier, Y., and Fultz, B.
IMLB 2006, Biarritz, France.



11

2
Lithium Insertion Materials Having Spinel-Framework Structure
for Advanced Batteries

Kingo Ariyoshi, Yoshinari Makimura, and Tsutomu Ohzuku

2.1
Introduction

Lithium-ion batteries are popular worldwide as power sources for wireless tele-
phones, laptop computers, and other electronic devices. Current lithium-ion
batteries mostly consist of LiCoO2 and graphite, which are the layered structures.
Possible alternatives to LiCoO2 and graphite have been intensively investigated by
many research groups over the past 15 years, and many lithium insertion materials
have been reported [1–4]. However, LiCoO2 and graphite continue to be used
in lithium-ion batteries because of their high-energy density. Current lithium-ion
batteries have about 550 Wh dm−3 of volumetric energy density. Because graphite
shows the lowest operating voltage against lithium with the high rechargeable
capacity of more than 350 mAh g−1 and LiCoO2 shows a flat operating voltage
of about 4 V versus Li with rechargeable capacity of about 140 mAh g−1, it is
very difficult to replace LiCoO2 or graphite with other lithium insertion materials
with respect to energy density. Recently, possible applications of batteries have
diversified from high energy density to high power density and long life owing
to environmental issues. This new direction gives us a chance to promote re-
search on brand-new batteries and materials. Lithium insertion materials having
spinel-framework structure described in this chapter fit applications that require
high power and long life.

We review the crystal structure of spinel in Section 2.2, in which the structural
feature of spinel in relation to a lithium insertion scheme is described. Derivatives
of spinel-framework structure are explained by lowering the crystal symmetry of
cubic spinel and a series of crystal structures in terms of superstructure due to
cation ordering are discussed in Section 2.3.

The structural chemistry and electrochemistry of lithium insertion materials
having spinel-framework structure are described in Section 2.4; these include the
4-V lithium insertion material of Li[LixMn2−x ]O4, 5-V material of Li[Ni1/2Mn3/2]O4

(LiNiMO), and the zero-strain insertion material of Li[Li1/3Ti5/3]O4. We focus on
each characteristic value in this section.

Lithium Ion Rechargeable Batteries. Edited by Kazunori Ozawa
Copyright  2009 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
ISBN: 978-3-527-31983-1
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In Section 2.5, we discuss how lithium insertion materials having spinel-
framework structure can be used in batteries in a fruitful and practical manner.
We introduce the new concept of 12 V ‘‘lead-free’’ accumulators. Although the
combination of lithium titanium oxide (LTO) and lithium manganese oxide (LMO)
(or LiNiMO) does not give energy densities higher than the current lithium-ion
batteries of LiCoO2 and graphite, it has been found that they show three to five
times higher energy density than current 12-V lead-acid batteries. Power sources
for high-power and long-life applications, such as hybrid electric vehicles (HEVs) or
pure electric vehicles (PEVs), are also highlighted in Section 2.5. The final section,
Section 2.6 contains a summary and the prospects of the future in lithium insertion
materials based on ‘‘spinel.’’

2.2
Structural Description of Spinel

The aim of this chapter is to review the crystal structure of spinel for lithium
insertion materials. The mineral spinel is known as a gemstone, which is composed
of MgAl2O4. The crystal structure of spinel, MgAl2O4, is shown in Figure 2.1.
Such an illustration with emphasis on the tetrahedral and octahedral coordination
around Mg2+ and Al3+ ions, respectively, is usually found in textbooks. Spinel
has a cubic close-packed (ccp) oxygen array in which Mg2+ ions occupy one-eighth
of the tetrahedral sites and Al3+ ions occupy one-half of the octahedral sites.
More specifically, oxygen ions reside at 32(e) sites to form ccp structure where
Mg2+ ions are located at tetrahedral 8(a) sites and Al3+ ions are at octahedral
16(d) sites in the space group symmetry of Fd3m. The meaning of 8(a) and 16(d)
is the number of equivalent sites in the unit cell combined with the Wyckoff
letter. In describing a lithium insertion scheme, we use this symbol with the
Hermann–Mauguin space group symbols. There are many materials isostructural

Fig. 2.1 Schematic illustration of the crystal structure of
spinel, MgAl2O4. The illustration is depicted with empha-
sis on the MgO4 tetrahedral and the AlO6 octrahedral
coordination.
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Fig. 2.2 The crystal structures of (a) α-NaFeO2-type lay-
ered structure, (b) spinel structure, and (c) olivine structure
represented by MO6 polyhedra.

with the mineral spinel. In describing the spinel, the composition is generally
represented as AB2O4 where A ion is surrounded by four oxygen ions, forming
a unit tetrahedron, usually in its divalent (or monovalent) state, and B ion is
surrounded by six oxygen ions, forming a unit octahedron, usually in trivalent
(and/or tetravalent) states. Although the illustration in Figure 2.1 is useful to
understand the coordination around the A and B ions in the spinel structure,
the way to link BO6 octahedra and AO4 tetrahedra is not well illustrated in this
figure.

Figure 2.2 shows the polyhedral representation of layered (a), spinel (b), and
olivine structures (c). In the materials under consideration, lithium ions are
assumed to be mobile while transition metal ions are immobile or fixed at
octahedral sites, so that lithium ions are illustrated as spheres in the framework
of such octahedral linkage. The linkage of FeO6-octahedra and PO4-tetrahedra
is used in drawing the olivine structure (LiFePO4). The olivine structure has
hexagonally close-packed (HCP) oxygen array, while α-NaFeO2-type layered and
spinel structures have ccp oxygen arrays. Although the oxygen packing is different
between the olivine and spinel structures, similarity in crystal structure is seen
between the two structures. In spinel-related LiMn2O4, lithium and manganese ions
are located at tetrahedral 8(a) and octahedral 16(d) sites, respectively, in the space
group of Fd3m. If LiMn2O4 is described as Li[Mn2]O4, LiFePO4 can be represented
as P[LiFe]O4 since phosphorus ions are located at tetrahedral sites and lithium
and iron ions are at octahedral sites. Actually, olivine (Mg, Fe)2SiO4 transforms
to the spinel structure at high temperature under extremely high pressure. This
method to illustrate the structural features of lithium insertion materials shown
in Figure 2.2 is useful for material researches. As clearly seen in Figure 2.2b,
the spinel-framework structure has a three-dimensional (3D) channel consisting of
one-dimensional (1D) tunnels with respect to lithium-ion transportation in contrast
to two-dimensional (2D) networks in the layered structure or 1D tunnels in the
olivine structure.

The spinel structure can also be described as being composed of single chains
consisting of edge-shared BO6-octahedra. The layer consisting of BO6-octahedral
chains parallel to each other pile up along the c axis with 90◦ rotation to form
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the spinel structure. Because the single chains in the neighboring layers are
perpendicular to each other, the chains in the spinel structure run in two perpen-
dicular directions. For example, stoichiometric LiMn2O4 consists of single chains
of edge-shared MnO6-octahedra, i.e., Mn3+ –Mn4+ –Mn3+ –Mn4+ –Mn3+ –Mn4+

in its ideal charge order. At room temperature, stoichiometric LiMn2O4 is cubic.
When it is cooled to low temperature, phase transition from cubic to tetragonal (or
orthorhombic) is observed, which reminds us of a Peierls transition coupled with
localized/delocalized electrons associated with Jahn–Teller effect although this is
not well supported by the experimental facts. Cubic to tetragonal transformation
during the reduction of LiMn2O4 to Li2Mn2O4, which is described in Section 2.4,
is also explained using this structural description.

The general composition for the spinel structure described above is represented
as A[B2]O4 in which the number of B ions is twice that of the A ions. ‘‘A’’
and ‘‘B’’ sites are usually used in describing structural chemistry of spinel. The
A sites are tetrahedral 8(a) sites and B sites are octahedral 16(d) sites in the
space group symmetry of Fd3m. A[B2]O4 is called a normal spinel. However,
the spinel structure is flexible with regard to the distribution of A and B ions at
tetrahedral and octahedral sites. When A ions occupy one-half of the octahedral
16(d) sites and B ions occupy the other half of the octahedral 16(d) sites as
well as all of the tetrahedral 8(a) sites, the structure is called an inverse spinel.
The inverse spinel is represented by B[AB]O4 in which A and B ions in the
square brackets occupy the octahedral 16(d) sites. Some examples of ‘‘normal’’
and ‘‘inverse’’ spinel in cubic symmetry are listed in Table 2.1. The spinel
structure can hold cation vacancies in a regular part of the crystal, called a
defect spinel. γ -Fe2O3 is a defect spinel represented by Fe3+ [�1/3Fe3+

5/3]O4 in
which one-sixth of Fe3+ at the 16(d) sites is vacant to compensate charge, where
open square indicates vacant octahedral sites. γ -Al2O3 is also a defect spinel,
while the distribution of cation vacancies together with Al3+ has not yet been
determined. Cation vacancies are probably distributed randomly at both tetrahedral

Table 2.1 ‘‘Normal’’ and ‘‘inverse’’ spinel in cubic symmetry.

Composition Structure Lattice parameter,
cubic (Å)

MgAl2O4 Normal : Mg2+[Al3+
2]O4 8.08

MnCr2O4 Normal : Mn2+[Cr3+
2]O4 8.44

LiMn2O4 Normal : Li+[Mn3+Mn4+]O4 8.25
LiTi2O4 Normal : Li+[Ti3+Ti4+]O4 8.42
Li[CrTi]O4 Normal : Li+[Cr3+Ti4+]O4 8.32
CoFe2O4 Inverse : Fe3+[Co2+Fe3+]O4 8.41
NiFe2O4 Inverse : Fe3+[Ni2+Fe3+]O4 8.36
γ -Al2O3 Defect : �1/3Al3+

8/3O4 7.86
γ -Fe2O3 Defect : Fe3+[�1/3Fe3+

5/3]O4 8.33
Li[Li1/3Ti5/3]O4 Defect : Li+[Li+1/3Ti4+

5/3]O4 8.36
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and octahedral sites. Among these materials in Table 2.1, LTOs, LMOs, and their
derivatives are important for batteries. Because lithium insertion materials extract
and insert lithium ions during charge and discharge, their crystal structures must
have lithium-ion conduction paths. Lithium transition metal oxides having an
inverse spinel structure are not appropriate at present, because the transition
metal ions at tetrahedral 8(a) sites block lithium-ion transfer in a solid matrix.
The spinel-framework structure based on a normal spinel has been accepted
for lithium-ion technology because of its 3D channels consisting of 1D tunnels of
vacant octahedral sites, which make lithium-ion transportation possible throughout
the solid matrix.

2.3
Derivatives of Spinel-Framework Structure

The previous section reviewed the structural description of spinel. To extend the
knowledge obtained from the ‘‘spinel’’ structure and, hopefully, to give some
insight into material design for advanced batteries, derivatives of spinel-framework
structure are described in this section. Although considerable amount of experi-
mental and theoretical work has been done for predicting electrochemical behavior
of lithium insertion materials, it is difficult to predict the electrochemical perfor-
mances in nonaqueous lithium cells. Therefore, in this section, ‘‘material design’’
means the construction of the appropriate crystal structure by using geometrical
methods; the optimum chemical composition is then determined from the struc-
ture under the restricted conditions discussed previously [1] for lithium insertion
materials.

One of the methods to design the crystal structure based on ‘‘spinel’’ is to
use the concept of ‘‘superlattice.’’ A superlattice is derived from cation ordering,
which results in the materials having the space group symmetry lower than
that of Fd3m. Materials design based on the superlattice allows us to expect
something new for lithium insertion materials, and therefore this should stimulate
us to find such superlattice materials. In this section, superlattice structures
(or superstructures) derived from ‘‘spinel’’ are surveyed, and the possibility of
superstructural lithium insertion materials using the oxidation states and ionic
radii of transition metal ions to form cation ordering in spinel-framework structure
is discussed.

2.3.1
Superlattice Structures Derived from ‘‘Spinel’’

Possible superlattice structures derived from ‘‘spinel’’, which have space group
symmetry lower than Fd3m, can be found by using group–subgroup relations
[5–7]. For example, space group of Fd3m is reduced to F43m by eliminating some
symmetry operations; tetrahedral A sites, 8(a) sites in Fd3m, can be divided into two
tetrahedral 4(a) and 4(c) sites in F43m. Consequently, superlattice structures with
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Fig. 2.3 Group–subgroup relations obtained by the reduc-
tion of the space group symmetry of Fd3m. Superstruc-
tures derived from ‘‘spinel’’ are distinguished in terms of
cation-ordering site, i.e., A-site, B-site, or both A- and B-site
order (see in text).

1 : 1 ratio of cation ordering at A sites can be expected, so that A sites can be occupied
by two kinds of cations or by cations and vacant sites, which restrict the chemical
composition. By applying group–subgroup relations for finding superlattice, many
possible structures can be found. Figure 2.3 shows the group–subgroup relations
obtained by the reduction of the space group symmetry of Fd3m. Lines connecting
two space groups indicate the super- or subgroup relation between two space
groups. Geometrically, many types of superlattice structures can be obtained from
‘‘spinel.’’ Table 2.2 summarizes the superlattice structures derived from ‘‘spinel’’
together with some examples of superlattice materials prepared and examined so
far. As seen in Table 2.2, superlattice structures are classified as (i) cation ordering
at tetrahedral A site, (ii) cation ordering at octahedral B site, and (iii) cation ordering
at both tetrahedral A and octahedral B sites.

When 1 : 3 order on B sites occurs, there are three types of superstructures due
to the different cation ordering. The crystal structures of these superstructures
can be illustrated using space group symmetries of P4332 (or P4132), R3m, and
Pmna. These three structures derived from spinel are illustrated in Figure 2.4. The
difference among these structures is the distribution of two cations in the octahedral
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Table 2.2 Superstructures due to cation ordering in ‘‘spinel’’.

Order Space Group Formulation Example

Fd3m-Oh
7 A[B2]O4 Mg[Al2]O4

1 : 1 order at A sites F43m-Td
2 A1/2A′

1/2[B2]O4 Li1/2Fe1/2[Cr2]O4

1 : 2 order at A sites I4122-D4
10 A1/3A′

2/3[B2]O4 In2/3�1/3[In2]S4

1 : 1 order at B sites P4322-D4
7 A[BB′]O4 Zn[LiNb]O4

Imma-D2h
28 A[BB′]O4 V[LiCu]O4

1 : 3 order at B sites P4332-O6 A[B1/2B′
3/2]O4 Fe[Li1/2Fe3/2]O4

Al[Li1/2Al3/2]O4

R3m-D3d
5 A[B1/2B′

3/2]O4 Unknown
Pmna-D2h

7 A[B1/2B′
3/2]O4 Unknown

1 : 5 order at B sites P41212-D4
4 A[B1/3B′

5/3]O4 Fe[�1/3Fe5/3]O4

1 : 1 order at A sites P213-T4 A1/2A′
1/2[B1/2B′

3/2]O4 Li1/2Zn1/2[Li1/2Mn3/2]O4

1 : 3 order at B sites

16(d) sites in Fd3m. To illustrate cation ordering at octahedral sites, we usually use
the triangular lattice of sites. Figure 2.5 shows how spinel-framework structure
is illustrated in the triangular lattice of sites. The spinel-framework structure
consists of the �3/4M1/4O2 and �1/4M3/4O2 layers and they piled up alternately.
One is the transition metal-poor sheet �3/4M1/4O2, in which cations are [2 × 2]
ordering, and the other is the transition metal-rich sheet �1/4M3/4O2, in which
vacant octahedral sites are also [2 × 2]-ordering. Therefore, the spinel-framework
structure is the [2 × 2]-superstructure with respect to a layered formulation. As
clearly seen in Figure 2.6, two kinds of cations are distributed in both layers for

Fig. 2.4 The crystal structures on three types of superstruc-
tures of Li[M′

1/2M3/2]O4 having space group symmetry of

(a) P4332, (b) R3m, and (c) Pmna, where M′ and M denote
metal ions.
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Fig. 2.5 Schematic illustration of the triangular lattice of
sites for the spinel-framework structure; Transition metal-rich
sheet (�1/4M3/4O2) with [2 × 2] ordering and transition
metal-poor sheet (�3/4M1/4O2) also with [2 × 2] ordering
can be seen in spinel-framework structure.

Fig. 2.6 The cation distribution of three types of superstruc-
tures of Li[M′

1/2M3/2]O4 having space group symmetry of (a)

P4332, (b) R3m, and (c) Pmna. Transition metal-rich sheet
is illustrated at the top and transition metal-poor sheet at
the bottom.
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Table 2.3 Possible chemical composition and species to form
superstructures due to cation ordering.

Charges for Formulation order on
cations B-site

1–4 Li[M+
1/3 M′4+

5/3]O4 1 : 5 order M+ = Li+, Na+, K+, Cu+, . . .

1–5 Li[M+
3/4 M′5+

5/4]O4 3 : 5 order ?
1–6 Li[M+ M′6+]O4 1 : 1 order
2–4 Li[M2+

1/2 M′4+
3/2]O4 1 : 3 order M2+ = Mg2+, Ni2+, Cu2+, Zn2+, . . .

2–5 Li[M2+ M′5+]O4 1 : 1 order
2–6 Li[M2+

5/4 M′6+
3/4]O4 5 : 3 order ?

3–4 Li[M3+ M′4+]O4 1 : 1 order M3+ = Al3+, Cr3+, Fe3+, Co3+, . . .

3–5 Li[M3+
3/2 M′5+

1/2]O4 3 : 1 order
3–6 Li[M3+

5/3 M′6+
1/3]O4 5 : 1 order

P4332, separated into two sheets for R3m, and distributed periodically, drawing
stripes for Pmna.

To find possible space group lower than Fd3m is easy. However, chemical
species to construct superlattice structure are limited in considering lithium
insertion materials. Table 2.3 summarizes possible chemical compositions for
Li[MxM′

2−x ]O4. For manganese-based spinel, three types of possible superstructures
can be found, i.e., 1 : 5 order on B sites for Li+ and Mn4+, 1 : 3 order for divalent
cation and Mn4+, and 1 : 1 order between trivalent cation and Mn4+. Chemical
compositions of the structures are linked with the oxidation state of chemical species
due to the conservation of charge. From the electrostatic point of view, difference
in oxidation states between different cations is preferable to form the superlattice.
Oxidation states are closely related to ionic radii [8]. When two different cations
having quite different ionic radii are mixed, phase separation or the formation of
superlattice is expected in order to reduce internal stress derived from the difference
in size. Figure 2.7 shows ionic radii of the 3d-transition metal ions together with
Li+, Mg2+, and Al3+ [8]. The values are selected to be at octahedral sites, i.e.,
coordination number (CN) = 6. Upper and lower dashed lines in Figure 2.7
indicate ionic radii of Mn3+ (HS; 0.645 Å) and Mn4+ (0.53 Å). HS and LS stand
for high-spin and low-spin states, respectively. Cations having almost the same
ionic radii as that of manganese ions tend to form substitutional solid solution,
not superlattice structure. In other words, if one intends to make superlattice
structure of LiMxMn2−xO4, cations having larger or smaller ionic radius than
manganese ions should be selected. Actually, Mg2+-substituted LiMn2O4 forms
the superlattice in which Mg2+ and Mn4+ are ordered in the ratio of 1 : 3 at
the octahedral B sites, because of big difference in ionic radii, i.e., 0.72 Å for
Mg2+ and 0.53 Å for Mn4+. Divalent ions, Ni2+, Cu2+, and Zn2+ in Figure 2.7
are possible for superlattice formation of the same kind [9]. The crystal structure
and electrochemical properties for these materials are described in the next
sections.
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Fig. 2.7 Ionic radii of the 3d-transition metal ions together
with Li+, Mg2+, and Al3+. Ionic radii given in this figure are
taken from [8] with coordination number (CN) = 6. HS and
LS stand for high-spin and low-spin states, respectively.

2.3.2
Examples of Superstructure Derived from ‘‘Spinel’’

Because Zn2+ ions prefer to occupy the tetrahedral A sites, lithium zinc man-
ganese oxide of LiZn1/2Mn3/2O4 is an inverse spinel, i.e., Li1/2Zn1/2[Li1/2Mn3/2]O4.
Figure 2.8 shows the X-ray diffraction (XRD) patterns of LiZn1/2Mn3/2O4 prepared
by different conditions: (a) two-step solid-state reaction of oxidation at 650◦C for 12
hours following the heating process at 1000◦C for 12 hours, (b) heating at 900◦C
and then cooling, and (c) heating at 1000◦C and then cooling. All diffraction lines
can be indexed by assuming a cubic lattice. The strong (220) diffraction lines in
Figure 2.8 are indicative of inverse spinel structure. The locations and intensities
of main diffraction lines, i.e., (111), (220), (311), (400), and (440), are almost the
same. However, extra diffraction lines are observed in Figure 2.8(a) and (b). This
suggests that there are three types of Li1/2Zn1/2[Li1/2Mn3/2]O4 with different cation
distribution.

The first possible structure is Li1/2Zn1/2[Li1/2Mn3/2]O4 with random distribution
at both the tetrahedral A and the octahedral B sites, but this is not a superstructure.
The second one is the superlattice Li1/2Zn1/2[Li1/2Mn3/2]O4 with cation ordering at
the tetrahedral A sites with 1 : 1 ratio of Li and Zn while Li and Mn randomly dis-
tribute at the octahedral B sites. The third is superlattice Li1/2Zn1/2[Li1/2Mn3/2]O4

with cation ordering at the octahedral B sites with 1 : 3 ratio of Li and Mn while Li and
Zn randomly distribute at the tetrahedral A sites. The fourth one is the superstruc-
tural Li1/2Zn1/2[Li1/2Mn3/2]O4 with 1 : 1 ordering of Li and Zn at the tetrahedral
A sites and the 1 : 3 ordering of Li and Mn at the octahedral B sites. Figure 2.9
shows the calculated XRD patterns of possible superstructural LiZn1/2Mn3/2O4

with different cation ordering: (i) space group of Fd3m with random distribution
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Fig. 2.8 X-ray diffraction patterns of
LiZn1/2Mn3/2O4 prepared by heating a re-
action mixture of LiOH, ZnO, and MnOOH
(manganite) at (a) 1000◦C for 12 hours in
air followed by heating at 650◦C for 12 hours

in air (a = 8.20 Å), (b) 900◦C for 12 hours in
air (a = 8.25 Å), and (c) 1000◦C for 12 hours
in air (a = 8.27 Å). Asterisks (∗) indicate the
diffraction line for Li2MnO3.

of Li and Zn at both tetrahedral and octahedral sites; (ii) F43m with 1 : 1 ordering
of Li and Zn at the tetrahedral A sites; (iii) P4332 with 1 : 3 ordering of Li and
Mn at the octahedral B sites; and (iv) P213 with 1 : 1 ordering of Li and Zn at
the tetrahedral A sites and 1 : 3 ordering of Li and Mn at the octahedral B sites.
When cations are only ordered at the tetrahedral sites, (200) line is visible, as seen
in Figure 2.9(b) for F43m. Superlattice lines of (110), (210), and (211) due to the
cation ordering at the octahedral B sites are seen for P4332. Consequently, P213
superstructure shows both superlattice lines. A comparison of the XRD patterns
in Figure 2.8 with those in Figure 2.9 shows that LiZn1/2Mn3/2O4 is crystallized as
Li1/2Zn1/2[Li1/2Mn3/2]O4 having space group symmetry of P213 [10].

Although LiZn1/2Mn3/2O4 provides useful information on cation ordering
among lithium, divalent, and tetravalent ions at tetrahedral and/or octahedral
sites in the spinel-framework structure, LiZn1/2Mn3/2O4 is not good lithium in-
sertion material [11, 12] partly because Zn2+ at the tetrahedral sites interferes with
lithium-ion migration and partly because Zn2+ at the octahedral sites is not a good
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Fig. 2.9 Calculated XRD patterns of four structural models
on Li1/2Zn1/2[Li1/2Mn3/2]O4(a = 8.19 Å) having the space
group symmetry of (a) Fd3m, (b) F43m, (c) P4332, and (d)
P213. Superlattice lines can be seen for diffraction angles
below 40◦ in 2θ .

redox center among 3d-transition metals. The chemistry is not well suited for the
lithium insertion materials. When Zn2+ is replaced with Ni2+, cation ordering
of Ni2+ and Mn4+ at octahedral sites can be expected, whereas conservation of
charge in LiNi1/2Mn3/2O4 requires the combination of either Ni3+ and Mn3+ or
Ni2+ and Mn4+. Actually, LiNi1/2Mn3/2O4 crystallizes as superlattice structure of
Li[Ni2+

1/2Mn4+
3/2]O4 having the space group symmetry of P4332 (or P4132) [13–15],

and it is widely accepted as one of the 5-V lithium insertion materials as is described
in Section 2.4.

Although the symmetry of crystal structures and the local environment of cations
must be understood to deal with phase changes during electrochemical reaction,
intuitive understanding of crystal structures using pictures and illustrations is
important to consider their lithium insertion schemes. Figure 2.10 illustrates the
beautiful cation ordering of Ni2+ and Mn4+ in superstructural Li[Ni1/2Mn3/2]O4.
When the electrochemical reaction takes place, bond distances extend and shrink
between transition metal ions and oxygen ions due to the change in their ionic
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Fig. 2.10 Schematic illustration of Mn-sublattice for
Li[Ni1/2Mn3/2]O4 (P4332) viewed along [100] and [111]
directions. Cation ordering between Ni2+ and Mn4+ at the
octahedral sites leads to a beautiful pattern that looks like
an arabesque.

radii leading to the change in lattice parameters. The beautiful arabesques shown
in Figure 2.10 suggest that Li[Ni1/2Mn3/2]O4 minimizes internal stress during
an electrochemical reaction because of symmetrical distribution of nickel and
manganese ions in the solid matrix, which may be suitable for long cycling life from
a microscopic viewpoint. Figure 2.11 shows scanning electron microscope (SEM)
image of Li[Ni1/2Mn3/2]O4 prepared at high temperature. From the viewpoint of
particle morphologies, lithium insertion reaction and additional side reactions such
as electrolyte decomposition take place at the interface between active material and
electrolyte, and lithium ions migrate inside the particles during an electrochemical
reaction. Li[Ni1/2Mn3/2]O4 has an octahedral shape of particles with smooth (111)
facets, which is ideal particle morphology for insertion materials. Such a smooth
surface can minimize electrolyte decomposition and dissolution of materials, and
a symmetrical octahedral shape can reduce the internal stress resulting from
isotropic expansion or shrinkage of particles upon electrochemical reaction. In the
octahedra, lithium-ion conduction paths run parallel to the edge of the octahedra

Fig. 2.11 Particle morphology ob-
served by SEM for Li[Ni1/2Mn3/2]O4

(P4332) prepared at 1000◦C for 12
hours and then oxidized at 700◦C for
24 hours in air. Octahedral shape
with smooth (111) facets can be
seen.
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corresponding to [110]-direction, which may be appropriate to fast lithium-ion
transportation. Actually, Li[Ni1/2Mn3/2]O4 exhibits excellent rate capability and
cyclability for 2000-cycle test as described in a later section. Such an octahedral
shape is characteristic of a single crystal for spinel, because, according to Wulff’s
theorem, the (111) facets may be a singular surface for spinel.

2.4
Electrochemistry of Lithium Insertion Materials Having Spinel-Framework Structure

As already described briefly in Section 2.2, lithium insertion materials having
spinel-framework structure can be crystallized as LiTi2O4, LiV2O4, and LiMn2O4

by using 3d-transition elements. The reason that 3d-transition metal oxides are
important for lithium insertion materials has already been discussed in a previ-
ous paper [1]. Among them, LiTi2O4 and LiMn2O4 are versatile nonstoichiometry
between LiTi2O4 (LiMn2O4) and Li[Li1/3Ti5/3]O4 (Li[Li1/3Mn5/3]O4), and also tita-
nium or manganese ions in spinel-framework structure can easily be replaced by
other transition metal ions. LiV2O4 (Fd3m; a = 8.24 Å) is an interesting material
in its electronic structure. The reaction mechanism of LiV2O4 is known to be a
topotactic two-phase reaction over the entire range of x in Li1+xV2O4, i.e., LiV2O4

(a = 8.24 Å) + Li++ e− → Li2V2O4 (a = 8.29 Å) [16, 17]. However, the reversible
voltage of LiV2O4 is 2.43 V versus Li, meaning that LiV2O4 cannot be applied to
a negative electrode for lithium-ion batteries and also to a positive electrode for
rechargeable lithium batteries. LiV2O4 is neither one thing nor the other in terms
of lithium insertion materials for batteries. In this section, we focus upon titanium
and manganese systems.

2.4.1
Lithium Manganese Oxides (LMO)

Electrochemical reaction of stoichiometric LiMn2O4 (a = 8.24 Å) is known to pro-
ceed in a topotactic manner, which is devided into three parts. The reaction consists
of cubic (a = 8.03 Å) – cubic (a = 8.14 Å), two phases at 4.11 V versus Li, cubic one
phase (a = 8.14–8.24 Å) at 3.94 V of midpoint voltage, and cubic (a = 8.24 Å) –
tetragonal two phases at 2.96 V [18]. Manganese dioxide having spinel-framework
structure is called λ-MnO2 [19]. Although stoichiometric LiMn2O4 shows high
reversible voltage of about 4.0 V with 148 mAh g−1 of theoretical capacity, it shows
poor cyclability in nonaqueous lithium cells. To extend cycle life with minimum
sacrifice of rechargeable capacity, several trials have been carried out in the last 15
years [20, 21].

LMOs having spinel-framework structure show an interesting character –
manganese ions at octahedral sites in LiMn2O4 can be replaced by lithium
ions, forming Li[LixMn2−x ]O4 without noticeable line broadening compared to
stoichiometric LiMn2O4. Figure 2.12 shows the lattice constant a as a func-
tion of x in Li[LixMn2−x ]O4 [22, 23]. Lattice dimension a shrinks linearly as x
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Fig. 2.12 The cubic lattice constant as a function of x
in Li[LixMn2−x ]O4. The values are taken from [22] (open
squares (b)) and [23] (open triangles (c)) in addition to orig-
inal data (a).

increases in x = 0–0.2, which is empirically represented as a = 8.24 − 0.32x in
Li[LixMn2−x]O4.

Charge and discharge curves of a series of LMOs are shown in Figure 2.13.
Rechargeable capacity of Li[LixMn2−x]O4 decreases and operating voltage seemingly
becomes sloping with increasing x in Li[LixMn2−x]O4. However, Li[LixMn2−x]O4

shows better cyclability and lower polarization than stoichiometric LiMn2O4.
There is a trade-off relation between rechargeable capacity and cyclability. Charge
and discharge capacities for Li[LixMn2−x]O4 at the first cycle as a function of
x are shown in Figure 2.14. The solid line indicates theoretical capacity calcu-
lated using equation, Li[LixMn3+

1−3xMn4+
1+2x]O4 → �1−3xLi3x[LixMn4+

2−x]O4+
(1–3x)Li++ (1–3x)e−, in which symbol for open square denotes the vacant site.

According to the equation, the rechargeable capacity at 4 V is limited by the avail-
ability of trivalent manganese ions, the so-called electron source-limited capacity
[1]. As clearly seen in Figure 2.13, the rechargeable capacity of Li[LixMn2−x]O4

of about 100 mAh g−1 with good cyclability is attained, although the rechargeable
capacity as close as 148 mAh g−1 of theoretical capacity for LiMn2O4 is difficult.
For nearly stoichiometric samples of x = 0 and 0.05, small voltage steps at 4.5 V
on charge and 4.3 and 3.3 V on discharge are seen in addition to 4 V, which are
due to the reversible structural transformation from spinel to double hexagonal
phases and vice versa [25, 26]. These voltage steps can be used as warning signals
for capacity fading [27].

When Li/Li[LixMn2−x ]O4 cells are operated at voltage above 5 V, a series
of Li[LixMn2−x ]O4 shows 5 V redox signals. Charge and discharge curves of
Li[LixMn2−x]O4 in voltages of 1.0–5.2 V are shown in Figure 2.15. All Li[LixMn2−x]
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Fig. 2.13 Charge and discharge curves of Li/Li[LixMn2−x ]O4

cells operated at a rate of 0.17 mA cm−2 in voltages of
3.0–5.0 V; (a) x = 0, (b) x = 0.05, (c) x = 0.075, (d)
x = 0.10, (e) x = 0.15, (f) x = 0.20, (g) x = 0.25, and (h)
x = 0.33.

O4 (0 ≤ x < 1/3) show almost the same rechargeable capacities in voltages of
3–5.2 V, i.e., 120–130 mAh g−1, while the rechargeable capacities in the voltages
of 3.5–4.5 V decreased as a function of x as seen in Figure 2.14. All samples give
the same cubic lattice constant of a ∼ 8.0 Å when the samples are potentiostatically
charged at 5.0 or 5.2 V, suggesting that all samples are converted to λ-MnO2,
probably releasing oxygen ions [28].

Manganese dissolution from Li[LixMn2−x]O4 especially at 55◦C is another prob-
lem when the material is combined with the graphite-negative electrode. The
addition of fluorine or other transition metal ions is reported to be effective to
protect the manganese dissolution from the positive electrode [24]. As was reviewed
by Amatucci and Tarascon [21], LMO has been examined as a possible alternative
to LiCoO2. However, LMO is hardly applied to high energy density lithium-ion
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Fig. 2.14 Charge and discharge capacities as a function of
x in Li[LixMn2−x ]O4 observed during the first charge and
discharge cycle. Solid line indicates theoretical capacity as-
suming electron source-limited capacity (see in text).

batteries with graphite-negative electrodes because LiCoO2 is excellent in its per-
formance. An application of LMO to high-power long-life batteries is described in
Section 2.5.

2.4.2
Lithium Titanium Oxide (LTO)

The LTO Li[Li1/3Ti5/3]O4 (a = 8.365 Å) has the unique characteristic that the lattice
dimension does not change during the reduction to Li2[Li1/3Ti5/3]O4, so-called
zero-strain lithium insertion material [29–32]. The reaction mechanism is shown
to be topotactic and is represented as

Li8(a)[Li1/3Ti4+
5/3]16(d)O4 + Li+ + e− −→ Li2 16(c)[Li1/3Ti3+Ti4+

2/3]16(d)O4 (2.1)

The reduction product still has tetravalent titanium ions to accept electrons, but
no vacant octahedral sites to accommodate lithium ions, so-called the site-limited
capacity [1]. The zero-strain insertion mechanism is also examined and explained
in terms of ‘‘oxygen swing,’’ with which the lattice dimension remains constant in
spite of the change in Ti–O bond length during charge and discharge, i.e., change
in the oxygen positional parameter [33].

The reversible voltage of Li[Li1/3Ti5/3]O4/Li2[Li1/3Ti5/3]O4 is 1.55 V versus Li and
the theoretical capacity is 175 mAh g−1 or 610 mAh cm−3. Figure 2.16 shows the
charge and discharge curves of LTO examined in a nonaqueous lithium cell. LTO
shows no limitation of cycling life because of ‘‘zero-strain.’’ Although rechargeable
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Fig. 2.15 Charge and discharge curves of Li[LixMn2−x ]O4 in
voltages of 1.0–5.2 V. Redox reaction at 5 V are commonly
observed for all Li[LixMn2−x ]O4 except x = 0 (LiMn2O4); (a)
x = 0, (b) x = 0.10, (c) x = 0.15, (d) x = 0.20, (e) x = 0.25,
and (f) x = 0.33.

gravimetric and volumetric capacities are relatively high together with excellent
cyclability among lithium insertion materials, the operating voltage is about 1.5 V
higher than that of current graphite-negative electrode currently used in lithium-ion
batteries. This impedes the application of LTO to the negative electrode for high
energy density lithium-ion batteries.

2.4.3
Lithium Nickel Manganese Oxide (LiNiMO)

As was described in Section 2.3, the lithium nickel manganese oxide (LiNiMO)
of Li[Ni1/2Mn3/2]O4 is crystallized as the superstructure having space group sym-
metry of P4332. The reaction mechanism of LiNiMO consisting of Ni2+ and
Mn4+ is already known to have three topotactic two-phase reactions [14], i.e., cubic
(a = 8.00 Å)/cubic (a = 8.09 Å) two-phase reaction at 4.74 V versus Li in a range
of 0–1/2 in Lix[Ni1/2Mn3/2]O4, cubic (a = 8.09 Å)/cubic (a = 8.17 Å) two-phase
reaction at 4.72 V in x = 1/2–1, and cubic (a = 8.17 Å)/tetragonal (a = 5.74 Å,
c = 8.69 Å) at 2.80 V in x = 1–2. The theoretical capacities of 147 mAh g−1 and
655 mAh cm−3 are almost the same as those of LiMn2O4 due to almost iden-
tical formula weight and lattice dimension. The difference is, however, seen
in rechargeable capacity. LiNiMO shows a rechargeable capacity of more than
135 mAh g−1, whereas LMO shows about 100 mAh g−1. The charge and dis-
charge curves of an Li/LiNiMO cell operated at a rate of 0.25 mA cm−2 are
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Fig. 2.16 Discharge and charge curves of a
Li/LTO cell operated at 0.17 mA cm−2 in
voltages of 1.0–3.0 V. The electrode con-
sisted of 88 wt% of LTO, 6 wt% of acetylene
black (AB), and 6 wt% of polyvinylidene flu-
oride (PVdF). The weight and thickness of

electrode mix was 38.5 mg and 110 µm,
respectively. The electrolyte used was 1 M
LiPF6 dissolved in EC/DMC solution (3/7 by
volume). Two sheets of polypropylene mem-
brane were used as a separator.

shown in Figure 2.17. The reversible voltage of 4.73 V versus Li with recharge-
able capacity of about 135 mAh g−1 is the highest value among lithium insertion
materials reported so far. The combination of LiNiMO and graphite gives the
highest operating voltage of about 4.5 V with the highest energy density of
440 Wh kg−1 or 1500 Wh dm−3 calculated using the values of 135 mAh g−1 and
600 mAh cm−3 for LiNiMO and 350 mAh g−1 and 790 mAh cm−3 for �C6. The vol-
umetric energy density of more than 700 Wh dm−3 is estimated by analogy with the
current lithium-ion batteries (18650) consisting of LiCoO2 and graphite. Although
LiNiMO potentially has superior properties to LiCoO2 as a positive electrode in
lithium-ion batteries, the practical reality of a lithium-ion battery consisting of
LiNiMO and graphite is still an open question. We need electrolyte stability in
voltages of −0.5 to +5.5 V versus Li to steadily operate the 4.5 V lithium-ion
battery.

2.5
An Application of Lithium Insertion Materials Having Spinel-Framework Structure to
12 V ‘‘Lead-Free’’ Accumulators

As described in Section 2.4, LMO, LTO, and LiNiMO have their own charac-
teristic values. However, they may not find application for high energy density



30 2 Lithium Insertion Materials Having Spinel-Framework Structure for Advanced Batteries

Fig. 2.17 Charge and discharge curves of a
Li/Li[Ni1/2Mn3/2]O4 cell operated at 0.25 mA
cm−2 in voltages of 3.0–5.0 V. The electrode
consisted of 88 wt% of Li[Ni1/2Mn3/2]O4,
6 wt% of AB, and 6 wt% of PVdF. The weight
and thickness of the electrode mix was

36.8 mg and 109 µm, respectively. The elec-
trolyte used was 1 M LiPF6 dissolved in
EC/DMC solution (3/7 by volume). Two
sheets of polypropylene membrane were
used as a separator.

lithium-ion batteries because the combination of LiCoO2 and graphite is excellent
in its performance. Battery history has taught us that unless new applications
of lithium insertion materials are proposed, designed, fabricated, and intro-
duced for consumer use, the interest in basic and applied research on new
materials will fade over the years [4]. Therefore, we need to find the appli-
cation of LMO, LTO, and LiNiMO for the advancement of the science and
technology of the lithium insertion materials having spinel-framework structure
[34–36].

Twelve-volt lead-acid batteries are commonly used for automobile and stationary
applications. Since 1859, lead-acid batteries have improved in their performance
and have been established as among the most important secondary batteries. The
energy density of 12-V lead-acid batteries ranges from 20 to 30 Wh kg−1 depending
on the application. In 12-V lead-acid batteries, six cells are connected in series,
since a single cell exhibits 2 V of operating voltage, which is the highest value
among aqueous batteries. The cell reaction is usually described as the double-sulfate
theory, i.e., PbO2 + Pb + 2H2SO4 → 2PbSO4 + 2H2O.

The discharge product is PbSO4 at both positive and negative electrodes. Both
electrodes expand upon discharge because of the destruction of the crystal structure
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Table 2.4 Charge-end and discharge-end voltages together
with operating voltage (nominal voltage for practical battery)
of the unit cell required for the 12-V batteries.

Number of Charge-end voltage Nominal voltage Discharge-end voltage
cells (14.4 V) (12 V) (10.2 V)

3 4.8 4.0 3.40
4 3.6 3.0 2.55
5 2.9 2.4 2.04
6 2.4 2.0 1.70

of PbO2 and Pb and the formation of PbSO4. Such dimensional instability of both
electrodes causes cycling failure, which is a key issue in lead-acid batteries. As
regards the electrolyte in a lead-acid battery, H2SO4 is consumed on discharge
and reproduced on charge. However, 100% H2SO4 cannot be used in lead-acid
battery because of corrosion problems. Diluted H2SO4 having specific gravity
of about 1.2, i.e., about 3.5 M H2SO4, which is called flooded electrolyte, is used
in commercialized lead-acid batteries. Since sufficient amount of electrolyte is
necessary to react with both electrodes in a cell, such diluted electrolyte largely
reduces specific capacities both in ampere hours per kilogram and per cubic
decimeter and, consequently, energy densities in watt hours per kilogram and per
cubic decimeter.

As briefly described, lead-acid batteries may not be appropriate for advanced
automobile and stationary applications, such as batteries for lightweight eco-cars,
electric vehicles (EVs), uninterruptible power supply (UPS), and solar or wind
power generation systems. There seems to be no room for improvement in the
performance including energy density. The charge-end voltage of 12-V lead-acid
batteries is typically 14.4 V (maximum 14.8 V). The discharge-end voltage is 10.2 V
for 5-hour rate or 7.2 V when the burst of energy is supplied for short period
of time. The 12-V lead-acid batteries are never fully discharged, which is the
end of cell life. The charge and discharge at 5-hour rate are high for lead-acid
batteries because of extremely slow convection and diffusion of sulfuric acid
produced or consumed at the positive and negative electrodes. Table 2.4 sum-
marizes the unit cell required for the construction of 12-V batteries. When the
12-V batteries are designed using five cells connected in series, an operating
voltage ranging from 2.0 to 2.9 V is required with nominal voltage of 2.4 V, and
an operating voltage of 2.55–3.6 V is required for the series connection of four
cells. As clearly seen in Table 2.4, current lithium-ion battery consisting of LiCoO2

and graphite cannot be applied to 12-V batteries, because the battery is oper-
ated in voltages of 3.0–4.2 V with a nominal voltage of 3.7 V. In this section,
12-V ‘‘lead-free’’ accumulators consisting of LTO and LMO (or LiNiMO) are
described.
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Fig. 2.18 Voltage profiles for the lithium insertion materials
having spinel-framework structure: (a) LiNiMO, (b) LAMO,
and (c) LTO. The diffused line at about 0.5 V is the targeted
voltage of a negative electrode for 12-V batteries in which
three cells are connected in series (see in text).

2.5.1
Twelve-Volt Batteries Consisting of Lithium Titanium Oxide (LTO) and Lithium
Manganese Oxide (LMO)

Figure 2.18 shows the charge and discharge curves of LTO, LMO, and LiNiMO
having spinel-framework structure. The combination of LTO and LMO gives a 2.5-V
battery, which is well suited to the condition required for the construction of 12-V
batteries. Figure 2.19 shows the charge and discharge curves of LTO/LAMO cell
operated in voltage of 1.0–3.0 V. LAMO stands for lithium aluminum manganese
oxide [37]. To stabilize LMO, aluminum is added in the spinel-framework structure.
According to the results of prototype cells (31.95-mm diameter and 122.05-mm
height), the cell delivers 6 Ah with nominal voltage of 2.5 V with excellent cycle
life more than 3600 cycles. The calculated energy densities are 70 Wh kg−1 and
150 Wh dm−3, which are far lower than those of current lithium-ion battery
consisting of LiCoO2 and graphite. However, the 12-V batteries consisting of
LTO and LAMO have about three times larger gravimetric and volumetric energy
densities than the 12-V lead-acid batteries. This means that one can apply the 12-V
batteries of LTO and LAMO without the modification of current electronic circuits
with reducing battery weight and volume by one-third while the ampere-hour
capacity remains the same.

The operating voltage of LTO is about 1.5 V higher than that of lithium,
so that there is no risk on lithium deposition even at high rate charge. In
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Fig. 2.19 Charge and discharge curves of an
LTO/LAMO cell operated at 0.33 mA cm−2 in
voltages of 1.0–3.0 V. The positive and nega-
tive electrodes consisted of 88 wt% of LAMO
or LTO, 6 wt% of AB, and 6 wt% of PVdF.
The weight and thickness of electrode mix
was respectively 77.8 mg and 150 µm for the

positive electrode and 49.9 mg and 139 µm
for the negative electrode. Capacity ratio of
Qp/Qn is 0.92, i.e., positive electrode-limited
capacity. The electrolyte used was 1 M LiPF6

dissolved in EC/DMC solution (3/7 by vol-
ume). Two sheets of polypropylene nonwo-
ven clothes were used as a separator.

12-V batteries of LTO and LAMO, nonwoven cloth can be used as separator
substituting for microporous membrane specially designed for lithium batter-
ies. Aluminum substrate can be used for both positive and negative electrodes,
which enable us to make lightweight batteries. While the 12-V lead-acid bat-
teries cannot be discharged to 0 V, the 12-V batteries consisting of LTO and
LAMO can be discharged to 0 V. Zero-volt storage is also possible for the
12-V batteries of LTO and LAMO if the material is well balanced for 0-V
storage, which may help safe transport of 12-V batteries. The batteries can
be operated in temperatures ranging from −30 to 85◦C by selecting suitable
electrolytes.

As described above, the 12-V batteries consisting of LTO and LAMO have several
merits when compared to the 12-V lead-acid batteries. Figure 2.20 shows the pulse
discharge curve of the LTO/LAMO cell. The cell delivers a burst of energy for a
short period of time to start an engine at any state of charge. In addition to high
power discharge, the 12-V batteries consisting of LTO and LAMO can accept high
power input. Therefore, these 12-V batteries can also be used as power sources for
HEVs or PEVs.
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Fig. 2.20 The pulse discharge curve of an
LTO/LAMO cell operated at 12.2 mA cm−2

(1 A g−1 based on LTO weight and 0.57 A g−1

based on LAMO) for 5 seconds current on
and 25 seconds off. The electrodes consisted
of 88 wt% of LAMO or LTO, 6 wt% of AB,
and 6 wt% of PVdF. The weight of electrode

mix was 73.2 mg for LAMO and 41.6 mg for
LTO. The electrolyte used was 1 M LiPF6 dis-
solved in ethylene carbonate (EC)/dimethyl
carbonate (DMC) solution (3/7 by volume).
Two sheets of polypropylene nonwoven cloth
were used as a separator.

2.5.2
Twelve-Volt Batteries Consisting of Lithium Titanium Oxide (LTO) and Lithium Nickel
Manganese Oxide (LiNiMO)

As seen in Figure 2.18, the combination of LTO and Li[Ni1/2Mn3/2]O4 (LiNiMO)
gives a 3.1-V battery [38–40] that is well suited to the requirement of the unit
cell for 12-V batteries in Table 2.4. Figure 2.21 shows the charge and discharge
curves of the LTO/LiNiMO cell. When four cells are connected in series, 12-V
batteries can be made. A characteristic feature of the 12-V batteries consisting
of LTO and LiNiMO is the flat operating voltage of about 12.5 V. Theoretical
capacities of LTO and LiNiMO are respectively 175 mAh g−1 (610 mAh cm−3)
and 147 mAh g−1 (655 mAh cm−3). Volumetric specific capacities of LTO and
LiNiMO are almost the same because of the same lithium insertion scheme
of spinel-framework structure. Electrodes with the same thickness between the
positive and negative electrodes on an aluminum substrate may help improve cell
performance. Electrode thickness of positive and negative electrodes is usually
different because of the different volumetric specific capacities, so that electrode
configuration is usually asymmetric in terms of thickness, leading to the limit
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Fig. 2.21 Charge and discharge curves of an
LTO/LiNiMO cell operated at 0.33 mA cm−2

in voltages of 1.0–3.6 V. The positive and
negative electrodes consisted of 88 wt% of
LiNiMO or LTO, 6 wt% of AB, and 6 wt%
of PVdF. The weight and thickness of elec-
trode mix were 73.1 mg and 138 µm for
positive electrode, respectively, and 62.4 mg

and 172 µm for negative electrode. Capac-
ity ratio of Qp/Qn was 0.90, i.e., positive
electrode-limited capacity. The electrolyte
used was 1 M LiPF6 dissolved in EC/DMC
solution (3/7 by volume). Two sheets of
polypropylene nonwoven clothes were used
as a separator.

of lithium-ion migration and diffusion in pores inside the positive or negative
electrode.

The calculated energy densities of 12-V batteries consisting of LTO and LiNiMO
are 250 Wh kg−1 and 980 Wh dm−3, which are higher than those for 12-V batteries
consisting of LTO and LAMO. High energy density 12-V batteries can be expected.
Because the operating voltage of LiNiMO is about 4.7 V versus Li, many people
believe that there is no stable electrolyte to operate such a high-voltage positive
electrode for thousands of cycles. The fact is that the LTO/LiNiMO cell with 1 M
LiPF6 ethylene carbonate (EC)/dimethyl carbonate (DMC) (3/7 by volume) can
stably cycle for more than 2000 cycles at room temperature [40]. Figure 2.22 shows
the charge and discharge curves of the LTO/LiNiMO cell operated at 3.33 mA cm−2,
corresponding to 259 mA g−1 based on LiNiMO and 216 mA g−1 based on LTO. The
method of preparation of LiNiMO has been improved for long-life medium-power
application [40]. Although the material and electrolyte have to be improved, the
12-V batteries consisting of LTO and LiNiMO can be used as high energy density
12-V batteries especially for medium-power application, such as wind or solar
power generation system in off-grid remote areas.
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Fig. 2.22 Two thousand-cycle tests for an
LTO/LiNiMO cell operated at 3.33 mA cm−2

corresponding to 259 mA g−1 based on
LiNiMO and 216 mA g−1 based on LTO. Se-
lected charge and discharge curves at (a)
100th, (b) 1000th, and (c) 2000th cycles
are shown. Coulombs in and out for each

cycle observed for the 2000-cycle tests of
the lithium-ion battery of LiNiMO and LTO
are also shown in inset of figure. The elec-
trode mix consisted of 88 wt% of LiNiMO or
LTO, 6 wt% of AB, and 6 wt% of PVdF. The
electrolyte used was 1 M LiPF6 dissolved in
EC/DMC solution (3/7 by volume).

2.6
Concluding Remarks

In this chapter, we have dealt with lithium insertion materials having spinel-
framework structure. Recent market demands for advanced batteries emphasize
not only high energy density but also very high power density for both charge
and discharge, especially in power tools, EV, and HEV applications. Although we
described only the basic concept of 12-V batteries consisting of lithium insertion
materials having spinel-framework structure, new concepts, and approaches from
different angles have become more important than was previously recognized.
There is a challenge for the materials chemist to develop innovative concepts to
extend specific ampere-hour capacity with characteristic low or high operating
voltage and to increase power density.

It should be noted here that 12-V batteries with different chemistries including
12-V lead-acid batteries should be appear on the market. The combination of
LTO and LAMO reported in 2006 represents the first generation of 12-V lead-free
accumulators, and the electrode couple of LTO and LiNiMO may be considered to
be the second generation of the 12-V batteries. The negative electrode for both cells
is based on the zero-strain lithium insertion material of the LTO Li[Li1/3Ti5/3]O4.
Positive-electrode material has been improved for 12-V batteries from LAMO to
LiNiMO. The great success in handling a high-voltage (4.7 V versus Li) positive
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electrode of LiNiMO described here make the other 12-V batteries in which three
cells connected in series possible, although we need a lithium insertion material
whose operating voltage is about 0.5 V versus Li. Such a low operating voltage of
0.5 V versus Li, marked by pale black line in Figure 2.18, is usually neglected in
research so far. We have to accept such a challenge to find the stable negative
electrodes operated at around 0.5 V versus Li and to establish the science and
technology of the third generation of 12-V batteries in which three cells are
connected in series.

The consumers are not interested in chemistry inside the batteries. If the
consumers accept 12-V batteries with a certain chemistry, the applications of such
batteries will be extended. If not, such batteries will become obsolete. In our society,
this depends on people’s selection, which cannot be correctly predicted at present.
A bright future in science and technology relating to advanced batteries can only
be expected through continuing basic and applied research on lithium insertion
materials, and, more generally, insertion materials.
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3
Overlithiated Li1+x(NizCo1−2zMnz)1−xO2 as Positive Electrode
Materials for Lithium-Ion Batteries

Naoaki Kumagai and Jung-Min Kim

3.1
Introduction

Lithium-ion secondary batteries (LIBs) have become important power sources for
portable electronics and electric vehicles because of their high energy densities.
An LIB is mainly composed of a positive electrode, a nonaqueous electrolyte, and a
negative electrode. Among them, the positive electrode material largely contributes
to factors such as toxicity, cost, thermal safety, energy density, and power density,
all of which affect the performance of the battery. Among various positive electrode
materials, LiCoO2 is most widely used owing to its ease of synthesis, an acceptable
specific capacity, and high C rate performance. However, the relatively high cost
of cobalt and concerns about toxicity and thermal safety of LiCoO2 have lead to the
development of other alternate materials.

Recently, LiNizCo1−2zMnzO2 materials have been investigated as promising
positive electrode materials for LIBs in which cobalt ions are simultaneously
substituted by nickel and manganese ions while preserving the α-NaFeO2 structure
[1–6]. The materials can be regarded as solid solutions of LiNiO2, LiCoO2, and
LiMnO2, in which the transition metals are trivalent in all three materials. The
transition metals found in LiNizCo1−2zMnzO2 materials are Ni2+, Co3+, and
Mn4+. The electrochemical lithium deintercalation–intercalation processes of these
materials are mainly accompanied by the Ni2+/4+ and Co3+/4+ redox reactions,
whereas Mn4+ ions do not participate in the electrochemical redox reaction.

It is commonly believed that the double substitution of Ni and Mn for Co benefits
material economy. However, the C rate performance of LiNizCo1−2zMnzO2 tends
to degrade with decreasing Co content. Sun et al. [6] have reported that the
rate performance of LiNizCo1−2zMnzO2 material rapidly falls with decreasing Co
content, especially when it is <0.3 mol even though the electric conductivities
of the materials are independent of the Co content. On the other hand, the Li+

ion diffusion coefficient of Li(NizCo1−2zMnz)O2 decreases with decreasing Co
content [7]. One of the reasons for the degradation of the rate performance of
LiNizCo1−2zMnzO2 with decreasing Co content (increasing Ni and/or Mn content)
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is the structural disordering – the so-called cation mixing; Ni2+ can readily
exchange its structural site for Li+ owing to similar ionic radii of Ni2+ (r = 0.69 Å
[8]) and Li+ (0.74 Å [8]) in these materials. For example, about 11 and 6% cation
mixing have been reported in LiNi1/2Mn1/2O2 [9–11] and LiNi1/3Co1/3Mn1/3O2 [5],
respectively. Whittingham has mentioned that the degree of the cation mixing in the
LiNiyCo1−y−zMnzO2 materials tends to increase as the ratio of Co/Ni decreases [12].

Recently, Li+ substitution for transition metals in Li1+x(NizCo1−2zMnz)1−xO2,
so-called overlithiation, was introduced to improve their structural integrity and
electrochemical performances [11, 13–18]. The overlithiation procedure was used
to stabilize structures of positive electrode materials. For example, (i) Li+ substi-
tution for Mn in Li1+xMn2−xO4 increases the relative Mn4+ ion concentration in
the spinel structure, which suppresses the manganese dissolution into electrolytes
[19–21]; and (ii) the charge curves of Li1+xCoO2 (x and > 0) do not present the mon-
oclinic distortion upon deintercalation, which is observed in lithium stoichiometric
LiCoO2 [22]. In this chapter, we introduce the overlithiation effects on the structure
and electrochemical properties of the Li1+x(NizCo1−2zMnz)1−xO2 materials (0 and
<z ≤ 1/2).

3.2
Co-Free Li1+x(Ni1/2Mn1/2)1−xO2

Recently, Co-free Li(Ni1/2Mn1/2)O2 has become attractive as positive electrode
material for LIBs owing to its lower cost, greater stability at high voltage, and
better thermal stability than LiCoO2 [3, 9, 23–28]. Li(Ni1/2Mn1/2)O2 has a layered
structure, similar to LiCoO2, with complex cation orderings [9]. On the basis of
theoretical calculations and spectroscopic studies, it is now widely accepted that
the Ni and Mn ions have oxidation states of +2 and +4, respectively. Ohzuku
[3] have reported that Li(Ni1/2Mn1/2)O2 electrodes deliver a reversible capacity
of 150 mAh g−1 (2.5–4.3 V; 0.1 mA cm−2) and show a milder thermal runaway
than those of LiCoO2 at fully charged state. Although the material shows a high
reversible capacity at a very low rate, the high rate performance of the material
does not meet commercial needs due to structural ordering (cation mixing). Kang
et al. [9] have reported that the rate performance of Li(Ni1/2Mn1/2)O2 having a low
cation mixing of 4.3% is superior to that of the material having a cation mixing of
10.9%. This result implies that the structural ordering of this material should be
reduced to improve its electrochemical properties.

To improve structural integrity, overlithiation is introduced into the material.
Figure 3.1 shows neutron diffraction data and Rietveld refinement results of the
overlithiated Li1+x(Ni1/2Mn1/2)1−xO2 prepared by an emulsion drying method
[10]. The refinement results show a good agreement between the observed and
calculated patterns based on α-NaFeO2 structure. It is found that the cation mixing
is 7.3% for Li(Ni1/2Mn1/2)O2 and 2.6% for Li1.06(Ni1/2Mn1/2)0.94O2 and that the
excess lithium is located in the transition metal layer. Recently, Kang et al. [16]
have also reported that the cation mixing decreases from 10.4 to 2.4% when x in
Li1+x(Ni1/2Mn1/2)1−xO2 increases from 0 to 0.15.
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Fig. 3.1 Neutron diffraction patterns of (a) Li(Ni1/2Mn1/2)O2

and (b) Li1.06(Ni1/2Mn1/2)0.94O2.

If excess lithium substitutes for the transition metals in Li(Ni1/2Mn1/2)O2 and
there is no oxygen deficiency, the oxidation of the transition metals would account
for charge compensation. In this case, Li1+x(Ni1/2Mn1/2)1−xO2 could be rewritten
as Li[(Ni1/2Mn1/2)1−xLix]O2 in α-NaFeO2 structure notation. Figure 3.2 shows the
Ni and Mn K-edge X-ray absorption near edge spectroscopy (XANES) spectra of
Li(Ni1/2Mn1/2)O2 and Li[(Ni1/2Mn1/2)0.94Li0.06]O2 to compare the oxidation states
of the absorber atoms in both the materials. The Ni K-edge spectra of the materials
are compared with those of the spinel LiNi0.5Mn1.5O4 and layered LiNiO2, where
the average oxidation states of Ni are +2 and +3, respectively. The spectrum of
Ni for Li(Ni1/2Mn1/2)O2 is close to that of LiNi0.5Mn1.5O4, suggesting that the
oxidation state of Ni in Li(Ni1/2Mn1/2)O2 is close to +2. However, the spectrum
for Li[(Ni1/2Mn1/2)0.94Li0.06]O2 is shifted slightly toward a higher energy position
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Fig. 3.2 (a) Ni K-edge and (b) Mn K-edge XANES spectra
for Li(Ni1/2Mn1/2)O2 and Li[(Ni1/2Mn1/2)0.94Li0.06]O2.

relative to the Li(Ni1/2Mn1/2)O2. This result implies that the oxidation state of Ni in
Li[(Ni1/2Mn1/2)0.94Li0.06]O2 is greater than that in Li(Ni1/2Mn1/2)O2, but lower than
that in LiNiO2. For Mn K-edge spectra, the synthesized materials are compared with
the orthorhombic LiMnO2 and the rock-salt type Li2MnO3, where the oxidation
states of Mn are +3 and +4, respectively. The Mn K-edge spectra of both the
materials are practically identical to that of Li2MnO3, indicating that the Mn ion is
tetravalent in both materials.

The oxidation of transition metals would result in changes in the lattice parame-
ters. Figure 3.3 shows variations in the lattice parameters of the Li[(Ni1/2Mn1/2)1−x

Lix]O2 (x = 0–0.06). With an increase in the Li content in the transition metal layer,
the a- and c-axis constants and unit-cell volume decrease monotonically without
changes in the c/a ratios. As observed by XANES in Figure 3.2, the oxidation
state of Ni for Li[(Ni1/2Mn1/2)0.94Li0.06]O2 is slightly higher relative to that for
Li(Ni1/2Mn1/2)O2, which indicates that a larger amount of Ni3+ is contained in
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Fig. 3.3 Variations in lattice parameters and c/a ratios of Li[(Ni1/2Mn1/2)1−xLix ]O2.

Li[(Ni1/2Mn1/2)0.94Li0.06]O2 compared to Li(Ni1/2Mn1/2)O2. When the ionic radii of
Ni2+ (0.69 Å [8]) and Ni3+ (0.56 Å [8]) are taken into account, it is reasonable to think
that the formation of the smaller Ni3+ and the suppression of cation mixing by
excess Li incorporation into the oxide matrix led to the linear decrease in the lattice
parameters. Such a linear variation in the lattice parameter is usually observed
in solid solution by following Vegard’s law, suggesting that excess lithium readily
substitutes for the Ni and Mn.

The changes in the structural integrity and oxidation states of the transition
metals by the overlithiation affect the electrochemical properties of the materials.
Figure 3.4 shows the continuous charge and discharge curves of Li(Ni1/2Mn1/2)O2

and Li[(Ni1/2Mn1/2)0.94Li0.06]O2. For Li(Ni1/2Mn1/2)O2, the capacity fades gradually
as the cycle progresses. In addition, the operation voltage drops gradually during
cycling On the other hand, Li[(Ni1/2Mn1/2)0.94Li0.06]O2 retains its initial capacity
well through 50 cycles, and the capacity retention is approximately 95%. The
Li/Li[(Ni1/2Mn1/2)0.94Li0.06]O2 cell also shows much less of a decrease in the
operation voltage upon cycling. Kang et al. [16] have reported that the C rate
capability improves significantly with increase in lithium excess. The improved
rate capability and cyclability of the overlithiated materials could be attributed to
the reduced Ni content in the lithium layer and the improved Li+ ion diffusivity.
The thermal stability of the charged electrode with electrolyte is enhanced slightly
by the overlithiation [11].
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Fig. 3.4 Continuous charge and discharge curves of (a)
Li/Li(Ni1/2Mn1/2)O2 and (b) Li/Li[(Ni1/2Mn1/2)0.94Li0.06]O2

cells. The applied current density across the positive
electrode is 20 mA g−1 at 25◦C.

3.3
Li1+x(Ni1/3Co1/3Mn1/3)1−xO2

Li(Ni1/3Co1/3Mn1/3)O2 is an attractive material for LIBs owing to its higher
reversible capacity and small Co content, and it has been intensively investigated
by many researchers and battery developers. On the basis of computational and
experimental studies, it is now accepted that Li(Ni1/3Co1/3Mn1/3)O2 has Ni2+,
Co3+, and Mn4+ ions and the intercalation and deintercalation processes of
Li+ ions are accompanied by redox reactions of Ni2+/4+ and Co3+/4+, whereas
Mn4+ does not participate in the process [4, 5, 29, 30]. The use of overlithiated
Li1+x(Ni1/3Co1/3Mn1/3)1−xO2 materials have also been studied to improve electro-
chemical performances [13, 31–34]. Figure 3.5 shows the X-ray diffraction (XRD)
patterns and changes in the lattice parameters of the Li1+x(Ni1/3Co1/3Mn1/3)1−xO2

materials synthesized by a spray-drying method. The main intense diffraction peaks
could be indexed on the basis of a hexagonal structure, and the hexagonal lattice
parameters of Li1+x(Ni1/3Co1/3Mn1/3)1−xO2 gradually decrease with increasing x as
does Li1+x(Ni1/2Mn1/2)1−xO2. X-ray photoelectron spectroscopy (XPS) and XANES
studies reveal that one of the reasons for the decrease in the lattice parameters
of the material with increasing x is the oxidation of Ni2+ ions to Ni3+ ions for
charge compensation [32, 34]. Figure 3.6 shows the charge–discharge curves of
Li/Li1+x(Ni1/3Co1/3Mn1/3)1−xO2 cells. All the cells show a similar cycle curve, but
the discharge capacity of the cells increases with increase in the value of x when
the cells are cycled between 4.5 and 2.8 V versus Li/Li+, whereas the reversible
capacity of Li/Li1+x(Ni1/3Co1/3Mn1/3)1−xO2 cells gradually decreases when the
cells are cycled between 4.3 and 3.0 V [13]. The overlithiated materials, however,
show better capacity retention than the lithium stoichiometric in both the cases.
Furthermore, the C rate performance of the Li/Li1+x(Ni1/3Co1/3Mn1/3)1−xO2 cell
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Fig. 3.5 (a) XRD patterns of Li1+x(Ni1/3Co1/3Mn1/3)1−xO2

(x = 0.00–0.17) materials calcined at 950◦C for 24 hours in
air and (b) changes in their hexagonal lattice parameters.

improves with increasing x-value. Figure 3.7 shows the C rate performance of
Li/Li1+x(Ni1/3Co1/3Mn1/3)1−xO2 cells. The rate capability significantly improves
with increasing amounts of excess lithium. This improvement in the cell per-
formances could be attributed to increasing structural ordering and electronic
conductivity [17, 18].

On the basis of results from first-principle calculations, [29], Li(Ni1/3Co1/3Mn1/3)
O2 show smaller changes in the lattice parameters than LiCoO2 and LiNiO2 during
lithium extraction. Structural studies [35] reveal that Li1−y(Ni1/3Co1/3Mn1/3)O2

maintains the initial O3 phase (trigonal, R3m; ABCABC oxygen stacking sequence
perpendicular to chex axis) up to 0.70–0.75 mol of Li+ extraction and an additional
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Fig. 3.6 Continuous charge and discharge curves of
Li1+x(Ni1/3Co1/3Mn1/3)1−xO2 (x = 0.00–0.17) materials
cycled between 4.5 and 2.8 V versus Li/Li+ with a current
density of 30 mA g−1 in 1.0 M LiPF6/ethylene carbonate
(EC)–diethylene carbonate (DEC) (1 : 2 in volume) at 25◦C.

Fig. 3.7 C rates versus discharge capacities of
Li1+x(Ni1/3Co1/3Mn1/3)1−xO2 (x = 0.00–0.17) materials.

Li+ extraction results in the appearance of the O1 phase (trigonal, P-3 m1; ABAB oxy-
gen stacking sequence). Structural modification of Li1+x(Ni1/3Co1/3Mn1/3)1−xO2 is
due to the overlithiation. The overlithiated materials retain the pristine structure
and show smaller volume change than the lithium stoichiometric one. Figure 3.8
shows ex situ XRD patterns of the Li1+x(Ni1/3Co1/3Mn1/3)1−xO2 materials at the
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Fig. 3.8 Ex situ XRD patterns of
the pristine, the first charged and
discharged, and fifth charged states for
Li1+x(Ni1/3Co1/3Mn1/3)1−xO2 materials with
x = (a) 0.00, (b) 0.11, and (c) 0.17. The
materials were cycled using CC–CV (con-
stant current–constant voltage) mode with

about 1/100 C rate until the capacity reached
to the theoretical value of 1. Al in the XRD
patterns indicates an aluminum foil current
collector, which was used as an internal
standard for calibration. The new peaks are
marked by the asterisk.
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Fig. 3.9 The variations in the
hexagonal lattice parameters (ahex

and chex) and unit-cell volume for
Li1+x−y(Ni1/3Co1/3Mn1/3)1−xO2 (x = 0.00,
0.11, and 0.17) during the initial charge. The

y values in Li1+x−y(Ni1/3Co1/3Mn1/3)1−xO2

material was estimated based on the charge
capacities, and a possible error of the y
value is in the range −0.02 to +0.02.

fully charged and discharged states in comparison with pristine materials. The
lithium stoichiometric material shows a significant (003) peak broadening and a
new peak relating with O1 phase emerges around 19.32◦ in 2θ (d ∼ 4.59 Å) at the
first fully charged state, and the new peak disappears at the first fully discharged
state, whereas the overlithiated materials show no new peak during the first cycle.
At the fifth charged state, the new peak is intensified for the lithium stoichiometric
material. A similar peak is observed at the fifth charge for the overlithiated material
with x = 0.11, whereas the overlithiated material with x = 0.17 shows no new peak.
Figure 3.9 shows the changes in the lattice parameters of the materials during the
first electrochemical lithium extraction. The overlithiated materials show smaller
changes in lattice parameters and unit-cell volume than those of the stoichiometric
one. Besides, the volume decreases with increasing x-value.

3.4
Other Li1+x(NizCo1−2zMnz)1−xO2 Materials

Recently, other overlithiated Li1+x(NizCo1−2zMnz)1−xO2 materials have also been
reported. Tran et al. [15] have reported that Li1+x(Ni0.425Co0.15Mn0.425)1−xO2 (x =
0.00–0.12) materials having an R3m structure show a decrease in the Ni occupancy
in the Li layer with increasing x-value. Redox titrations and XPS spectra of the
transition metals show the oxidation of Ni2+ ions into Ni3+ ions with increasing
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Fig. 3.10 Capacity versus cycle number for
Li/Li1+x(Ni0.3Co0.4Mn0.3)1−xO2 (x = 0 and 0.06) cells
cycled in the voltage windows of (a) 4.3–2.8, (b) 4.5–2.8,
and (c) 4.7–2.0 V versus Li/Li+. The open and closed
symbols represent charge and discharge capacities,
respectively.

overlithiation for the materials; the manganese and cobalt ions are at the tetravalent
and trivalent states, respectively. This material also shows a decrease in the Ni
occupancy in the Li layer with increasing overlithiation as confirmed by the
magnetic measurements and structural refinement results [15]. The electronic
conductivities of these materials increase with overlithiation, which is attributed to
a hopping between Ni2+ and Ni3+ ions [15]. However, they found that the thermal
stability of the charged electrode with electrolyte is degraded by the overlithiation
[15], which is in contrast to the result with Li1+x(Ni1/2Mn1/2)1−xO2 [11].

Li1+x(Ni0.4Co0.3Mn0.4)1−xO2 materials also show improved electrochemical prop-
erties with overlithiation [36]. Figure 3.10 shows the capacity retention character-
istics of Li1+x(Ni0.4Co0.3Mn0.4)1−xO2 (x = 0.00 and 0.06) materials under different
operating voltage windows. The overlithiated material shows better cycling be-
havior than the stoichiometric one in all the operating voltage windows, and
conspicuous overlithiation effect on the cycling behavior is observed when the
materials are cycled with a higher voltage. Shizuka et al. [17] have reported that
the C rate performances of Li1+x(NizCo1−2zMnz)1−xO2 materials (x = 0.00–0.20
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Fig. 3.11 Continuous charge and discharge
curves of Li/Li1+x(NizCo1−2zMnz)1−xO2 cells
with (a) z = 0.1 and x = 0.00, (b) z = 0.1
and x = 0.05, (c) z = 0.2 and x = 0.00, (d)
z = 0.2 and x = 0.07, (e) z = 0.3 and x =
0.00, (f) z = 0.3 and x = 0.07, (g) z = 0.4

and x = 0.00, and (f) z = 0.4 and x = 0.05
cycled between 4.5 and 2.8 V versus Li/Li+

with a current density of 30 mA g−1 in 1.0 M
LiPF6/ethylene carbonate (EC)–dimethyl car-
bonate (DMC) (3 : 7 in volume) at 25◦C.

and z = 0.33–0.475) deteriorate with decreasing Co amount but are improved
with increasing overlithiation, relating to both the cation mixing and the electrical
conductivity associated with composition variations.

Recently, we have investigated the effects of overlithiation on the cell per-
formances of the Li1+x(NizCo1−2zMnz)1−xO2 materials with different Co/(Ni
+ Mn) ratios. Figure 3.11 shows the continuous charge–discharge curves of
Li/Li1+x(NizCo1−2zMnz)1−xO2 material (z = 0.10–0.40) cells. It is found that the
capacity retention ability of the material with a Co/(Ni+Mn) ratio <1 (z = 0.10 and
0.20) is improved by overlithiation, whereas it deteriorates when the Co/(Ni+Mn)
ratio is >1.

3.5
Conclusion

The overlithiation of Li1+x(NizCo1−2zMnz)1−xO2 causes (i) the oxidation of Ni
ions for charge compensation, (ii) decreasing Ni amount in the Li layer, and (iii)
increasing electronic conductivity caused by the electronic hopping between Ni2+

and Ni3+ ions. It seems that overlithiation of Li1+x(NizCo1−2zMnz)1−xO2 materials
improves the structural integrity and electrochemical properties but the effects are
more pronounced in materials with higher Ni and Mn content. On the basis of the
literature available, it is suggested that overlithiation of Li1+x(NizCo1−2zMnz)1−xO2

materials (0.3 ≤ z ≤ 0.5) would be an effective way to improve their electrochemical
performances. These materials can be adopted as new positive electrode materials
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of LIBs for high power consumption electronics or electric vehicles after adjusting
the excess lithium amount to obtain the best battery performances.
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4

Iron-Based Rare-Metal-Free Cathodes

Shigeto Okada and Jun-ichi Yamaki

4.1
Introduction

Ever since the commercialization of lithium-ion batteries that use a layered rocksalt
cathode such as LiCoO2 [1], batteries using first-generation 4-V transition-metal
oxide cathodes have been widely applied in various portable electronic products
such as cellular phones, notebook PCs, and camcorders, owing to the strong
demand for downsizing in these markets. Unfortunately, all 4-V-class rechargeable
cathodes, that is, LiCoO2, LiNiO2, and LiMn2O4, have the essential problems of cost
and adverse environmental impact, because these cathodes commonly include rare
metals as the redox center. Furthermore, the unusual valence state of Co4+ or Ni4+

on fully charged LiCoO2 or LiNiO2 and Jahn–Teller unstable Mn3+ (3 d4:t3
2g↑e1

g↑)
high-spin state on discharged LiMn2O4 are factors of concern with regard to the
thermal and chemical stability of these cathodes. Actually, even almost 20 years
after the commercialization of the Li-ion battery, new recall reports calling into
question the reliability of Li-ion batteries are often heard. Finding solutions to
the problems of economical efficiency and safety is of paramount importance,
especially for the use of lithium-ion batteries in electric vehicles (EV). Transition
metals are key elements of cathode-active material, but most of them are rare
metals, with the exception of iron and titanium. Figure 4.1 shows element content
in the Earth’s crust, namely, the Clarke numbers. The inclined zigzag line indicates
the unstable elements with odd atomic number, and as the figure shows, heavy
metals are rare in the earth. If we use LiCoO2 as the cathode for EV, we cannot
produce more than 1 × 106 vehicles per year, because cobalt production per year
worldwide is only 5 × 104 t, and one EV needs 50 kg cobalt. At present, 25% of the
annual production of cobalt in the world is consumed in Japan and 70% of this is
used in Li-ion batteries every year. The cobalt resources in the Earth’s crust will
be exhausted during this century, if cobalt-based cathode is selected for use in the
large-scale Li-ion batteries of EV.

To solve these intrinsic problems, we have turned our attention, in this chapter,
to rare-metal-free cathodes with low cost and low environmental impact.

Lithium Ion Rechargeable Batteries. Edited by Kazunori Ozawa
Copyright  2009 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
ISBN: 978-3-527-31983-1
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Fig. 4.1 Clarke numbers.

4.2
2D Layered Rocksalt-Type Oxide Cathode

AMO2 compounds such as LiCoO2 and LiNiO2 have layered rocksalt structure
as the stable phase, and they show good cathode utilization, because the layered
rocksalt structure has two-dimensional lithium diffusion layers in the matrix.
From an environmental point of view, iron is the most attractive redox couple,
but, unfortunately, we cannot obtain stable layered rocksalt LiFeO2. To obtain the
layered rocksalt structure, we have to avoid cation mixing between A and M in
AMO2. However, similar sized cations tend to mix with each other, leading to a
disordered rocksalt structure. This means that the stable structure can be predicted
by the cation radius ratio of A versus M, as shown in Figure 4.2. Generally, redox
ions with a smaller radius make the layer character more stable. The empirical
criterion for the layered rocksalt structure is a cation radius ratio rA/rM > 1.23. In
the case of a lithium system, LiFeO2 and LiMnO2 are located on the dotted border
between the layered and disordered structures in Figure 4.2. On the other hand, in
the case of a sodium system, all 3d metals bring the layered rocksalt structure to a
stable phase, because of the larger sodium ion. This criterion works not only in the
binary oxide, but also in the ternary and quaternary oxides, as shown in Table 4.1
[2–7].

These sodium systems included layered rocksalt oxides with an R 3m space
group that can be easily obtained by the conventional method of solid-state reaction
in air. The first discharge profiles in sodium cells are shown in Figure 4.3.
Although the capacity of NaFeO2 is restricted to 80 mAh g−1, the flat discharge
profile is similar to that of isostructural LiCoO2. In addition, it is worth noting that
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Fig. 4.2 Structure field map for AMO2.

Na/NaFeO2 is a rare example of the rare-metal-free battery systems combined with
an abundant sodium anode and a ferric oxide cathode as shown in Figure 4.1. The
3.3-V discharge plateau against the sodium anode indicates that layered rocksalt
LiFeO2 would exhibit a 4-V flat plateau versus Li+/Li, if it could be synthesized. In
the case of the ternary systems, NaNi0.5Fe0.5O2 and NaNi0.5Ti0.5O2, the flatness of
the 3.3-V plateau was lost. However, they showed a larger capacity of more than
100 mAh g−1. In particular, it is interesting that the capacity of NaNi0.5Ti0.5O2 in
a sodium cell is larger than that of LiTi0.5Ni0.5O2 in a lithium cell, as shown in
Table 4.1. It was found that the two-dimensional A-cation layer in α-NaFeO2 type
cathodes have a sufficient diffusion field not only for lithium, but also for larger
sodium intercalants.

In the initial NaFeO2, Fe3+ high-spin state (IS = 0.37 mm s−1, QS = 0.46 mm s−1)
was confirmed by 57Fe Mössbauer spectroscopy. On the other hand, a trace of Fe4+

(IS = 0.05 mm s−1, QS = 0.55 mm s−1) could be observed in charged NaFeO2

cathode pellets as shown in Figure 4.4. On the other hand, it was confirmed by
57Fe Mössbauer spectroscopy that the iron trivalent state of NaNi0.5Fe0.5O2 did not
change on charge/discharge cycling. Instead of Fe, the reversible valence changes of
Ni in NaNi0.5Fe0.5O2 and NaNi0.5Ti0.5O2 were also observed by X-ray photoelectron
spectroscopy.

4.3
3D NASICON- Type Sulfate Cathode

NASICON (Na Super Ionic Conductor)-type structures can be broken down into
fundamental groups of two MO6 octahedra separated by three XO4 tetrahedra
with which they share common corner oxygens (Figure 4.5). Hexagonal NASICON
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Table 4.1 Typical layered rocksalt cathodes.

Cathode r(A+)/
r(M3+)

Structure Voltage Capacity
(A h kg−1)

Ref.

LiNi0.5Ti0.5O2 1.22 Disordered rocksalt
(α-LiFeO2 type)

3.8 V vs Li/Li+ 40 [2]

Layered rocksalt by
ion exchange

3.8 V vs Li/Li+ 80 [3]

Li[Li1/3Fe1/3

Mn1/3]O2

1.21 Layered rocksalt by
hydrothermal

3.8 V vs Li/Li+ 68 [4]

LiNi0.5Mn0.5O2 1.28 Layered rocksalt
(α-NaFeO2 type)

4.0 V vs Li/Li+ 200 [5]

Li[Co1/3Ni1/3

Mn1/3]O2

1.37 Layered rocksalt
(α-NaFeO2 type)

4.0 V vs Li/Li+ 200 [6]

NaNi0.5Ti0.5O2 1.47 Layered rocksalt
(α-NaFeO2 type)

3.3 V vs Na/Na+ 100 [7]

NaFeO2 1.48 Layered rocksalt
(α-NaFeO2 type)

3.3 V vs Na/Na+ 80 [7]

NaFe0.5Ni0.5O2 1.56 Layered rocksalt
(α-NaFeO2 type)

3.3 V vs Na/Na+ 100 [7]

has a total of four possible lithium sites per formula unit. One of them is a
sixfold coordinated 6b site between MO6 octahedra, and the other three are 10-fold
coordinated 18e sites located between these ribbons along the c-axis. It is not
realistic to expect high electronic conductivity in this structure, because all the
metal octahedra are isolated. However, there are no shared edges or shared faces
in the matrix, so all these large lithium sites are connected to one another. Thus,
although it is a three-dimensional framework, it is open and flexible.

The high ionic conductivity of NASICON was reported first by Goodenough,
20 years ago [8]. Since then, researchers have found that NASICON is a suitable
and attractive framework not only for solid electrolyte but also for cathode-active
material on the basis of the study of NASICON cathodes such as LiTi2(PO4)3 [9]
and Li3Fe2(PO4)3 [10].

In the NASICON matrix, a transition metal and a countercation share a common
oxygen in an M–O–X linkage. As the electronegativity of the countercation, X,
becomes closer to that of oxygen (3.44) the bonding in an XO4 polyanion becomes
covalent. On the other hand, Fe–O bonding becomes ionic by the inductive effect
[11], making the Fe3+/Fe2+ redox level lower and the cell voltage higher. There is
a linear relationship between the electronegativity of X and the discharge voltage
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Fig. 4.3 The discharge profiles of NaFeO2, NaNi0.5Fe0.5O2,
and NaNi0.5Ti0.5O2 cathodes against a sodium metal anode
at a rate of 0.2 mA cm−2.

Fig. 4.4 57Fe Mössbauer spectroscopy of initial and 3.6-V charged NaFeO2 cathodes.

in NASICON cathodes, as shown in Figure 4.6. Actually, ferric sulfate with the
highest electronegative hetero atom in polyanion provides the highest discharge
voltage so far reported for an iron cathode.

Although ferric sulfate has two crystal forms, hexagonal [12] and distorted
monoclinic [11], as shown in Figure 4.5, both of them have the same basic
structural unit in the matrix and show a similar 3.6-V plateau on the cycle profiles.
The lantern units in the hexagonal phase are stacked in parallel and they are stacked
alternately in the monoclinic phase. The 3.6-V region corresponds to the reduction
from ferric ions to ferrous ions. The theoretical capacity of two lithium insertions
reaches 134 mAh g−1. At both end points of the two-phase region, the voltage
changes rapidly. It is easy to control the charge/discharge depth by monitoring the
cell voltage even in the rocking-chair system. It is both interesting and important
that the system realizes low hysteresis, low irreversibility, and high discharge
voltage without an unusual valence state such as Fe4+. This voltage is compatible
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Fig. 4.5 NASICON structure of (a) monoclinic P1/n and
(b) hexagonal R3c [22]. Asterisk denotes bottleneck for ionic
transport.

with commercial 3.6-V Li-ion batteries. In addition, it is possible to charge the
system with less than 4 V, due to the flat profile and the small charge overvoltage.

4.4
3D Olivine-Type Phosphate Cathode

Among various polyanionic cathodes, phosphates provide the largest rare-metal-free
cathode-active material group, because condensate salts such as pyrophosphate
(P2O7)4−, tripolyphosphate (P3O10)5−, or polymetaphosphate (PnO3n)n− can easily
produce iron phosphates such as LiFePO4, LiFeP2O7, and Fe4(P2O7)3. These
iron phosphates show similar discharge plateaus at 3 V [13]. In particular, olivine
LiFePO4 has the highest theoretical energy density (560 mWh g−1) among the
iron-based polyanionic cathodes. The discharged LiFePO4 of the triphylite structure
and the fully charged FePO4 phase of the heterosite structure have the same space
group, Pnma. LiFePO4 shows a 3.3-V flat discharge profile corresponding to the
two-phase reaction. In the first paper concerning the olivine cathode by Goodenough
[14], the capacity was restricted to 120 mAh g−1 in spite of the low rate of 0.05 mA
cm−2, caused by the low Li diffusivity of the interface between the two phases, the
restricted Li diffusion direction along the b-axis, and the low electrical conductivity
through the long metal atom distance in the olivine matrix.

The poor rate capability, which is the largest weakness of LiFePO4, is being
gradually resolved by carbon nanocoating using organic precursors [15], a carboth-
ermal reduction process [16], minimizing the particle size [17], and substitutional
doping to Fe [18]. According to the patent of Hydro-Québec, the addition of
carbon precursors such as polypropylene and cheaper saccharides on calcinating
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Fig. 4.6 Relationship between the electronegativity of X and
the discharge voltage in a NASICON cathode.

LiFePO4 raw material at 700 ◦C in Ar apparently improves the electric contact
through carbon coating on LiFePO4 particles and prevents oxidation from Fe2+ to
Fe3+. As a consequence, it showed a high capacity, close to the theoretical limit
of 170 mAh g−1 at operating temperature of 80 ◦C. In addition, Nazar proposes
that reduced conductive iron phosphide Fe2P on the surface of the LiFePO4 is
apparently effective in reducing the contact resistance between LiFePO4 particles
[16]. On the other hand, Yamada succeeded in increasing the capacity up to
160 mAh g−1 at room temperature at a rate of 0.12 mA cm−2 by low-temperature
synthesis at less than 600 ◦C to suppress particle growth [17]. Moreover, Chung
has reported that the bulk electronic conductivity can be enhanced from 10−9

to 10−1 S cm−1 by 1 atom % substitutional doping of various metal ions to Fe
[18]. This means that the improved conductivity of doped LiFePO4 is larger than
the 10−5 S cm−1 of LiMn2O4 and the 10−3 S cm−1 of LiCoO2. According to the
home page (http://a123systems.textdriven.com) of A123 founded by Chung, the rate
capability of their battery with an olivine cathode shows 95% utilization at 17 C
rate at room temperature. It is actually the best data among Li-ion batteries on the
market so far.

Following the improvement of the conductivity, various synthesis approaches
such as hydrothermal synthesis [19], microwave synthesis [20], and a high-
temperature quick melting method [21] were developed to reduce the produc-
tion cost, as shown in Table 4.2. The hatched zone in Figure 4.7 shows the
glass-phase area in the Li–Fe–P ternary system. This figure shows that all the
known iron phosphate cathodes such as LiFePO4 and Fe4(P2O7)3 can be made
amorphous by using a quenching method. General expectations for an amorphous
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Table 4.2 Typical synthesis conditions of LiFePO4.

Starting materials Heating condition Ref.

Fe source Li source P source

FeC2O4·2H2O LiOH·H2O (NH4)2HPO4 800◦C, 6 h in N2 [23]

Fe3(PO4)2·8H2O Li3PO4 with PP(3 w/o) 350◦C, 3 h - >700 ◦C, 7 h
in Ar

[15]

(CH3COO)2Fe CH3COOLi NH4H2PO4 350◦C, 5 h - >700 ◦C,
10 h with 15 w/o
sol–gel carbon in N2

[16]

FeC2O4·2H2O Li2CO3 (NH4)2HPO4 320◦C, 12 h - >800 ◦C,
24 h with 12 w/o sugar
in Ar

[24]

FeC2O4·2H2O Li2CO3 NH4H2PO4 600–850◦C with 1 atm%
dopant in Ar

[18]

(CH3COO)2Fe Li2CO3 NH4H2PO4 320◦C, 10 h - >550 ◦C,
24 h in N2

[17]

FeSO4 LiOH H3PO4 Hydrothermal synthesis
at 120◦C 5 h in Teflon
reactor

[19]

(NH4)2Fe(SO4)2·2H2O LiOH H3PO4 A few minutes of
microwave heating
with 5 w/o carbon
black in air

[20]

Fe2O3 LiH2PO4 Carbothermal reduction
at 750◦C, 8 h with
carbon in Ar

[25]

FeO LiOH·H2O P2O5 High-temperature quick
melting synthesis at
1500◦C in Ar

[21]

cathode are that it will have quick synthesis, employ inexpensive but inactive raw
materials such as iron oxide by heating above the melting temperature, have a large
bottleneck framework because of its corner-sharing glass matrix, have continuous
composition control, and so on. As an example, some reported properties of iron
phosphate cathodes and anodes are plotted in Figure 4.8. From the standpoint
of cell voltage, the phosphate-rich phase is attractive. On the other hand, when
considering the specific capacity, the iron-rich phase is more attractive. Under this



4.4 3D Olivine-Type Phosphate Cathode 61

Fig. 4.7 Glass-phase area in Li–Fe–P ternary system.

Fig. 4.8 Fe/P composition ratio dependence of various iron
phosphate cathode/anode performances.

trade-off situation, we expect that unknown well-balanced iron phosphates may
be hidden in the large blank area between FePO4 and Fe3PO7. To find new iron
phosphate in this unexplored vast area, amorphosizing may be useful.

Another contrastive approach is low-temperature synthesis of FePO4 from the
liquid phase. In contrast with LiFePO4, FePO4 can be synthesized in air. In
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Fig. 4.9 The cyclability for (a) amorphous FePO4/C compos-
ite, and (b) olivine-type LiFePO4/C.

addition, inexpensive starting materials such as P2O5 and metallic iron powder
can be used. The P2O5 and metallic iron powders were reacted in water at room
temperature. The precursor solution was mixed for 24 hours by a planetary ball
mill at 200 rpm at room temperature. The crystalline phase annealed at 650 ◦C
was identified as trigonal FePO4 with a P321 space group. On the other hand,
the annealed sample below crystallization temperature showed amorphous diffuse
scattering in the X-ray diffraction (XRD) profile. Both amorphous and trigonal
FePO4 showed a monotonous discharge slope without a discharge plateau as
shown in Figure 4.9(a). Although the rechargeable capacity was 140 mAh g−1,
the FePO4 obtained without Li cannot be used as the cathode against a carbon
anode in an Li-ion battery. However, Li predoping to FePO4 is possible by chem-
ical lithiation using LiI acetonitrile solution in Ar atmosphere. After annealing,
the XRD profile of the lithiated FePO4 showed an olivine phase and the 3.3-V
discharge plateau characteristic of an olivine cathode was recognized, as shown in
Figure 4.9(b) [26].

4.5
3D Calcite-Type Borate Cathode

The mean discharge voltage of a borate cathode is lower than that of polyanionic
cathodes, because the inductive effect caused by boron with low electronegativity
is weaker than that of sulfur, or phosphorus (Figure 4.10). However, ferric borates
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Fig. 4.10 Redox potential map of various polyanionic cathodes.

Fig. 4.11 Theoretical capacities of various iron-based cathode-active materials.

having the lightest weight borate polyanions are attractive in terms of their specific
capacity in various iron-based polyanionic cathodes or anode materials (Figure 4.11).

The theoretical capacity for calcite FeBO3 estimated by the Fe3+/Fe2+ redox
reaction are 234 mAh g−1 (856 mAh cc−1). The volumetric capacity of FeBO3 is
equal to that of a graphite anode (855 mAh cc−1). The mean voltage on lithium
intercalation into ferric borates is 1.5 V, unfortunately, too high for anodic use in
lithium-ion batteries. However, the mean charge/discharge voltage of FeBO3 can
be tuned by V3+ or Ti3+ substitution in FeBO3 on the basis of the analogy of
the 3.6-V NASICON cathode, Fe2(SO4)3 and 2.6-V NASICON cathode, V2(SO4)3

(Figure 4.6) [27].
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4.6
3D Perovskite-Type Fluoride Cathode

The expectation of Fe3+/Fe2+ as the cheapest redox couple and fluorine as the
anion with the highest electronegativity and the smallest electrochemical equivalent
seems to be quite natural. The first report of the FeF3 cathode performances goes
back to more than 10 years ago [28]. To date there have been few reports about
perovskite-type oxide cathodes, because it is difficult to satisfy the tolerance factor
(t) of perovskite ABO3 with monovalent Li A cation and pentavalent transition
metal B cation.

t = {rA + rO}
21/2 {rB + rO} ∼ 1 (4.1)

In contrast to perovskite-type oxide, there are many candidates for trivalent
transition metal B cation for perovskite-type fluoride ABF3. However, the FeF3

perovskite fluoride cathode had two defects: (i) their solubility in polar solvents such
as propylene carbonate and ethylene carbonate, because of the ionic compound,
and (ii) the limitation in their use for Li-ion batteries with carbon anodes, because
the initial composition does not include any Li. The former defect was addressed
recently: a reversible capacity larger than that of olivine-type LiFePO4 has been
obtained in carbon-coated FeF3 as shown in Figure 4.12 [29, 30]. For the latter defect,
Na predoping to FeF3 by planetary ball milling through the reaction formula FeF2+
NaF – >NaFeF3 was carried out successfully and the electrochemical activity of the
mechanochemically doped sodium has been confirmed by the charge/discharge
cycle test of the predoped NaFeF3/Na cell [31].

Fig. 4.12 Charge/discharge profile of carbon-coated FeF3 and LiFePO4.
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4.7
Summary

With plug-in type electric vehicles entering the market, second-generation Li-ion
batteries are required. The new battery should have the capacity of being charged
quickly and well below the freezing point or well above the boiling point of water.
The cathode of the battery must be inexpensive and stable in electrolytes under
various external temperatures.

The basic concepts that need to be realized the second-generation cathode, as
outlined in this chapter, are as follows:
1. a rare-metal-free low-cost and low-environmental-impact cathode;
2. a corner-sharing framework for the large bottleneck of Li or Na diffusion;
3. polyanion or fluoride for a high discharge voltage cathode;
4. polyanion or antioxide for reduction of the exothermic heat at elevated

temperatures.

We hope that the above guiding principles will help lead to development of
an inexpensive, environment-friendly second-generation Li-ion battery in the near
future.
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5
Thermodynamics of Electrode Materials for Lithium-Ion
Batteries

Rachid Yazami

5.1
Introduction

As a high energy density storage and conversion system, lithium-ion batteries
require the negative electrode material (or the anode) and the positive electrode
material (or the cathode) to store and release large amounts of lithium ions
during charge and discharge cycles. The lithium exchange between anode and
cathode occurs owing to ion transport within the electrolyte. Such an electrode
reaction involves changes in the lithium-ion composition in each electrode, which
in turn induces changes in the electrode material characteristics and properties
including the crystal and electronic structures, and hence the chemical potential of
lithium ions. As long cycle life is also an important battery requirement, structural
changes within each electrode should be as benign as possible to allow for a high
lithium-ion storage capability and fast electrode kinetics. In fact, from the viewpoint
of electrode material, cycle life strongly depends on the initial characteristics of
the active material such as high crystallinity and low level of impurities. Cycle life
also relates to the thermodynamics parameters such as the lithium stoichiometry,
which relates to the state of charge (SOC) or state of discharge (SOD), the electrode
potential, and the kinetics parameters including the charge and discharge current
rate (or C–rate) and charge and discharge voltage limits, temperature, and pressure.

The total energy stored in and released by a cell during charge and discharge
is controlled by the thermodynamics of the active electrode processes. Basically
electrode reactions at the anode (AN) and cathode (CA) consist of the exchange of
lithium ions and electrons with the electrolyte and an external circuit, respectively.
Electrode reactions during discharge can schematically be simplified as

LixAN
discharge−−−−→ AN + xLi+(electrolyte) + xe−(external circuit) (5.1)

and

CA + yLi+(electrolyte) + ye−(external circuit)
discharge−−−−→ LiyCA (5.2)

Lithium Ion Rechargeable Batteries. Edited by Kazunori Ozawa
Copyright  2009 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
ISBN: 978-3-527-31983-1
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The electrode reactions (5.1) and (5.2) can be investigated using half cells or full
cells. In a half cell usually metallic lithium is used as the counterelectrode versus
the working electrode (AN or CA). It also serves as the reference electrode.

In a full cell, both (AN) and (CA) are used as the working electrodes. In this case,
the electrons produced at the cathode are those consumed at the anode, which
means x = y, in Equations 5.1 and 5.2. This is true provided no side reaction
takes place at either one or both electrodes. Accordingly, the full lithium-ion cell
discharge reaction is given by

LixAN + CA
discharge−−−−→ AN + LixCA (5.3)

At each stage of the cell reaction, lithium ion and electron fluxes can be
reversed and thermodynamic equilibrium can be reached. Such an equilibrium
is defined, among others, by an open-circuit voltage (OCV), hereafter denoted by
E0(x). E0(x) grows from differences in the lithium chemical potential (ionic and
electronic) between the anode and the cathode. In fact the cell OCV is a function
of composition ‘‘x’’, pressure ‘‘P’’, and temperature ‘‘T ’’: E0(x, P, T). In most
cases, the pressure is the normal one or close enough to normal. Therefore, only
composition and temperature need to be considered as the key parameters.

The free energy of the full-cell reaction 5.3, �G(x, T), relates to E0(x, T), according
to Equation (5.4):

�G(x, T) = −nFE0(x, T) (5.4)

where n is the charge number carried by the exchanged ion (here n = 1 for Li+)
and F is the Faraday constant. Therefore direct measurement of E0(x, T) enables
the free energy �G(x, T) to be determined and vice versa.

Moreover, the free energy relates to the heat of reactions �H and to entropy �S
following the Equation (5.5):

�G(x, T) = �H(x, T) − T�S(x, T) (5.5)

The temperature dependence of the heat and the entropy functions are small
and can be neglected within a small temperature range. Equation (5.5) reduces to

�G0(x, T) = �H(x) − T�S(x) (5.6)

Combining Equations (5.4) and (5.6) yields

�S(x) = F
(
∂E0(x, T)

∂T

∣∣∣∣
x

)
(5.7)

�H(x) = F
(

−E0(x, T) + T
∂E0(x, T)

∂T

∣∣∣∣
x

)
(5.8)
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where the symbol ∂E0(x,T)
∂T

∣∣∣
x

denotes the temperature slope of E0(x, T), which

should be measured at constant composition x. To this end, it is important
to avoid side reactions taking place during the measurement of E0(x, T) as
they affect the composition. Self-discharge is one of the obvious side reactions
and this can be minimized if E0(x, T) is measured at temperatures below
ambient, when possible. Also the electrochemical cell used for the experi-
mental measurement should be isolated from any electrical current or chem-
ical leaks and the OCV measurement system should have a large internal
resistance.

Combining Equations (5.7) and (5.8) enables the change in the entropy and
enthalpy of the cell reaction to be determined. The total change in entropy and
in enthalpy between two electrode compositions x1 and x2, �S|x2

x1 , and �H|x2
x1 ,

respectively can be obtained from integration of the �S(x) and �H(x) curves:

�S
∣∣x2
x1

= F
(∫ x2

x1

∂E0(x, T)

∂T

∣∣∣∣
x

dx

)
(5.9)

�H
∣∣x2
x1

= F
∫ x2

xx

(
−E0(x, T) + T

∂E0(x, T)

∂T

∣∣∣∣
x

dx

)
(5.10)

Normalizing the electrode composition to the full compositional range �xmax

of reversible electrode processes (y = x
�xmax

, 0 < y < 1) gives the total changes in
entropy and enthalpy on a full-cell operation range:

�S
∣∣1
0 = F

(∫ 1

0

∂E0(y, T)

∂T

∣∣∣∣
y

dy

)
(5.11)

�H
∣∣1
0 = F

(∫ 1

0
(−E0(y, T) + T

∂E0(y, T)

∂T

∣∣∣∣
y

dy

)
(5.12)

The amount of heat a cell is susceptible to release is an important data for
predicting its thermal behavior and assessing its safety. In fact, undesirable
phenomena within the cell, including thermal runaway and incidence of fire,
are triggered by the heat generated owing to reactions at one or both elec-
trodes. To tackle this sensitive issue, extensive studies have been devoted to
the thermal behavior of various lithium-ion cells with the aim of understand-
ing the basic processes involved in the heat generation and, to some extent,
controlling their kinetics [1–8]. Thermodynamic studies on full cells have also
been carried out to determine the entropy and/or the enthalpy component of
free energy [9–16]. Computer modeling and simulation have been extensively
used and have proved very helpful in understanding and predicting the ther-
mal behavior of lithium-ion cells [17–22]. Other theoretical studies based on
first-principles methods are being increasingly applied in the field of lithium-ion
batteries, in particular, for computing thermodynamic functions associated with
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lithiation and delithiation processes [23–36]. Specific thermodynamics studies of
anodes [37–46], cathodes [47–65], and electrolytes [66, 67] for lithium-ion bat-
teries have been the focus of recent studies to assign contributions of each of
the active materials to the thermal behavior of the cell. It has been recognized
that composition-induced phase transformations occurring in electrode mate-
rials bear a thermodynamics signature, particularly in the OCV profile curve
[68–73]. Cation ordering [73] and cation mixing [74] are among typical phenom-
ena in lithium transition metal oxide based cathode materials that affect their
thermodynamics.

The recent emergence of nanostructure materials as promising alternative
materials for anode and cathode application has also generated interest in the
thermodynamics aspects of these materials. It has been theorized that particle
size may be considered as an independent parameter in the thermodynamics
as are composition and temperature. In fact, when the particle size falls to the
nanometer scale, many of the electrode material characteristics and properties
become increasingly governed by the surface to bulk atomic ratio and by the spatial
extent of interphase domains and grain boundaries [75–79].

Although the temperature dependence of OCV ∂E0(x,T)
∂T

∣∣∣
x

(occasionally referred

to as the entropy term) was measured on electrode materials and reported in the
literature [57, 65, 80, 81], there was no attempt to correlate the results with structure
defects in the starting material and to find the origin and the scale of the ‘‘entropy
term’’ changes with the electrode composition, cycle, and thermal history.

The study, we carried out over the last five years on the thermodynamics of
anode and cathode materials was driven by the need for filling the gap in the
fundamental understanding of electrode processes behind changes in the entropy-
and the enthalpy-state functions in the course of lithium intercalation and dein-
tercalation. It was theorized that thermodynamics studies can be used as a new
tool in the characterization of electrode materials, complementary to conventional
physical–chemical techniques such as those based on matter–wave scattering in-
cluding diffraction (electron, neutron, and X ray) and physical spectrometry (XAS,
NMR, FTIR, Raman, EPR, XPS, EELS, etc.) Most of theses techniques require heavy
and expensive equipment and can be destructive. This is in contrast to the method
we introduce here. We will show that thermodynamics data can be acquired quite
conveniently using an electrochemical cell and a nondestructive measurement
technique. The new method applies to half cells together with full cells with focus
on electrode reaction thermodynamics of a specific material for anode or cathode
application or on a full system consisting of two working electrodes. Owing to
space constraints, this chapter will deal only with the entropy function because
it reveals fine details on the lithiation/delithiation processes, in particular, on the
phase transitions that take place in the electrode material. The enthalpy function is
complementary to the entropy one and relates to the heat generation within the cell,
an important parameter in the cell’s cycle life and thermal behavior. The materials
covered in this study are carbonaceous anode materials heat-treated at different
temperatures and transition-metal-based cathode materials such as LiCoO2, and
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LiMn2O4. Other cathode materials such as Li(MnCoNi)1/3O2 and LiFePO4 were
also investigated, but, however, are not discussed here.

5.2
Experimental

5.2.1
The ETMS

Our early laboratory setup for the E0(x, T) measurements was mostly manual and
required real-time control of the cell temperature and the electrode composition.
We then set up an automatic laboratory system that we called the ETMS (electro-
chemical thermodynamics measurement system), the schematic diagram of which
is displayed in Figure 5.1(a).

The ETMS consisted of the following functional components:
1. A battery cycling system: The battery cycling system applies changes in the

electrode composition x under either a galvanostatic mode (constant current)
or a potentiostatic mode (voltage steps).

Fig. 5.1 (a) Overview of the automated electrochemical
thermodynamic measurement system (ETMS). (b) Picture of
the ETMS-1000 system developed by Viaspace for automatic
thermodynamics data acquisition.
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As a constant or a variable current i(t) passes across the cell, the corresponding
change in the electrode composition �x is obtained by Faraday’s Law:

�x = 1

mQth

∫ t

0
i(t)dt, (5.13)

In Equation (5.13), m is the total mass (usually in grams) of the active material
in the electrode and Qth is the specific (mass) capacity (usually in milliampere
hours per gram) of the electrode active material. The latter is given by

Qth = nF

3.6M
(5.14)

In Equation (5.14) n is the number of electrons per electrode mole, F is the
Faraday constant (in C), M is the molar mass of the anode or the cathode
material in Equations (5.1) and (5.2) (in grams) and 3.6 is a unit-conversion
constant. Accordingly, in Equation (5.13) i(t) should be expressed in
milliamperes and time t in hours.
In fact, in most electrode materials Qth is achieved experimentally such as by
very low charge and discharge rate, within a voltage window where fully
reversible electrode processes take place with minimal side reactions such as
electrolyte decomposition and irreversible electrode transformations.

2. A temperature-controlled cell holder: Peltier plaques are used to set the
temperature in the cell holder. The temperature is varied stepwise with �T of
about 5 ◦C increments between ambient and 0 ◦C. Cooling the cells from the
ambient temperatures was preferred to heating them to minimize the
self-discharge phenomenon, which is thermally activated and may affect the
electrode composition.

3. A high accuracy OCV measurement system: The system has a high internal
resistance to avoid discharging the cell in the course of OCV versus T
measurement. Because the electrode equilibration at set temperature may
require a long period of rest time, in practice, it is convenient to set an upper

limit for the absolute value of the OCV time dependence
(∣∣∣ ∂E0(x,T)

∂t

∣∣∣
x,T

)
below

about 0.1–1 mV h−1 for ending the OCV measurement and triggering the next
step.
An OCV drift may be observed during measurement, caused by the electronic
circuit fluctuations or owing to a small self-discharge. Such a drift is easily
erased by the program.

4. A computer controlled power system: The power system sets the cell
temperature by adjusting the amount of electric power in the Peltier plaques.

5. A computer system: The computer system runs the program that monitors the
battery cycler and the electric power in the Peltier plaques. It also acquires and
processes the data and converts them to thermodynamics functions and
graphic presentations according to Equations (5.7) and (5.8).
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Viaspace, Inc. (Pasadena, California) have recently developed and commercialized
a fully integrated ETMS (BA-1000) shown in Figure 5.1(b). External cell holders
with temperature control were built up for both coin cells and cylindrical cells,
including the 18650 size.

All thermodynamics data presented here were obtained on our in-house-built
ETMS except for that presented in the last section on the effect of electrode cycling
where the BA-1000 was used.

5.2.2
Electrochemical Cells: Construction and Formation Cycles

In our study, we used 2016 coin cells for running thermodynamics tests because
of their convenience and easy preparation in an argon glove box. At least two cells
were run for each electrode material. Our half cells used metallic lithium as the
counter and the reference electrode, a microporous polymer separator wet with the
electrolyte, and a working electrode.

A typical working electrode consists of a mixture of the following components:
1. an active electrode material such as a carbonaceous material for anode studies

or a lithium transition metal oxide (LiCoO2, LiMn2O4) for cathode materials
studies;

2. a conductive additive usually consisting of acetylene black, natural or synthetic
graphite or carbon nanofibers; and

3. a polymer binder such as polyvinylidene fluoride (PVDF).

The electrode mixture is thoroughly stirred in an organic solvent; the slurry is
then spread on a polytetrafluoroethylene (Teflon) plate. The uniformly thick film
of about 100 µm so obtained is dried in air and then in vacuum for several hours.
Discs ∼17 mm in diameter are cut from the film, further dried overnight in vacuum
at 80 ◦C, and introduced into the dry box for final cell assembly.

The electrolyte composition is 1 M LiPF6 solution in an equal volume mixture
of ethylene carbonate (EC) and dimethyl carbonate (DMC) for anode materials
studies and 1 M LiClO4 solution in propylene carbonate (PC) for the cathode ones.
Coin cells are then assembled in dry argon atmosphere and transferred into the
cell holder of ETMS for immediate electrochemical and thermal investigation. The
cells are first cycled under C/10 charge and discharge rate for a few cycles until
a stable capacity is reached. The cells are then either fully charged (delithiated) to
1.5 V for carbon anodes or fully discharge (lithiated) to 3 V for cathodes studies. At
1.5 V, the lithium content in the carbon anode is considered close to zero (Li0C6)
and at 3 V the lithium content in the cathode is considered close to unity (Li1CoO2,
Li1Mn2O4,). This sets the initial state of discharge of the cells.

5.2.3
Thermodynamics Data Acquisition

The cells are first either discharged (anode) or charged (cathode) typically under
C/100 to C/20 rate for a period of time long enough to achieve a fixed increment
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in the lithium composition (usually in the order of �x = 0.05). The cell is then
rested until acceptable constant OCV is reached at the ambient temperature.
The temperature is then decreased stepwise (�T of about 5 ◦C per step) until a
new stable OCV is reached. When data acquisition at the lowest set temperature
is achieved, the cell is then brought to the ambient temperatures and a new
composition increment �x is applied. This protocol is repeated until a target
lowest (anode) or highest (cathode) voltage is reached, and then the current is
reversed to incrementally vary the electrode composition in the opposite direction.

This protocol allows the thermodynamics data to be acquired during a full
charge/discharge cycle and to observe whether a hysteresis appeared.

5.3
Results

5.3.1
Carbonaceous Anode Materials

We carried out a systematic study on the effects of the heat treatment temperature
(HTT) of a carbon material precursor on the thermodynamics of lithiation and
delithiation. Carbonaceous samples were provided by Superior Graphite, Co. using
the same petroleum pre-coke precursor HTT below 500 ◦C. The pre-coke was
further heated to different temperatures between 700 and 2600 ◦C.

Figure 5.2(a) shows the X-ray diffraction (XRD) patterns of cokes heat treated
either below 500 ◦C (no HTT) or HTT between 900 and 2600 ◦C. A sketch of
the evolution of the carbonaceous structure upon heat treatment is shown in
Figure 5.2(b) [82]. Using the Scherrer equation, the crystal size along the c-axis
(Lc) and the a-axis (La) was determined. Lc and Le are good indicators of the
degree of graphitization G (3D ordering) of the carbonaceous material. The Lc

and La curve profiles depicted in Figure 5.3 are typical of graphitizing (soft)
carbons and are in good agreement with the literature [83]. Table 5.1 summa-
rizes the characteristic of the coke materials as derived from XRD analysis. Cokes
HTT ≤ 1700 ◦C have two diffraction peaks in the 002 area: a sharp peak correspond-
ing to a graphitic phase and a broader peak corresponding to highly disordered
carbons. The table gives their respective degree of graphitization G together with
Lc values.

Raman scatting is also a powerful tool for characterizing the rate of carboniza-
tion and graphitization process in soft carbons [84]. Typically, two Raman-active
modes are observed in carbonaceous materials. The first one is the G-mode at
approximately 1590 cm−1 that relates to vibrational modes within well-ordered
polyaromatic carbon hexagons in the graphene layer. The second active mode
is the D-mode at approximately 1360 cm−1 and is usually associated with lattice
modes of carbons present at the layers edges or in smaller polyaromatic do-
mains. In disordered carbons, the D-mode has stronger intensity ID relative to
the G-mode (IG). In fact the IG/ID intensity ratio is used as a metric for the
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Fig. 5.2 (a) XRD pattern of the coke samples HTT at differ-
ent temperature with an internal silicon reference (labeled∗).
(b) Structural evolution of a graphitic carbon as a function
of temperature (BSU = basic structural units) (After 82).

degree of graphitization, in a way similar to the Lc and La obtained from XRD
analysis [85].

Figure 5.4 shows the evolution of the Raman spectra with the HTT. The results
are in good agreement with the literature [85], that is, the D-mode intensity
decreases and the G-mode intensity increases with the HTT.
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Fig. 5.3 La and Lc evolution with heat treatment temperature
based on Raman spectrometry (La) and on XRD (Lc).

Table 5.1 Crystallite size in the c direction based on the 002
peak broadening, Lc, and graphitization degree, G.

Sample Full width at half d-spacing (Å) 002 peak G(%) Lc(Å)
maximum – FWHM (2θ) angle (2θ)

Coke no HTT 1.97 3.461 25.72 0 43
0.37 3.372 26.41 82 277

Coke HTT 900◦C 1.93 3.461 25.72 0 44
0.35 3.372 26.41 82 297

Coke HTT 1100◦C 2.05 3.461 25.72 0 41
0.33 3.372 26.41 82 320

Coke HTT 1700◦C 0.58 3.428 25.97 30 160
0.23 3.359 26.51 94 523

Coke HTT 2200◦C 0.25 3.377 26.37 77 458
Coke HTT 2600◦C 0.20 3.361 26.50 92 643

As is shown in the next section, we found that the thermodynamics of the
lithiation reaction of carbonaceous anode materials strongly depends on their
degree of graphitization.
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Fig. 5.4 Raman spectra of coke materials used in this study.

5.3.1.1 Pre-coke (HTT < 500 C)
Lithium intercalation into carbonaceous materials is usually schematized as

6C + xLi+ + xe− ←→ LixC6, 0≤x≤1 (5.15)

Figure 5.5 shows the E0(x) and the �S(x) curves of the pre-coke heat-treated
below 500 ◦C. Whereas the OCV curve monotonously decreased with x, a result
typical of disordered carbons, the �S(x) shows more pronounced changes in the
slope value and sign indicative of different steps in the lithiation mechanism. The
�S(x) curve in Figure 5.5 can be divided into seven different composition areas:
• Area-I (0 < x < 0.073): where a sharp decrease in entropy is observed until a

minimum is reached at x ∼ 0.073;
• Area-II (0.073 < x < 0.162): where �S(x) increases;
• Area-III (0.162 < x < 0.384): where the entropy decreased almost linearly until

x = 0.384;
• Area-IV (0.384 < x < 0.420): where the �S(x) slope becomes more negative

and then makes a minimum at x ∼ 0.420;
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Fig. 5.5 Entropy of lithium intercalation into coke with no
HTT and corresponding OCV during charge.

• Area-V (0.420 < x < 0.457): where �S(x) changes in sign and goes through a
maximum at x = 0.457;

• Area-VI (0.457 < x < 0.485): where �S(x) makes another minimum at
x ∼ 0.48;

• Area-VII (0.485 < x < 0.50): where �S increases again.

Variations in the entropy value and slope at relatively well-defined compositions
are the signature of dramatic changes in the energetics of lithiation. In fact,
lithium ions progressively populate carbon sites and domains depending upon
their energy; more energetically favored sites are first populated followed by less
energetic ones. This site segregation induces phase transitions such as those
from insulator to semiconductor and from semiconductor to metallic. Lithiation
may also induce crystallographic reorganization within specific carbon domains.
In such cases, a sharp decrease in entropy in Area-I may be associated with
lithium cathodic deposition on carbon sites present at the surfaces of disordered
domains. It is most likely that lithium atoms arrange on the surface to form a
short-range order, which induces a sharp decrease in entropy. Area-II appears
as a smooth transition area between Areas-I and III. In the latter, the entropy
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decreases uniformly in a composition range �x of about 0.25, which accounts
for half of the total lithium uptake in the electrode. Where Area-I relates to
carbon atoms present on the grains surface, Area-III should be associated with
lithium intercalation into the bulk of disordered carbon domains. The uniform
slope suggests a solid-solution behavior in which disordered domains are progres-
sively populated with lithium. As these domains become saturated with lithium,
a sharp decrease in entropy is observed as we enter Area-IV. The latter should
be associated with lithium intercalation in smaller and better crystallized domains
close to graphite. Additional lithiation leads to Areas-VI and VII that may re-
late to staging phenomena in the graphitic domains. Stage number in graphite
intercalation compounds refers to the number of graphene layers between adja-
cent intercalate layers. For instance, a Stage II lithium compound has a stacking
sequence of LiGGLiGG. Accordingly, Areas-II and IV should be associated with
transition areas during the lithiation of different carbonaceous domains. The
coexistence of crystallographically disordered and ordered carbon domains in
the pre-coke is evidenced by XRD and Raman scattering measurements. In the
pre-coke with HTT < 500 ◦C, a sharp 002 peak of graphite is superposed on a
broader 002 peak of disordered carbon in the XRD pattern of Figure 5.2 and
a relatively strong G-mode is observed in the corresponding Raman spectra in
Figure 5.4.

Although our proposed mechanism of entropy changes in the pre-coke-based
anode needs to be supported by further independent characterizations of the
corresponding LixC6 materials, it is clear that the entropy curve shows well-defined
steps in the electrode process, a feature absent in the OCV curve. XRD and Raman
studies do not give direct evidence of multidomain presence in the pre-coke.
However, mathematical simulations of the XRD and Raman results in the light
of the entropy ones may lead to a similar conclusion, that is, the pre-coke
material consists of multicarbon domain structure, including highly active surface
states.

It is worth noting that the �S(x) results allow for a direct titration of the relative
amounts of different carbon domains according to the energetics of interaction
with lithium. In fact, the high resolution achieved in the lithium composition
where transitions occur can hardly be matched by XRD, Raman, or any single
physical spectrometry technique.

5.3.1.2 Cokes HTT 900–1700◦C
As shown in Figure 5.6, a similar ‘‘seven domains’’ feature described in the
previous section is observed in cokes HTT at 900 and 1100 ◦C with, however, slight
differences in the composition thresholds of successive transitions. This result
correlates well with the X-ray and Raman results, which showed no significant
changes in the diffraction patterns or Raman spectra in the temperature range
900–1100 ◦C.

In contrast to the coke HTT 900 and 1100 ◦C, sizable change in the entropy
profile is observed in the coke HTT at 1700 ◦C as depicted in Figure 5.7. Here again
the OCV curve shows a monotonous decay similar to the one observed in cokes
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Fig. 5.6 Entropy of lithium intercalation into cokes HTT 900
and 1100 ◦C during charge. The coke with no HTT is shown
for comparison.

HTT at lower temperatures. However, the entropy curve features well-defined
maxima and minima and, surprisingly, an increase in the early stage of lithiation
unlike in the previous cokes where it sharply decreased. This suggests domain
I associated with surface states has disappeared. Such a disappearance correlates
with a decrease in the total lithium uptake, which translates to a lower discharge
capacity (�xmax ∼ 0.55 at HTT = 1100 ◦C versus �xmax ∼ 0.45 at HTT = 1700 ◦C).
Also at 1700 ◦C, La and Lc feature a sharp increase because of enhanced crystal
ordering of the carbon structure as sketched in Figure 5.2(b). Also smoother entropy
in Area-V is indicative of larger graphitic domains in the coke HTT 1700 ◦C.

5.3.1.3 Cokes HTT 2200 and 2600◦C
The entropy curve of the coke HTT 2200 ◦C is shown in Figure 5.8. It resembles
that in Figure 5.7 of the coke HTT 1700 ◦C as Area-II appeared with sharp increase
in entropy up to x = 0.0582. Areas III and IV are less distinguishable (only Area-III
is noted here) and extend to x = 0.421 to cover �x = 0.3628 range. Transition
Area-V covers �x = 0.489 − 0.421 = 0.068; then Area-VI with a smooth dome
shape covers �x = 0.361 up to x = 0.850. It is interesting to note the extent of
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Fig. 5.7 Entropy of lithiation and OCV of a coke HTT 1700 ◦C during discharge.

Areas III and VI are in the same order of magnitude of �x ∼ 0.36, which supports
the staging model, that is, Area-III is where Stage II forms from pure graphite and
Area-VI is where Stage II converts to Stage I.

A sharp transition in Area-IV is indicative of Stage II to Stage I phase transition
as is shown in the next section. It is interesting to note the lithium composition
covered in Areas-III and V is in the same order of magnitude (�x ∼ 0.2), which
supports the staging nature of the phase transition. In fact, an equal amount of
lithium is needed to make Stage II from pure graphite and Stage I from Stage
II. However, owing to the persistence of nongraphitic domains in the coke HTT
2200 ◦C, the amount of lithium involved in the stage transitions is lower than in
purely graphitic material as is discussed in the next sections (�x ∼ 0.2 versus 0.5,
respectively).

A dramatic change in the entropy profile is observed in the coke HTT 2600 ◦C
compared to the coke materials discussed earlier. In addition to Area-I, Area-II
vanished at the expense of Area-III (see Figure 5.9), and the slope of entropy in
Areas-IV and V is smoother. The total lithium intercalation capacity increased to
�xmax ∼ 0.72. The slope of the entropy curve in Area-III is smoother indicating a
well-defined transition in the solid-solution domain. This may be the signature of
stage formation in the graphitic domains.
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Fig. 5.8 Entropy of lithiation during discharge of a coke HTT 2600 ◦C.

5.3.1.4 Natural Graphite
The OCV curve in Figure 5.9 of natural graphite shows six well-separated com-
position domains corresponding to the step-by-step ordering of the lithium ions
into the graphite structure. The sharp decrease in OCV and entropy at the early
stages of the lithiation process in Area-I corresponds to the solid-solution behavior.
Specifically, it corresponds to the formation of so-called dilute Stage I intercalation
compound, in which lithium ions randomly occupy the van der Waals space be-
tween the graphene layers (i.e., the gas lattice model). Dilute Stage I occurs in a
narrow composition range of �x ∼ 0.0495.

With increased in-plane lithium concentration, the alkali cations tend to condense
to form a liquid-like phase up to x = 0.125 of Area-II. This is followed by a
solid-solution behavior in the composition range 0.125 < x < 0.25 that translates
to 3D ordering as higher intercalation stages VIII, IV, and III form (Area-III).
Noteworthy is a discrepancy in the upper composition thresholds at which staging
take place between the OCV (x = 0.19) and the entropy (x = 0.25) curves. This
highlights differences in sensitivity between the entropy and the free energy
functions, the latter being constant between two stages, whereas the former can
vary owing to configurational entropy of the lithium within the interstitial sites.

Slightly sloping OCV and entropy curves are found in Area-V usually associated
with transition between liquid (disordered) Stage II to solid (ordered) Stage II.
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Fig. 5.9 Entropy of lithiation during discharge for the coke material HTT 2600 ◦C.

According to the entropy curve, this area covers a composition range Li0.25C6 (or
LiC24) to Li0.5C6 (or LiC12). Liquid Stage II has so far been associated with Li0.33C6

(LiC18), and not with Li0.25C6. Both OCV and entropy curves do not show any
anomaly at x = 0.33, which questions the LiC18 composition for liquid Stage II
[86]. Sloping OCV and entropy curves suggests that the Stage II conversion follows
a solid-solution behavior rather than a two-phase one.

A sharp increase in entropy occurs at x ∼ 0.5 (Figure 5.10a and magnified
Figure 5.10b), which correlates very well with the change in the voltage profile as
the Stage II to I phase transition takes place. A very interesting difference, however,
is a sloping entropy curve in the composition range 0.55 < x < 0.88, whereas the
OCV curve is much flatter. Constant OCV is usually associated with a two-phase
system behavior (here Li0.5C6 and Li1C6, Stage II and I, respectively). However, the
beginning and the end of the stage transition (0.5 < x < 0.55 and 0.88 < x < 1,
respectively) show rather a single-phase behavior with slopping OCV. Accordingly,
the two-phase model applies only in the composition range 0.55 < x < 0.88, and
not in the full 0.5 < x < 1 range as commonly accepted in the literature [86] and
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Fig. 5.10 (a) Entropy and OCV of lithiation during discharge of natural graphite.

references therein]. In a recent coupled experimental and theoretical study, we
found that intermediary phases form in the composition range 0.5 < x < 1. These
new phases are thermodynamically more favored compared to a mixture of pure
Stage II and Stage I compounds [87].

5.3.1.5 Entropy and Degree of Graphitization
Since the entropy function describes the thermodynamics behavior of a carbona-
ceous material much better than does the free energy function (or the OCV)
and distinguishes materials very well according to their rate of crystallization (or
graphitization degree G in the case of soft carbons), it is tempting to inversely use
the entropy function as a tool to determine G. In fact, G is usually calculated from
XRD using an empiric equation:

G = 3.461 − d002

3.461 − 3.352
(5.16)

where d002 is the interlayer spacing (inangstroms) of the carbonaceous material.
The values 3.461 and 3.352 Å are those of d002 in fully disordered (G = 0) and
highly graphitized carbons (G = 1), respectively.

Our thermodynamics approach for determining G is based on the assumption
that a carbonaceous material having an average degree of graphitization G consists
of a mixture of interconnected domains of highly graphitized carbon in the relative
amount of G and disordered carbons in the amount of 1 − G. When used as an
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Fig. 5.10 (b) Partial entropy and OCV curves of lithiation of natural graphite, 0.5 < x < 1.

electrode material for lithium intercalation, at any composition ‘x’ in LixC6, lithium
will be distributed between ordered and disordered domains. This distribution is
not homogeneous, however, owing to differences in intercalation site energy in
both types of carbon domains. As electron conductivity is high in carbonaceous
materials, the LixC6 electrode should be equipotential at any composition x at
equilibrium. Therefore, at E0(x) the total entropy variation �ST (E0) is the sum of
partial entropies coming from the graphitic domains �SG(E0) and from disordered
domains �SD(E0), weighted by their molar fractions G and 1 − G respectively:

�ST(E0) = G�SG(E0) + (1 − G)�SD(E0) (5.17)

To check the validity of Equation (5.17), we applied it to the coke HTT 1700 ◦C.
Figure 5.11(a) and (b) shows the �SG(E0) and �SD(E0), of the coke HTT below
500 ◦C and graphite HTT 2600 ◦C, respectively. Figure 5.11(c) shows the �ST (E0)
of the coke HTT 1700 ◦C together with best fit, using Equation (5.17). The latter
was achieved with G = 0.32, which is in very good agreement with that obtained
by XRD expressed by Equation (5.15), taking G = 0.94 and G = 0.15 in the cokes
HTT 2600 ◦C and HTT below 500 ◦C, respectively. Figure 5.11(d) shows the entropy
vs. composition of the coke sample HTT 1700 ◦C together with a fit curve using
G = 0.32. The experimental and calculated curves show a good agreement.
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Fig. 5.11 (a) Entropy versus OCV of coke sample HTT < 500 ◦C.

In conclusion, the entropy function can be used to determine the degree of
graphitization of a carbonaceous material as do XRD and Raman spectrometry.
More generally, Equation (5.17) applies to any anode and cathode materials
consisting of a mixture of ‘‘i’’ components, provided the �Si(E0) function for each
component ‘‘i’’ is known.

A generalized equation can be expressed as

�ST(E0) =
∑

i

xi�Si(E0), (5.18)

where �ST(E0) is the OCV dependence of the entropy function experimentally
achieved in the multicomponent electrode, xi is the molar fraction of component ‘‘i’’
in the mixture, and �Si(E0) is the OCV dependence of the entropy of component ‘‘i’’,
provided an easy electron flow between components to insure an equipotential
electrode.

5.3.2
Cathode Materials

5.3.2.1 LiCoO2

LiCoO2 has been the standard cathode material in lithium-ion batteries since their
commercialization in the early 1990s. Its crystal structure can be described as reg-
ular stacking of CoO2 slabs in which the Co3+ cations are sandwiched between two
close-packed oxygen layers in CoO6 octahedra. Lithium ions are also sandwiched
between two CoO2 slabs and occupy octahedral sites. The CoO2 slabs are stacked
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Fig. 5.11 (b) Entropy versus OCV of coke sample HTT 2600 ◦C.

along the c-axis in the ABC sequence to form the O3 structure. This arrangement
yields a rhombohedral symmetry of the LiCoO2 crystal (R3m as the space group).
Where the Co3+ cations are covalently bonded to the oxygen atoms, the Li+ form
weaker ionic bonds with oxygen. Such a difference in binding energy allows for
fast 2D diffusion of the lithium ions, whereas the Co3+ cations remain basically
immobile. As lithium intercalate into and deintercalate from the CoO2 structure, the
latter change in their average partial charge to compensate for lithium cation gains
and losses. The charge compensation mechanism can be schematized as follows:

Li+(CoO2)−
discharge−−−−→ (Li1−y)1−y(CoO2)−(1−y) + yLi+ + ye− (5.19)

Equation (5.19) describes the charge mechanism of the positive electrode (com-
monly called the cathode although, in fact, Equation (5.19) describes an anodic
process) in a lithium cell, during which lithium is deintercalated from LiCoO2.
Basically up to y = 1 lithium can be deintercalated from LiCoO2 to form CoO2 [88].
However, y exceeding ∼ 0.5 has proved to adversely affect the 2D structure of the
CoO2 slabs, hence deteriorating the battery cycle life [89].

The phase diagram of the LixCoO2 (x = 1 − y in Equation (5.19)) system has
been studied by in situ XRD [90]. These experimental results were supported
by theoretical calculations as well [91]. In fact, as lithium is extracted from
LiCoO2, hexagonal phases form as single- or two-phase systems [92]. At x ∼ 0.5,
a monoclinic phase of distorted LiO6 octahedra forms and may be the precursor
of less stable hexagonal phases as the lithium composition decreases. Among
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Fig. 5.11 (c) Entropy versus OCV of coke sample HTT 1700 ◦C together with a fitting curve.

proposed trigonal phases for x < 0.5 are the H1-3 and the O1 phases of Stage II
and dilute Stage- I-like structures, respectively [90].

Our thermodynamics study on the LixCoO2 system was limited to the com-
position range 0.5 < x < 1. Electrochemical measurements were performed in
an Li/LiClO4 1 M PC/LixCoO2 coin shaped half cell. Figure 5.12 is the OCV(x)
trace during discharge. The OCV curve decreases monotonously at the beginning
(0.5 < x < 0.75), makes a semiplateau at 0.75 < x < 0.95, and then declines again
at the end of discharge (0.95 < x < 1). This profile suggests a solid-solution behav-
ior where the OCV declines and a two-phase behavior where it makes a semiplateau.
The nonobvious information in the OCV curve is signature of the hexagonal to
the monoclinic phase transition at x ∼ 0.5. This lack of clear evidence from the
OCV curve indicates that the phase transition involves a very small change in the
free energy. This feature strongly contrasts with that achieved owing to the entropy
study as evidenced in Figure 5.13. In fact, the �S(x) curve shows dramatic features,
in which six areas can be distinguished as follows:
• Area-I (0.49 < x < 0.511): �S(x) sharply decreases and makes a minimum;
• Area-II (0.511 < x < 0.551): �S(x) sharply increases and makes a maximum;
• Area-III (0.551 < x < 0.581): �S(x) decreases sharply again;
• Area-IV (0.581 < x < 0.823): �S(x) decreases uniformly;
• Area-V (0.823 < x < 0.953): where �S(x) makes a sloping plateau;
• Area-VI (0.95 < x < 1): where �S(x) sharply increases and makes a short

semiplateau.
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Fig. 5.11 (d) Entropy versus composition of coke HTT
1700 ◦C and a fitting curve corresponding to G = 0.32 in
Equation 17.

Sharp decreases and increases in the �S(x) function occur at phase transitions
boundaries as discussed in the previous section on carbonaceous anode materials.
Accordingly, a decrease in Area-I and III should be associated with the H1-3 to the
monoclinic and to the monoclinic to a hexagonal phase transitions, respectively.
The latter hexagonal phase covers Area-IV with a typical solid-solution behavior. A
second hexagonal phase forms at x = 0.823. Therefore, the almost flat entropy in
the composition range 0.823 < x < 0.953 should be associated with a two-phase
system (first and second hexagonal phases). An increase in entropy above x = 0.953
should signal a transition between the second hexagonal phase and a new Li-rich
phase such as spinel Li2Co2O4.

In conclusion, the entropy study allows phase transition boundary in the LixCoO2

system to be defined with a much higher accuracy than by in situ techniques such
as XRD and X-ray absorption spectrometry. The reason may lie in the fact that most
in situ methods are applied under a dynamic lithiation regime although at slow
rates, which may not allow for the system to reach an equilibrium state. Our entropy
measurements are performed at quasi-equilibrium, and therefore, they describe
the phase transitions with better accuracy. Despite being taken at equilibrium,
OCV measurements are less sensitive to phase transitions than the entropy ones.
This is particularly true for the monoclinic phase transition, which, in addition to
a large change in entropy versus OCV, has better defined transition boundaries.
It is our argument that crystal imperfection or chemical impurity present in the
starting LiCoO2 material will affect both the OCV and the entropy curves, more
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Fig. 5.12 Open circuit voltage (OCV) as a function of lithium concentration in LiyCoO2.

significantly for the latter, thus allowing to distinguish between materials for their
long-term electrochemical performances such as cycle life and thermal aging.

5.3.2.2 LiMn2O4

LiMn2O4 with cubic symmetry (spinel structure) is another very important cath-
ode material that has been widely studied as an alternative to more expensive
and less environmentally benign LiCoO2 material. Among the important attrac-
tive features of LiMn2O4 are higher discharge voltage and faster charge and
discharge kinetics. However, owing to inherent chemical and crystal structure
instability involving Mn dissolution, especially at high temperatures, and the
Jahn–Teller distortion, LiMn2O4 has not enjoyed the same commercial success
as LiCoO2 despite a lower cost [93–95]. Therefore, tremendous research and R&D
efforts have been directed toward enhanced cycle life and thermal stability, in
particular, through cation substitution (including Li+) [96, 97], anion substitu-
tion [98], and surface coating [99]. Very promissing results have been achieved,
which may enable the use of LiMn2O4 in commercial batteries in the near
future.

The redox process in the LixMn2O4 system is quite well understood as it involves
mostly the MnIV/MnIII solid state redox couple, which results in a smaller change in
the oxygen oxidation state unlike in the LixCoO2 system [100, 101]. Accordingly, the
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Fig. 5.13 Entropy of lithium intercalation into LixCoO2.

lithium deintercalation mechanism during charge can be schematized as follows:

Li+(MnIIIMnIV O4)−
discharge−−−−→ [(Li1−y)1−y]


((

MnIII
1−y

2

MnIV
1+y

2

)
2

O4

)−(1−y)



+ yLi+ + ye−, 0 < y = 1 − x < 1 (5.20)

At low constant rate, the discharge profile of a Li/LixMn2O4 cell in the com-
position range 0 < x < 1 typically shows two voltage plateaus at around 4 V
of approximately the same length of �x = 0.5. These were associated with an or-
der/disorder transition in the spinel phase that occurs at approximately x = 0.5 [96].

In our thermodynamics study, we used two manganese spinel materials –
a close to stoichoimetric compound (Li1.0Mn2O4) and a lithium-rich compound
(Li1.08Mn1.92O4). Figure 5.14 shows their respective OCV profiles with typical two
4-V plateaus; the one at 4.13 V roughly covered 0.20 < x < 0.55 and the other
averaged at 3.98 V covering 0.55 < x < 1. A close analysis of the OCV profile shows
slight differences between the two spinel materials. The stoichiometric material has
a flatter high-voltage plateau, whereas the nonstoichiometric one shows a steeper
OCV decrease at the end of lithiation (x ∼ 1).

The corresponding entropy curves are depicted in Figure 5.15. In the non-
stoichiometric material, four composition areas can be distinguished: Area-I
(0.2 < x < 0.518) where the entropy curve declines monotonously suggesting a
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Fig. 5.14 Open-circuit voltage (OCV) as a function of lithium
concentration in LixMn2O4 shown for stoichiometric and
nonstoichiometric materials.

solid-solution behavior, Area-II (0.518 < x < 0.678) where the entropy increases in
a transition zone between two solid solutions, Area-III (0.678 < x < 0.963) where
�S(x) decreases in a second solid-solution system, and Area-IV (0.963 < x < 1)
where the �S(x) makes a steep increase in a new transition zone probably as the
onset to the tetragonal phase formation.

The stoichiometric material, however, shows a different thermodynamics path:
Area-I (0.2 < x < 0.339) where �S(x) varies a little a signature of two-phase system
behavior, Area-II (0.339 < x < 0.518) where the entropy shows a negative slope
indicative of a solid-solution behavior, Area-III (0.518 < x < 0.641) where �S(x)
increases in a transition zone, and Area-IV (0.641 < x < 1) were the entropy
decreases as we enter a second solid solution. Unlike for the nonstoichiometric
material, there is no onset of the cubic to tetragonal phase transition at x < 1 in the
stoichiometric one. Differences in the thermodynamics behavior of the two spinel
materials show the lithium excess in the nonstoichimetric material and account
for an earlier cubic to tetragonal phase transition compared to the stoichiometric
one. In fact, in the latter, we found that the OCV makes a steep drop to 2.9 V at
x = 1, where the tetragonal phase starts to form. The delay in the tetragonal phase
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Fig. 5.15 Entropy as a function of lithium concentration in
LixM2O4 shown for two materials: one stoichiometric and
the other nonstoichiometric.

formation may play an important role in the cycle life as the tetragonal phase is
known to be less cyclable.

5.3.2.3 Effect of Cycling on Thermodynamics:
Lithium-ion 4-Ah cells with graphitic carbon anode and LiNi1/3Co1/3Mn1/3O2 cath-
ode were prepared courtesy of ENAX, Co. (Yonezawa Labs., Japan). Cells were
cycled 100% DOC–DOD for three formation cycles and others for 500 cycles,
respectively denoted fresh and cycled cells. The capacity loss after 500 cycles was
about 10.5%. Fully discharged cells were then opened in a dry atmosphere. Elec-
trodes were retrieved, washed, and dried in ambient temperatures. New lithium
half cells were made from the anode and cathode for thermodynamics study as
described in the previous sections. Here the BA-1000 system (Figure 5.1b) was
used.

The entropy and enthalpy versus SOC curves of the half cells using fresh
and cycled LiNi1/3Co1/3Mn1/3O2 cathodes are displayed in Figures 5.16 and 5.17,
respectively. Where the entropy profile of the fresh cell features dramatic changes
in slope, that of the cycled cell shows much smoother slopes except at the early stage
of charging where both curves have steep negative slopes. As discussed previously,
changes in the entropy slope occur at phase transitions boundaries. Phase tran-
sitions in LiNi1/3Co1/3Mn1/3O2, the origin of which is beyond the scope of this
chapter, still need to be clarified, as they are dramatically affected by the cycling.
Our recent transmission electron microscopy study on the LiNi1/3Co1/3Mn1/3O2
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Fig. 5.16 Entropy profile of fresh and cycled LiNi1/3Co1/3Mn1/3O2 cathodes.

cathode before and after thermal aging showed dramatic changes in the crystal
structure, which we attribute to transition metal (TM) cation rearrangement and
to Li–TM cation mixing 102. In fact, the

√
3 × √

3TM superlattice that occurs
in fresh LiNi1/3Co1/3Mn1/3O2 with rhombohedral symmetry is thermodynami-
cally instable and converts to more disordered (mixed TM) structure and/or to
cubic spinel upon thermal aging. It is our argument that prolonged cycling may
lead to similar crystal structure phenomena, which then bear a thermodynamics
signature.

It is interesting, however, to see that the enthalpy curve of Figure 5.17 does not
show any significant difference between fresh and cycled cathodes. This suggests
that the thermochemistry behind lithium intercalation and deintercalation is not
very sensitive to the cation ordering within the TM layer or to 10.5% decrease in
cycle capacity.

This example clearly illustrates the higher sensitivity of the entropy function to
the local TM ordering in LiNi1/3Co1/3Mn1/3O2, unlike the enthalpy and free energy
functions.

5.4
Conclusion

A new method for characterization of electrode materials based on thermody-
namics measurements has been developed and applied to anode and cathode
materials for lithium-ion batteries. An automatic system (ETMS) has been set
up (Figure 5.1(b)) and it allows for a full control of the cell state of charge and
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Fig. 5.17 Enthalpy profile of fresh and cycled LiNi1/3Co1/3Mn1/3O2 cathodes.

discharge, temperature, and full data collection and conversion to thermodynamics
state functions.

The main features of this new thermodynamics characterization methodology, in
particular, the entropy measurement (or entropymetry) can be summarized here:
• high sensitivity to phase transitions taking place in electrode material;
• high sensitivity to departure from stoichiometry and presence of defects and

impurities in the electrode material;
• high resolution in composition boundaries of phase transitions; method can be

used as a titration technique for each phase present;
• high energy and voltage resolution of phase transitions;
• high sensitivity to local disorder and degree of crystallization;
• nondestructive nature of the method;
• allows the heat of electrode reaction to be accurately determined, therefore can

be used as calorimetry;
• applies to half cells and to full cells;
• applies to multicomponent electrode material and distinguishes among them;
• versatile method that should be applicable to any battery chemistry, including

rechargeable alkaline and lead-acid batteries.

Our thermodynamics results were obtained in lithium half-cell configuration.
Therefore, only processes involved in one working electrode were characterized. In
a full-cell configuration, the OCV results from difference in OCV+ of the positive
and OCV− of the negative electrode:

OCV = OCV+ − OCV−
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The temperature dependence follows and so does the cell entropy:

�S(cell) = �S(positive) − �S(negative)

Therefore, any change in the entropy function of the positive and the negative
electrodes should translate to that of the full cell. The same principle applies
to the heat of cell reaction. Owing to the high sensitivity of the entropy and
enthalpy functions to preexisting or induced structural disorders, it is expected
that the functions will bear the signature of any disorder source such as cycle
number, overcharge and overdischarge, and exposure to high and possibly low
temperatures.
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Raman Investigation of Cathode Materials for Lithium Batteries

Rita Baddour-Hadjean and Jean-Pierre Pereira-Ramos

6.1
Introduction

The basic process that occurs in a rechargeable lithium battery is the interca-
lation of lithium ions into different host materials. One fundamental problem
with these materials is the loss of capacity during successive electrochemical in-
sertion/deinsertion processes. As it is known that the electrochemical properties
of such materials (e.g., specific capacity, reversibility, rate capability, and cycling
behavior) are strongly dependent on the structural changes induced by the lithium
insertion reaction. Therefore, the establishment of clear relationships between
electrochemical and structural data seems to be one of the key issues for better un-
derstanding and further improving the electrochemical performances of electrode
materials for rechargeable lithium batteries. The experimental techniques carried
out to fulfill this requirement allow to provide either long-range [X-ray, neutron, or
electron diffraction, etc.) or short-range data (X-ray absorption, nuclear magnetic
resonance (NMR), electron paramagnetic resonance (EPR), X-ray photoelectron
spectroscopy (XPS), etc.]. Among the local probes, Raman spectroscopy is very
appropriate since it is a nondestructive characterization technique that is able
to detect structural variations on the atomic level. Indeed unique molecular and
crystalline information is then accessible: local disorder, changes in bond lengths,
bond angles, coordination, Li dynamics, cation ordering, etc.

However, most of the Raman literature data reported on cathode materials are
very scattered and qualitative, mainly dealing with the starting materials. This
has strongly limited the use of Raman spectroscopy for the understanding of the
structural changes induced by the electrochemical discharge/charge process.

This chapter describes the approach taken by us and other researchers over the
past few years to interpret and extract quantitative information from the Raman
microprobe analysis of metal oxide-based materials used as positive electrodes. The
examples have been selected from an exhaustive analysis to highlight the great po-
tentiality of Raman microspectrometry to obtain relevant and useful information on
some aspects of the electrochemical behavior exhibited by these electrode materials.

Lithium Ion Rechargeable Batteries. Edited by Kazunori Ozawa
Copyright  2009 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
ISBN: 978-3-527-31983-1
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6.2
Raman Microspectrometry: Principle and Instrumentation

6.2.1
Principle

The Raman effect was named after the Indian scientist C. V. Raman, who observed
the effect by means of sunlight in 1928. The Raman effect is a phenomenon that
results from the interaction of light and matter. When a photon of light interacts
with a molecule, it is either absorbed or scattered to a virtual state, as shown in the
energy level diagram (Figure 6.1). When scattering of the photon occurs without
any change in the atomic coordinates of the molecule, the photon is elastically
scattered. It exhibits the same energy (frequency) and, therefore, wavelength, as
the incident photon. This process is commonly referred to as Rayleigh scattering.
However, for a very small fraction of light (approximately 1 in 107 photons),
atomic, i.e., vibrational motion occurs. The process leading to this inelastic scatter
constitutes the Raman effect. In this case, the molecule may either gain energy
from or lose energy to the photon (Figure 6.1). If the transfer of energy in the
virtual state is from the photon to the molecule, the scattered photon will be lower
in energy than the incident photon and the phenomenon is referred to as Stokes
Raman scattering. Conversely, if the transfer of energy in the virtual state is from
the molecule to the photon, the scattered photon will be higher in energy than the
incident photon and the phenomenon is referred to as anti-Stokes Raman scattering.

A Raman spectrum is a plot of the intensity of the Raman-scattered radiation as
a function of its frequency difference from the incident radiation (Figure 6.2). This
difference is called the Raman shift. Figure 6.2 demonstrates the symmetry of Stokes
and anti-Stokes bands. Raman spectra are often plotted as a function of intensity
versus the Stokes-shifted frequencies in wavenumbers (cm−1). The Raman shift
corresponds to the vibrational energy levels of the molecule or the crystal.Local envi-
ronment, symmetry of the crystal, atomic mass, bond order, H-bonding, molecular
substituents, atomic environment, molecular geometry, structural disorder, strains,
all these parameters affect the vibrational force constants, which, in turn, dictate
the vibrational energy. Hence Raman spectroscopy allows to study intramolecular
vibrations, crystal-lattice vibrations, and other motions of extended solids.

Fig. 6.1 Energy-level diagram for different processes.
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Fig. 6.2 Raman and Rayleigh scattering of excitation at a
frequency ν0. A molecular vibration in the sample is of
frequency νvib.

Quantum mechanics requires that only certain atomic displacements are allowed
for a given molecule. These are known as the normal modes of vibration of the
molecule. There are several types of motion that contribute to the normal modes,
some of which are
• stretching motion between two bonded atoms;
• bending motion between three atoms connected by two bonds; and
• out-of-plane deformation modes that change an otherwise planar structure into

a nonplanar one.

Molecules or crystals can be classified according to symmetry elements or
operations that leave at least one common point unchanged. This classification
gives rise to the point group representation for the molecule, which is uniquely
defined by a set of symmetry operations: rotations Cn, reflections (σh, σv, and σd),
inversion i, and improper rotations Sn = Cnσh, that transform the molecule into
itself [1]. Complete information of all symmetry transformations in a point group
is given in the so-called character tables. Character tables not only give the number
and degeneracy of normal modes, but they also tell us which of the normal modes
will be infrared (IR)-active, Raman-active or both. It comes out that a fundamental
transition will be Raman-active if the normal mode involved belongs to the same
symmetry representation as any one or more of the Cartesian components of the
polarizability tensor of the molecule.

6.2.2
Instrumentation

Raman microspectrometers are generally composed of several main parts: the
excitation source (laser), the collection device (the incident light is focused on the
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sample through a microscope objective and the scattered light is collected by the
same objective), the spectrograph (to separate the Raman scattered photons by wave-
length), and the detector (which records the intensity of the Raman signal at each
wavelength). A detailed description of these different parts can be found in [2, 3].

Significant advances in Raman spectroscopy have been afforded by the develop-
ment of lasers, which constitute a coherent monochromatic light with very high
power, and more recently, owing to the high detectivity of charge coupled device
(CCD) detectors that are extremely sensitive to light and are able to take the whole
spectrum at once in less than a second.

Because of different mechanisms, Raman spectroscopy is complementary to IR
spectroscopy, and thus offers many advantages: little or no sample preparation
is required. In normal excitation conditions, this technique is nondestructive.
Raman is relatively unaffected by strong IR absorbers like water, CO2, and glass
(silica). No special accessories are needed for aqueous solutions because water is
a weak scatterer. The visible excitation source can penetrate transparent container
materials, and thus Raman measurements can be acquired through glass vials,
envelopes, plastic bags, etc. In opaque materials, the value of the axial resolution,
determined by the optical skin depth (δ) of the laser beam, is approximatively
of 30–300 nm. Raman microspectrometry is particularly well suited for the study
of heterogeneous materials. Spatial resolutions in the order of the micrometers,
greater than those obtained using IR microscopy, can be achieved. Finally, as
confocal Raman microspectrometry is able to analyze very small volumes in the
order of the micrometer cubed, it is possible to perform Raman imaging from
point-by-point analysis. Hence two-dimensional (2D) or three-dimensional (3D)
chemical or structural mapping can be produced with a micrometric resolution.

6.3
Transition Metal-Oxide-Based Compounds

Raman spectroscopy is a well-adapted technique for the characterization of the local
structure in crystalline solids such as transition metal oxides used as positive (or
negative) electrode materials in lithium and lithium-ion batteries. From the analyt-
ical point of view, Raman spectroscopy technique can solve the problem of phase
identification when various environments are present. Indeed, the wavenumbers
and relative intensities of the Raman bands are very sensitive to crystal symmetry,
coordination geometry, and oxidation states. Thus, this spectroscopic method is
very effective in differentiating various kinds of metal oxides whose atomic arrange-
ments are closely related to one another (e.g., MnO2, LiMn2O4, and LiCoO2-based
compounds). Since it does not need a long-range structural order, Raman spec-
troscopy also constitutes an alternative structural tool as it allows the study of
‘‘amorphous’’ compounds, thin films, or cycled cathode materials that exhibit poor
X-ray diffraction (XRD) information due either to their low crystallinity, their pref-
erential orientation, or structural disorder. From a more fundamental point of view,
Raman spectroscopy constitutes a local probe of great interest, complementary to
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long-range structural techniques such as X-ray or neutron diffraction to study the
cathodic material under operation. The determination of frequencies of normal vi-
brations provides various useful data on the local structure variations induced by the
lithium insertion/deinsertion process in the lattice host: changes in metal–oxygen
bond lengths, lithium environment, lattice distortions, disorder, lithium–lithium
and Li-host lattice interactions, cation ordering, etc., information that is of great
interest to understand and then to improve the performance of a given compound.
However, in spite of such advantages, Raman applications in the field of electrode
materials for lithium batteries are rather few and concern mainly, as is discussed
later, the analytical aspect. We present here a review of the most prominent data
reported for various metal oxide-based materials, which have been selected to
highlight the contribution of Raman spectroscopy in the area. Particular attention
is paid to the LixV2O5 and the LixTiO2 systems for which a thorough analysis has
been provided using Raman microspectrometry, thanks to a careful and rigorous
experimental approach combined with a theoretical analysis based upon lattice
dynamics simulations.

6.3.1
LiCoO2

This cathodic material deintercalates lithium at a very high voltage, about 4 V
versus Li/Li+. Only three lithiated systems based on transition metal oxides with
high operating voltage are presently known. These are LiCoO2 and LiNiO2 with the
pseudolayered α-NaFeO2 structure, and the 3D spinel LiMn2O4. To improve their
electrochemical properties, various substitutions on the transition metal site have
been examined in these structures as the mixed compounds LiM1−yCoyO2 (M =
Ni, Al, etc.).

In 1980, Mizushima et al. [4] proposed using layered LiCoO2 with α-NaFeO2

structure as an intercalation cathode. It took around 10 years to put LiCoO2

to commercial use. This oxide is now mainly used as cathode material in
present lithium-ion batteries [5]. The layered structure of LiCoO2 is shown in
Figure 6.3. LiNiO2, LiCrO2, and LiVO2 also adopt this structure. These LiMO2 com-
pounds, prepared at temperature ranges of 700–900 ◦C, are rock-salt-structured
materials based on a close-packed network of oxygen atoms with Li+ and
M3+ ions in octahedral interstices in this packing in alternating (111) planes.
This (111) ordering introduces a slight distortion of the lattice to hexagonal
symmetry.

LiCoO2 crystallizes in the hexagonal (R3m) space group (D3d
5 ) with a unit cell

consisting of one formula unit (Z = 1) and unit cell parameters ahex = 2.82 Å and
chex = 14.08 Å. The atoms of the LiCoO2 units are at sites with symmetries and
coordinates given below:

Co : (3a, D3d) 0, 0, 0
Li : (3b, D3d) 0, 0, 1/2
O : (6c, C3v) 0, 0, u, 0, 0, u
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Fig. 6.3 Crystal structure of α-NaFeO2-type compounds.

Fig. 6.4 Atomic displacements of the IR and Raman-active
modes of hexagonal (R3m) LiCoO2.

By factor group analysis, the total irreducible representation for the vibrational
modes of LiMO2 is obtained as A1g + 2A2u + Eg + 2Eu.

The gerade modes are Raman active and the ungerade modes are IR active. The
two Raman-active modes are especially simple. In the A1g mode, two adjacent
oxygen layers move rigidly against each other and parallel to the c-axis whereas the
atomic displacements in the Eg mode are perpendicular to the c-axis (Figure 6.4).

The Raman spectrum of LiCoO2 was first reported by Inaba et al., [6], who studied
the effects of replacing Co in LiCoO2 by Ni. The Raman-active lattice modes were
later assigned by the same team from polarized Raman measurements on a c-axis
oriented LiCoO2 thin film [7]. Two Raman-active modes have been found, which
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Fig. 6.5 (a) Continuous charging curve of Li1−xCoO2 at a
rate of 0.17 mA cm−2 at 30 ◦C. (b) Lattice parameters of
hexagonal unit cell of Li1−xCoO2 (from [5]).

correspond to oxygen vibrations involving mainly Co–O stretching, ν1(A1g) at
595 cm−1, and O–Co–O bending, ν2(Eg) at 485 cm−1.

The mechanism of lithium deintercalation and intercalation in LiCoO2 has been
investigated using XRD [5, 8, 9]. The discharge curve and the lattice-parameter
changes in bulk Li1−xCoO2 are shown in Figure 6.5. The a-axis remains practically
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Fig. 6.6 Variations of the peak wavenumbers of the Raman
bands with x in Li1−xCoO2 (from [7]).

constant, whereas the c-axis increases from approximately 14.08 to 14.45 Å for
0 < x < 0.5, due to the production of a second hexagonal phase with an expanded
c parameter [5]. The expansion in the c-axis has been ascribed to an increase
in the electrostatic repulsion between adjacent CoO2 layers because negatively
charged oxygen–oxygen interactions increase with the removal of lithium ions [9].
Two monoclinic phases were also reported, one at about x = 0.45, and another
for 0.75 < x < 1 [5]. One study reports the Raman spectra of Li1−xCoO2 powder
prepared by electrochemical lithium deintercalation [7]. The spectral changes were
well correlated with the structural changes determined by XRD, namely as a
series of phase transitions. In particular, a set of two new bands, located at
lower wavenumbers, are observed for the second hexagonal phase (Figure 6.6).
These downward shifts of both bands have been found in good agreement with
the increase of the c-axis length as lithium ions are deinserted. However, the
expected Raman peak splitting due to the distortion in the monoclinic phase was
not observed. In situ Raman spectroscopy has been also conducted on thin film
electrodes of pure LiCoO2 [10, 11]. The authors report that applying potentials
more positive than 4.7 V leads to a sudden increase of the Raman background
signal, which has been ascribed to the formation of a film on the LiCoO2 electrode
surface in organic solution (LiClO4/ propylen carbonate (PC) or ethylen carbonate
(EC)) [11]. An interesting feature concerns the reported invariance of the peak
frequency with the electrode potential, which is not discussed in [10] but can be
correlated to the specific structural response of LiCoO2 thin film reported later from
XRD measurements, different from that usually known for the LiCoO2 powder
[12]. Indeed, when the cutoff voltage is limited to the conventional value of 4.2 V
corresponding to the Li0.5CoO2 material, the XRD patterns of charged films at 4.2
V show negligible change in the c lattice parameter. Five or ten cycles are needed
to provoke the appearance of the conventional Li0.5CoO2 expanded phase observed
from the first charge for the bulk material.

Micro-Raman spectrometry constitutes a convenient and powerful technique
for the qualitative microstructural analysis of LiCoO2 cathodes. Because Raman
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Fig. 6.7 Voltamperometric curves for HT-LiCoO2 and LT-LiCoO2 (from [28]).

spectroscopy is capable of detecting unambiguously the nature of the cobalt
oxide phases when present lithiated or not, it has been extensively used for the
characterization of powders [13–15] and thin film electrodes [16–25]. Considering
the fabrication of the LiCoO2 compound, especially as thin film material owing
to the use of low-temperature synthesis conditions, Raman microspectrometry is
thoroughly used as quality control tool to check the nature and the cristallinity of
the LiCoO2 active phase as a function of the synthesis conditions and to detect
the presence of residual secondary phases, such as Co3O4 or Li2CO3 [16–25].
An important point concerns the formation of the layered LiCoO2 structure,
which is known to be crucial for obtaining a good rechargeability of the cell.
Indeed, a low-temperature spinel LiCoO2 phase (prepared at 400 ◦C and denoted by
LT-LiCoO2) has been reported, with different electrochemical features compared
to the high-temperature layered LiCoO2 phase (prepared at 850 ◦C and denoted
by HT-LiCoO2) [13, 26–28]. Comparison of cyclic voltammetric curves for LT-
and HT-LiCoO2 emphasizes a large difference in the electrochemical behavior
(Figure 6.7). The LT LiCoO2 is characterized by unusual broad anodic and cathodic
peaks with a difference between the peak potentials greater than 200 mV, the latter
being located at 3.75 and 3.45 V. A faradaic yield around 0.4 F mol−1 is involved in
both cases.

Standard powder neutron diffraction and XRD cannot unambiguously dis-
tinguish between layered and spinel LiCoO2 [26–29]. Conversely, from the
spectroscopic viewpoint, the ideal spinel-type LiCoO2 belongs to the space group
Fd3m, the Bravais cell contains four molecules (Z = 4) and four Raman-active
modes A1g, Eg, and 2F2g are predicted [29]. As shown in Figure 6.8, each
LiCoO2 crystal structure gives rise to a specific Raman fingerprint, i.e., four
Raman bands are observed at ca 605, 590, 484, and 449 cm−1 for LT-LiCoO2,
whereas only two Raman bands at 597 and 487 cm−1 are observed for the layered
HT-LiCoO2.

This is consistent with the theoretical prediction given for a spinel Fd3m and
hexagonal (R3m) crystal respectively. This peculiarity explains the systematic use
of Raman spectroscopy as conclusive evidence for the structural determination of
lithiated cobalt oxide phases.

Over the last few years, attention has been focused toward application of Raman
spectroscopy as an in situ vibrational probe of electrode materials in an operating



112 6 Raman Investigation of Cathode Materials for Lithium Batteries

Fig. 6.8 Raman scattering spectra for (a) spinel LT-LiCoO2

and (b) layered HT-LiCoO2 (from 30).

Fig. 6.9 An example of an electrochemical cell developed for
in situ Raman microscopy (from [31]).

Li-ion battery during discharge/charge cycles. A specially designed in situ cell was
developed by Novak et al. [31] with LiCoO2 as cathode material and graphite-based
compounds as anode (Figure 6.9). This approach allowed to obtain the Raman
signature of LiCoO2 particles randomly selected on the surface of the commercial
electrode. It was shown that upon lithium insertion into the host material, the
background intensity rises significantly, whereas upon lithium deinsertion, the
background intensity is nearly constant. These results are found in accordance
with those reported earlier for a three-electrode configuration [10]. More recently,
in situ Raman measurements in an operating Li-ion battery during discharge have
been carried out with the aim to construct time-resolved, 2D maps of the state
of charge within the electrodes [32]. However, if clear evidence was obtained for
changes in the amount of Li+ within particles of graphite during battery discharge,
this effect is observed in a lesser extent for the LiCoO2 cathode.
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Fig. 6.10 Raman-scattering spectra of Li1−yCoyO2 powder samples (from [6]).

6.3.2
LiNiO2 and Its Derivative Compounds LiNi1−yCoyO2 (0 < y < 1)

The limited capacity of LiCoO2, its high cost, and its toxicity are considered as
drawbacks. Another layered compound of interest, LiNiO2, has been explored
by several authors but suffers from a tendency to nonstoichiometry in relation
to the presence of an excess of nickel [33] and from poor thermal stability in its
highly oxidized state (Ni3+/Ni4+). Indeed the metastable layered structure Li0.5NiO2

transforms into the cubic spinel on heating to 300 ◦C. The substitution of cobalt
by nickel has been reported to be an easy way to stabilize the 2D structure. The
use of the solid solution LiNi1−yCoyO2 (0 < y < 1), has therefore been explored by
several workers and improved electrochemical properties have been reported [34].
The Raman spectra of lithium–cobalt–nickel oxides have been reported by many
authors [6, 29, 35, 36]. It comes out that replacing Co by Ni does not change the
space group, but both bands assigned to the Eg and A1g Raman-active modes in
(R3m) symmetry are found to decrease drastically in intensity with increasing Ni
content (Figure 6.10).

Hence the Raman scattering efficiency of LiNiO2 appears to be very weak in
comparison to that of other rock-salt compounds. The origin of these features has
been ascribed to a reduction of the rhombohedral distortion by increasing Ni content
or/and an increase in the electrical conductivity in LiNiO2 [6]. Conversely, the
Raman spectrum of a pulser laser deposited LiNi0.8Co0.2O2 film recently reported
[37] exhibits intense features at 478 and 587 cm−1 (which are not discussed) and
they are contradictory toward previous data related with the same composition [6].
Another effect of cobalt substitution in LiNi1−yCoyO2 powdered samples concerns
the observed shift of both Raman bands toward higher frequencies, from 546 cm−1

in LiNiO2 to 595 cm−1 in LiCoO2 for the A1g mode and from 470 cm−1 in LiNiO2

to 485 cm−1 in LiCoO2 for the Eg mode [35]. These frequency shifts are quite
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consistent with the observed decrease in the hexagonal unit-cell parameters as Co
content increases. The ahex parameter corresponds to the intralayer metal–metal
distance in the MO6 layer, and the chex parameter is equal to three times the
interlayer distance. It is reported that ahex varies from 2.86 to 2.82 Å and chex varies
from 14.15 to 14.08 Å when y varies from 0.3 to 1 [36]. Hence the increase of
the bond covalency inside the layers as cobalt content increases, suggested by the
decrease of the metal–metal intralayer distance, could explain the frequency shifts
toward higher frequency.

6.3.3
Manganese Oxide-Based Compounds

Manganese oxides (MO) with 3D and 2D crystal networks constitute a large family
of porous materials that can accept foreign species in their tunnel or interlayer
space. There is a wide variety of natural or synthetic MO, including the various
allotropic forms of MnO2 and ternary lithiated compounds LixMnOy. Having good
electrochemical performance, they are attractive as positive electrode materials for
lithium cells because manganese has economical and environmental advantages
over compounds based on cobalt or nickel [38, 39].

6.3.3.1 MnO2-Type Compounds
MnO2 was originally developed as the positive electrode for primary alkaline
batteries [40]. Extensive research was carried out over the last decades to improve
the reversibility of lithium insertion in manganese dioxide (MD) cathode for
rechargeable Li–MnO2 cells [41]. Since then, much effort has been devoted to the
study of lithium insertion into various forms of manganese dioxides, especially
synthetic products prepared by either electrolytic (EMD) or chemical (CMD)
method that belong to the nsutite (γ -MnO2) group, for their use as cathode
materials in lithium batteries [42, 43]. Lithium accommodation in γ -MnO2 occurs
predominantly by insertion into the (2 × 1) tunnels of the ramsdellite (R-MnO2)
domains, while the β-MnO2 domains only accommodate 0.2 Li in the (1 × 1)
channels [44]. Besides the γ -MnO2 form, which suffers from moderate capacity,
low reversibility, and poor cycling stability, there are many MO materials under
study such as LiMn2O4 spinel-like phases [45], layered LiMnO2 [46], and new layered
phases such as hexagonal αLi0.51Mn0·93O2 and orthorhombic βLi0.52MnO2 [47].

The common crystallographic unit building the lattice of MO and that of
their lithiated products is the basal MnO6 octahedron. Table 6.1 summarizes the
crystallographic data of various MO compounds. Their structure can be described
as a close-packed network of oxygen atoms consisting of edge- and corner-sharing
MnO6 octahedra forming tunnels of various sizes for the insertion of Li ions,
leading to more or less compact structures in which Mn4+ and/or Mn3+ ions are
distributed.

Figure 6.11 shows the Raman scattering spectra reported for various manganese
dioxides compounds [48, 49]. The general peculiarity of the vibrational features of
MOs is their low Raman activity. Three major regions can be distinguished: at



6.3 Transition Metal-Oxide-Based Compounds 115

Table 6.1 Crystallographic data of some MO compounds (from [48]).

Compound Mineral Crystal symmetry Lattice
parameters (Å)

Features

MnO Manganosite Cubic (Fm3m) a = 4.44 Rock salt
α-MnO2 Hollandite Tetragonal (I4/m) a = 9.96;

c = 2.85
(2 × 2) Tunnel

R-MnO2 Ramsdellite Orthorhombic
(Pbnm)

a = 4.53;
b = 9.27;
c = 2.87

(1 × 2) Tunnel

β-MnO2 Pyrolusite Tetragonal
(P42/mnm)

a = 4.39;
c = 2.87

(1 × 1) Tunnel

γ -MnO2 Nsutite Complex tunnel
(hex)

a = 9.65;
c = 4.43

(1 × 1)/(1 × 2)

δ-MnO2 Vernadite Hexagonal a = 2.86;
c = 4.7

(1 × ∞) Layer

λ-MnO2 Spinel Cubic (Fd3m) a = 8.04 (1 × 1) Tunnel
MnOx .H2O Birnessite Tetragonal ahex = 2.84;

chex = 14.64
(1 × ∞) Layer

MnOOH Groutite Orthorhombic
(Pbnm)

a = 4.56;
b = 10.70;
c = 2.87

α-Mn2O3 Bixbyite Cubic (Ia3) a = 9.41 C-type
Mn3O4 Hausmannite Tetragonal

(I41/amd)
a = 9.81;
c = 2.85

Spinel-like

200–450, 450–550 and 550–750 cm−1. They correspond to spectral domains where
skeletal vibrations, deformation modes of the metal-oxygen chain of Mn–O–Mn
in the MnO2 octahedral lattice and stretching modes of the Mn–O bonds in MnO6

octahedra occur, respectively.
The birnessite-type MO constitute another class of materials with layered struc-

ture, water molecules, and/or metal cations occupying the interlayer region. It
has been recently shown that attractive electrochemical performances, with stable
capacities of 170 mAh g−1 after 40 cycles at C/20 (Figure 6.12), could be reached
for sol–gel prepared birnessite doped with Co (SGCo-Bir) with chemical formula
Co0.15Mn0.85O1.84, 0.6H2O [50]. Raman features of several birnessite compounds
have been reported for the first time in [51]. As shown in Figure 6.13, in spite of
slight variation in band positions and relative band intensity, the general similarity
of the spectra suggests that samples are characterized by the same basic structure.
In fact, MnO6 octahedral layers are separated by layers of lower-valent cations
(Li+, Na+, Mn2+, . . .) and by layers of water. The highest Raman band is assigned
to the symmetric vibration ν(Mn–O) of MnO6 group, with A1g symmetry in the
O7

h spectroscopic space group. This mode is observed at 625 and 640 cm−1 for
Li-Bir and Na-Bir, respectively, and at 646 and 638 cm−1 for SG-Bir and SGCo-Bir,
respectively. A correlation between the wavenumber value of this stretching mode
and the interlayer d-spacing has been proposed [51]. The band located at 575 cm−1
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Fig. 6.11 Raman scattering spectra reported for various
manganese dioxide frameworks. Pr is the intergrowth rate
of the pyrolusite into the ramsdellite matrix (from [48, 49]).

Fig. 6.12 Specific capacity as a function of the cycle number
for SG-Bir and SGCo-Bir. C/20 rate (from [50]).

is attributed to the ν(Mn–O) stretching vibration with F2g symmetry and is com-
monly related to the vibrational stretching frequency inherent to the presence of
Mn4+ ions. Its intensity is particularly strong in birnessite compound compared
with the literature data related to lithiated spinels due to the high rate of Mn4+

in the birnessite family [50–52]. The Raman spectrum of SGCo-Bir, where cobalt
partly substitutes for manganese, displays similar features to SG-Bir, MnO1.84,
0.6H2O. As a result of the substitution of Mn4+ by Co3+ ions in MnO2 layers
[50], a frequency shift of 10 cm−1, from 575 to 585 cm−1, was observed for the
ν(Mn–O) stretching vibration with F2g symmetry (Figure 6.13). This result has
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Fig. 6.13 Raman spectra of birnessite-type manganese ox-
ides (a) MnO1.84, 0.6H2O; (b) Co0.15Mn0.85O1.84, 0.6H2O;
(c) Na0.32MnO2, 0.6H2O; and (d) Li0.32MnO2, 0.6H2O
(from [51]).

been correlated to a strengthening of the Mn–O bond in the Co-doped SG-Bir. This
finding is in good accordance with the better structural stability of the host lattice
for the Co-doped material during cycling, as illustrated in Figure 6.12.

6.3.3.2 Ternary Lithiated LixMnOy Compounds
Lithiated transition manganese oxides, used or involved as positive electrode
materials in high-voltage lithium-ion batteries, exhibit different crystallographic
structures. As a consequence, the number of active bands in the vibrational spectra
of these compounds varies significantly, depending on their local symmetry
(Table 6.2). Two classes of materials are currently studied: the spinel-type and the
rock-salt-type compounds. The Li–Mn–O phase diagram in Figure 6.14 highlights
the positions of spinel and rock-salt compositions within the λ-MnO2, MnO,
and Li2MnO3 tie-triangle. It emphasizes the wide range of spinel and rock-salt
compositions that exist in the Li–Mn–O system.

Stoichiometric Spinel Phases in the Li–Mn–O System Stoichiometric spinels fall
on the tie line between Mn3O4 and Li4Mn5O12 (Figure 6.14). They are defined
by a cation/anion ratio M/O of 3/4. The stoichiometric spinels of importance for
lithium battery applications form a solid solution between LiMn2O4 and Li4Mn5O12.
They are considered currently of technological interest as insertion electrodes for
rechargeable 4-V lithium batteries because of their diffusion pathways for Li ions,
their low cost, low toxicity, and high energy density (due to the combination of high
capacity and high voltage) [39, 54–56].
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Table 6.2 Structure and Raman activity for various lithiated transition metal-oxide materials.

Compound Type of structure Space group Raman activity

LiCoO2 Layered hexagonal rock salt D3d
5 − R3m A1g + Eg

mLiMnO2 Layered monoclinic rock salt C3
2h − C2/m 2Ag + Bg

LiMn2O4 Normal cubic spinel O7
h − Fd3m A1g + Eg + 3F2g

λMnO2 Modified cubic spinel O7
h − Fd3m A1g + Eg + 2T2g

Li2Mn2O4 Normal tetragonal spinel D19
4h − I41/amd 2A1g + 2B1g + 6Eg + 4B2g

Li0.5Mn2O4 Ordered cubic spinel T2
d − F43m 3A1 + 3E + 6F2

Fig. 6.14 The Li–Mn–O phase diagram showing the com-
positions of spinel, defect spinel, and rock-salt structures
(from [53]).

The structural, chemical, and electrochemical properties of the LiMn2O4 system
have been extensively reported [39, 57]. LiMn2O4 has a normal spinel structure,
which is cubic with the space group Fd3m (O7

h) containing eight AB2O4 units
per unit cell. It can be represented by the formula {Li}8a[Mn2]16dO4, in which the
subscript 8a indicates occupancy of tetrahedral sites by Li+ ions, Mn3+ and Mn4+

ions (in 1 : 1 mixture) being randomly distributed over the octahedral 16 d sites
and oxygen anions in 32e Wyckoff positions (Figure 6.15a). The approximatively
cubic close-packed array of oxide ions incorporates MnO6 octahedra, connected to
one another in three dimensions by edge sharing, LiO4 tetrahedra sharing each of
their four corners with a different MnO6 unit, and a 3D network of octahedral 16c
holes and tetrahedral 8a sites in which lithium ions can move through the (1 × 1)
channels of the spinel lattice (Figure 6.15b).
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Fig. 6.15 Schematic representation of the structure of AB2O4

spinel lattices showing (a) the smallest (primitive) cubic unit
cell of normal spinel (Fd3m space group) and (b) diffusion
path of lithium.

Vibrational features of spinel oxide structures have been widely studied. Tarte
and Preudhomme have published numerous IR data on spinels and solid so-
lutions [58–60]. White and De Angelis have treated the vibrational spectra of
spinel structures by a factor group analysis [61]. The various types of order-
ing were considered and the predicted changes were compared with literature
data.

Early spectroscopic data on electrochemically prepared spinel-type LixMn2O4

composite electrodes were obtained from Fourier Transformed Infrared Spec-
troscopy (FTIR) measurements [62, 63]. Observation of LiMn2O4 Raman features
at 593 and 628 cm−1 was first reported from in situ measurements of lithium-ion
electroinsertion in a spinel-type Pt/λ-MnO2 electrode [64]. Ammundsen et al. [65]
have calculated the lattice dynamics of spinel-structured lithium manganese oxides
using atomistic modeling methods, which allowed to predict and to assign the
Raman spectra of lithiated, fully delithiated, and partially delithiated LixMn2O4

thin films. In good agreement with the calculations, five Raman-active modes are
observed for the LiMn2O4 phase, one of A1g symmetry at 625 cm−1, one of Eg

symmetry at 426–432 cm−1, and three of T2g symmetry at 365–380, 480–485, and
580–590 cm−1 (Table 6.3 and Figure 6.16).

The slight underestimation of the calculated A1g mode for LiMn2O4 (598 instead
of 625 cm−1) has been ascribed to a small deviation from the model used to describe
the electronic polarizability of oxygen ions in LiMn2O4 (transferred without any
change from the λ-MnO2 model) [65].

In a localized vibration analysis, the highest frequency A1g mode is viewed as
the symmetric Mn–O stretching vibration of MnO6 group. Its broadness has been
related with the cation–anion bond lengths and polyhedral distortions occurring
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Table 6.3 Calculated and observed wavenumbers (in
cm−1) for Raman-active modes of LiMn2O4, λ-MnO2, and
Li0.5Mn2O4 thin films, assuming a F43m space group for the
latest (from [65]).

Li0.5Mn2O4

Calculated Observed Symmetry
LiMn2O4 λ-MnO2 species

Calculated Observed Calculated Observed Symmetry 313 296 296a T2

species 317 E
354 365 382a T2g(1) 385 380a T2

434 432 426a 479 463 462a Eg 457 425a E
455 480 483a 511 498 501a T2g(2) 481 493 483a T2

597 590 580a 630 647 644a T2g(3) 537 522a T2

598 625 625a 592 592 596a A1g 559 560 563a A1

586 E
593 597 596a A1

615 612 611a T2

646 630 648a T2

665 657 A1

aFrom [53].

in LiMn2O4 [53]. As the manganese cation of the spinel structure exhibits two
valence states in LiMn3+Mn4+O4, there are isotropic Mn4+O6 octahedra and locally
distorted Mn3+O6 octahedra due to the Jahn–Teller effect. Hence, the broadness
of the A1g mode would originate from the stretching vibrations of both entities
[53]. For the same author, the shoulder peak around 580 cm−1 of T2g symmetry
originates mainly from the vibration of the Mn4+-O bond. Its intensity depends
on the Mn4+ concentration in the spinel and reflects the Mn average oxidation
state for this reason. The lowest energy T2g(1) phonon derives predominantly
from a vibration of the Li sublattice and can be viewed as a Li–O stretching
motion.

There have been already many reports on the charge/discharge characteristics
of the LixMn2O4 cathode [55–57]. The theoretical value of the specific capacity
of LiMn2O4 is 148 mA h g−1. The open-circuit voltage (OCV) curve of LixMn2O4

(0 < x < 2) is shown in Figure 6.17 [55].
The structural changes of the LixMn2O4 powdered electrode during charge and

discharge have been mainly characterized by XRD [55, 66–68] and neutron powder
diffractometry [66]. However, due to the high symmetry of the spinel system, the
low X-ray scattering power of lithium, and the occurrence of partial occupation
of the various cation sites, the XRD patterns are not always easily interpreted.
It is often difficult not only to determine the precise distribution of cations in
a given pure phase but also to quantitatively analyze multiphase mixtures or to
distinguish between different phases with similar lattice constants. This problem
is especially acute for LixMn2O4 with 0.2 ≤ x ≤ 1, as the cubic cell parameter
changes by only 3% over the entire composition range. Diffraction data obtained
from electrodes is commonly of poor quality due to degradation of crystallinity
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Fig. 6.16 Raman spectra of spinel LiMn2O4, Li0.5Mn2O4, λ-MnO2, and Li2Mn2O4

(from [53]).

Fig. 6.17 Open-circuit voltage (OCV) curve of LixMn2O4 (0 < x < 2) at 30 ◦C (from [55]).

during cycling, the presence of other phases (carbon, electrolyte), and compositional
inhomogeneity.

While vibrational spectroscopy cannot give the detailed structural information
available from high-quality diffraction data, it is sensitive to the local environments
of lithium and transition metal cations in the oxide lattice. The number, frequency,
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and relative intensities of the vibrational bands depend upon both coordination
geometries and bond strengths (which may, in return, depend on occupancy factors
and oxidation states). Poorly crystalline or amorphous components that make
only broad background contributions to XRD patterns are, however, represented
quantitatively in FTIR and Raman spectra.

Lithium may be electrochemically extracted from LiMn2O4, at a potential of about
4 V versus metallic lithium corresponding to the (I) + (II) region in Figure 6.17,
according to the oxidation reaction:

LiMn2O4 −→ LixMn2O4 + (1 − x)e− + (1 − x)Li+ 0.2 ≤ x ≤ 1

In this composition range, LixMn2O4 retains the cubic symmetry and appears to
consist of a single phase for 0.5 < x < 1. As lithium is removed from the tetrahedral
8a site, there is a monotonic decrease in the cubic-cell parameter. The OCV curve
is nearly flat, showing two distinct plateaus above and below x = 0.5. The flat
part of the discharge curve in the range x < 0.5 is considered to be a two-phase
region in which a new cubic phase is produced and exists up to full electrochemical
delithiation near a composition x almost equal to ≈ 0.015. The Li0.015Mn2O4 phase
(termed λ-MnO2) has a slightly modified cubic symmetry, the removal of lithium
ions resulting in the loss of the T2g(1) phonon at low wavenumber 365–382 cm−1

(see Tables 6.2 and 6.3). Phonon lattice calculations predict the T2g and Eg modes
to increase in wavenumber whereas the A1g is predicted to decrease (Table 6.3)
[65]. However, this prediction is not supported by any structural consideration.
The experimental Raman spectrum of λ-MnO2, reported in Figure 6.16, is in
good accordance with these calculations, both in terms of number of bands and
frequencies.

For intermediate compositions between LiMn2O4 and λ-MnO2, the local sym-
metry no longer belongs to the Fd3m space group. A lower symmetry has been
proposed with F43m (T2

d ) space group (Table 6.2). It comes out that a richer
Raman fingerprint is expected for the partially delithiated compounds, with 12
expected Raman-active modes instead of 5 for LiMn2O4. This analysis is supported
by reported experimental Raman data for the Li0.5Mn2O4 phase, summarized in
Table 6.3 and Figure 6.16. In this structure, every second lithium tetrahedral site
is vacant, producing an ordered Li configuration, which has been experimentally
observed for the Li0.5Mn2O4 composition [69]. This subtle ordering transition could
be responsible for the flat potential curve observed for 0.5 < x < 1 (Figure 6.17).

Continuous charge/discharge cycling of LixMn2O4 electrodes in the high-voltage
region (I + II) results in significant capacity fading, particularly when they are
charged at potentials greater than 4 V. A FTIR spectroscopy study has demonstrated
that overcharging causes a gradual conversion to a lithium poor defect spinel
material via dissolution of manganese ions in the electrolyte [63].

Electrochemical insertion of lithium into LiMn2O4 proceeds in a very different
manner for 1 ≤ x ≤ 2, in the flat region (III), according to a reduction reaction
involving a phase transition from cubic spinel to an ordered tetragonal, Li2Mn2O4
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phase:

LiMn2O4 + e− + Li+ −→ Li2Mn2O4

For 1 < x < 2, LixMn2O4 is a mixture of two distinct phases: the original cubic
phase and a tetragonal spinel-type compound. The reason for the phase transition
is an increase in concentration of Mn3+ (3d4) ions that form during intercalation
of lithium in LiMn2O4. This induces a Jahn–Teller distortion, which reduces the
crystal symmetry from cubic to tetragonal and results in a volume expansion of
about 6.4%. Mechanical degradation due to the large volume change during the
cubic-to-tetragonal phase transition is a primary cause of capacity fading in the 3-V
region (1 < x < 2).

The structure of Li2Mn2O4 is a distorted spinel, which belongs to the I41/amd
space group (see Table 6.2). According to a neutron diffraction study, the added
Li ions go into the previously vacant 16c octahedral sites, and about half of the
lithium ions in the tetrahedral 8a sites move also in the 16c position [70]. However
the cubic-to-tetragonal transition is detected only by the splitting of certain peaks
in the XRD patterns [71]. Conversely, the Raman-active modes expected for the
tetragonal Li2Mn2O4 phase with spectroscopic D19

4h symmetry are 2A1g+ 2B1g+
6Eg+ 4B2g (Table 6.2). Practically, lithium incorporation into LiMn2O4 leads to
important changes in the vibrational features, as shown in Figure 6.16. The Raman
spectrum of tetragonal Li2Mn2O4 is dominated by four bands at 607, 398, 279,
and 258 cm−1. However, a greater number of bands (14) was expected from the
spectroscopic analysis. A straightforward assignment of this Raman spectrum is
not yet provided, even if some tentative attributions have been speculated from a
localized vibration analysis [71].

Raman microspectrometry constitutes a very efficient probe for the identification
of electrochemically produced spinel-like lithiated manganese oxide materials. In
situ Raman measurements during the charge/discharge of a LiMn2O4 composite
cathode have been performed [72]. However, only poor structural information can
be drawn due to the limited frequency range, low-quality Raman spectra, and local
inhomogeneity. In situ Raman investigation of pure Li1−xMn2O4 (0 ≤ x ≤ 1) thin
films produced by electrostatic spray deposition did not allow a straightforward
analysis since the Raman spectra are hampered by the lines of the sapphire optical
window and the electrolyte [73].

In situ Raman experiments performed on a LiMn2O4 single crystal microelectrode
polarized at 4.4, 4.04, and 3.58 V versus Li/Li+ have allowed to clearly evidence the
spectroscopic fingerprints of λ-MnO2, Li0.5Mn2O4, and LiMn2O4, respectively [74].
From the analysis of the Raman spectra, using classical least squares (CLS) curve
resolution, the authors provide the fraction of the different LixMn2O4 components
as a function of the potential (Figure 6.18).

One of the main routes considered to reduce the capacity fading of LiMn2O4

is partial substitution of manganese by transition metals M [44, 76, 77]. These
LiMxMn2−xO4 (M = Cr, Co, Ni, Al, Li, etc.) materials are regarded as attractive
as cathodes for lithium batteries, allowing the cell voltage to be increased to
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Fig. 6.18 (a) Fraction of each of the com-
ponents of LixMn2O4 as a function of the
potential extracted from Raman data using
classical least squares (CLS). (b) Normalized
charge determined by coulometric analysis of

the voltammetric curve (left ordinate, solid
curve) and fraction of Li0.5Mn2O4 as a func-
tion of the potential (scattered symbols)
(from [75]).

5 V with improved cycle life. The stabilization of the octahedral 16 d site is
achieved by reducing the amount of Mn3+ causing the Jahn–Teller distortion.
The enthalpy of the cubic-to-tetragonal phase transition in partially substituted
LiMxMn2−xO4 spinels gradually decreases with increasing amount of substituent,
and is completely suppressed with 10–20 mol% of substitution in octahedral Mn
site [76]. The variation of the specific capacity with cycle number for various
LiM1/6Mn11/6O4 spinels (M = Cr, Co, Ni, Al) is reported in Figure 6.19 [44]. It can
be seen that the cells with substituted LiMn2O4 show better cycle characteristics
than the one with undoped LiMn2O4.

Several studies have shown that the improvement of the cyclability for the
substituted LiMxMn2−xO4 was related to the enhanced stability of the local structure
of the materials in comparison to that of LiMn2O4 [78]. Furthermore, when the
cations involved have undistinguishable scattering power, vibration spectroscopy
has proved to be very powerful in determining symmetry changes undetectable by
XRD. In spite of this, only limited Raman studies have been devoted to this topic,
presumably because of the difficulty in interpreting the Raman spectra of such
materials [79–84].
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Fig. 6.19 Specific capacity as a function of the cycle number
for LiM1/6Mn11/6O4 (M = Cr, Co, Ni, Al) (from [44]).

Layered Rock Salt Phases in the Li–Mn–O System Stoichiometric rock-salt com-
pounds are located on the tie line between MnO and Li2MnO3. (Figure 6.14).
These layered lithiated manganese oxides are also under investigation for battery
applications [46, 85]. Among them, α-LiMnO2 exhibits the largest initial capacity
for the 4-V region but it suffers from severe capacity fading after the first charge
process [46]. In fact, most layered compounds have structural features in common
with spinels and convert readily upon cycling.

The structure of α-LiMnO2 is monoclinic (C2/m space group, C3
2h spectroscopic

symmetry, Z = 2) because the coordination polyhedron around the Mn3+ ions
is distorted owing to the Jahn–Teller effect. This compound exhibits the cation
ordering of the α-NaFeO2 structure, in which Li+ ions are located between the
MnO6 sheets, in the same octahedral 2 d interstices as Mn3+ ions, whereas
oxygen anions are in 4i sites. According to the group theoretical calculations, the
monoclinic LiMnO2 oxide is predicted to show three Raman-active modes with
2Ag+ Bg species. As shown in Figure 6.20(a), three main peaks are detected in
the Raman spectrum of the monoclinic LiMnO2 phase, at 422, 481, and 603 cm−1,
this latest peak being attributed to the Ag mode involving the symmetric stretching
vibration of equatorial oxygen atoms while the shoulder at 575 cm−1 is attributed
to the stretching mode of Mn ions bonded to axial oxygen atoms [71]. Indeed, in
the case of layered LiMnO2, a manganese ion possesses six neighboring oxygen
ions with two different Mn–O distances, that is two Mn–Oequatorial = 1.91 Å and
four Mn–Oaxial = 2.32 Å [86].

Therefore, Raman spectroscopy is very effective in identifying closely re-
lated structures such as rock-salt (Figure 6.20a) and spinel lithium manganate
(Figure 6.20b) phases. This has enabled examination of the local structural changes
of lithium manganese oxide upon electrochemical cycling, leading to the con-
clusion that Mn migration into the interlayer lithium site from the first charge
process is irreversible, resulting in the creation of the spinel-like cation ordering
(Figure 6.20c–e) [87].

Work is underway in several groups to improve the metastability by admetal
doping or by pillaring the layers. In fact less rigid manganese oxide structures, and
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Fig. 6.20 Micro-Raman spectra for (a) monoclinic layered
LiMnO2, (b) cubic spinel LiMn2O4, (c) delithiated LiMnO2,
(d) relithiated LiMnO2, and (e) electrochemically cycled
LiMnO2 (from [87]).

those not based on a cubic close-packed array of oxygen atoms, are much more likely
to remain phase stable upon cycling in a lithium-cell configuration. As an example,
LixMnO2 derived from Na0.44MnO2 exhibits a remarkable stability attributed to
the double tunnel structure, which cannot easily undergo rearrangement to spinel
[88].

In conclusion, the wide variety of Mn–O and Li–Mn–O crystalline phases makes
the Raman probe particularly relevant to identify the local signature of each family
of compounds. Raman research in this field leads to two different sets of data.
Considering the MO system, it is clear that apart from general considerations,
there is, up to now, no clear and relevant trend in the data in the literature for
a straightforward assignment of the complex and various vibrational features of
MnO2-based compounds. In particular, there is a lack of experimental approach
devoted to the study of either chemically lithiated samples or cathode materials
under operation. In contrast, for the more attractive spinel system LiMn2O4 work-
ing at 4 V, as well as for the layered LiMnO2 material, detailed spectroscopic data
are available with a relevant interpretation of the Raman spectra for the charged
and discharged electrodes. Raman spectroscopy constitutes a particularly powerful
technique in this field since it affords, in many cases, a clear identification of
the phases XRD data analysis is hampered by their high structural similarity. It
remains however that this complex system is far from being completely investi-
gated. Other spinel compositions such as Li2Mn3O7, Li2Mn4O9, and Li4Mn5O12

require additional efforts, both for obtaining reference Raman spectra and reliable
assignments.
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6.3.4
V2O5

Vanadium pentoxide is an attractive material for application as cathodic material
in electrochromic thin film devices and lithium batteries owing to its capacity to
accommodate up to three lithium ions per mole of oxide, hence providing a high
specific capacity around 450 mA h g−1 in the voltage range 4–1.5 V [89–94]. The
electrochemical performance being strongly related to the nature and the amplitude
of the structural changes induced by the lithium insertion/deinsertion process,
a great number of studies have focused on the structural features of V2O5 and
its lithiated LixV2O5 phases. We present here the specific contribution of Raman
spectroscopy to the knowledge of the Li–V2O5 system.

6.3.4.1 V2O5 Structure
V2O5 crystallizes in the Pmmn space group, with lattice parameters a and c of
the orthorhombic cell equal to 11.50 and 4.40 Å, respectively. The point sym-
metry group of V2O5 is D2h. The structure of the vanadium–oxygen layers in
V2O5 is presented in Figure 6.21. It can be seen (Figure 6.21c) that the vana-
dium atom is located within the oxygen coordination polyhedron VO5, and is
shifted toward the plane formed by four oxygen atoms by a distance of 0.47 Å.
Four types of V–O bonds, characterized by their particular bond length, can be
distinguished:

Fig. 6.21 Crystal structure of V2O5 in (a) xy and (b)
xz-projections, and (c) local vanadium environments. The V
atoms are shown by small black circles and the O2 and O3

atoms are shown by large black circles. The O1 atoms are
shown by large open circles.
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• the short and strong apical V=O1 bonds: d1 = 1.577 Å;
• the bridge V–O3 bonds: d2 = 1.779 Å;
• the ‘‘ladder step’’ V–O2 bonds (leading to two equivalent intraladder V–O21 and

V–O22 bonds): d3 = 1.878 Å;
• The interchain V–O2 bonds (labeled as V–O2′1 in Figure 6.21c): d4 = 2.017 Å.

Polarized Raman [95] and IR reflection [96] spectra of the V2O5 crystal have
been thoroughly studied and interpreted on the basis of the phonon state calcu-
lations. More recently, a qualitative characterization of the normal vibrations of
the V2O5 lattice has also been done in terms of atomic displacement [97]. With
all valence V–O bonds being oriented along coordinate axes (Figure 6.21a–b),
any bond-stretching mode involves oscillations of particular oxygen atoms along
particular Cartesians axes. Moreover, owing to the difference in bond lengths,
the spectral lines characteristic for the bond-stretching oscillations of the dif-
ferent V–O bonds can be easily selected. There are four symmetry-equivalent
atomic positions per unit cell for the V, O1, and O2 atoms and only two
for the O3 atoms, because they lie in the mirror plane perpendicular to the
x-axis. All these positions correspond to atoms of the same layer, and all lay-
ers, which alternate with each other in z-direction, are equivalent. By using
the standard table of characters of irreducible representations of D2h group, 12
symmetric combinations can be built from Cartesian displacements of four equiv-
alent atoms, six of which are IR-active and six others are Raman-active. The
Raman-active combinations are shown in Figure 6.22, numbers 1, 2, 3, 4 referring
to the four symmetry equivalent atomic positions for a given atom in the unit
cell.

It is seen that the x and z-displacements give rise to the Ag, B2g modes while
the y-displacements give rise to B1g, B3g modes. Also taking also into account the
IR B1u, B3u IR-active modes related to x, z-displacements, respectively, and the Au,
B2u species related to the y–displacements, the vibrational species for V, O1, and
O2 atomic motions can be represented as:

�(V) = �(O1) = �(O2) = 2Ag + 2B2g + B1g + B3g + 2B1u + 2B3u + Au + B2u

Because of the special position of the O3 atoms, the x(O3) displacements do not
contribute to Ag and B1u modes, the z(O3) displacements do not contribute to B2g

and B3u modes, and the y(O3) displacements do not contribute to B1g and Au modes.
Hence the vibrational species for the motion of this atom can be expressed as

�(O3) = Ag + B2g + B3g + B1u + B3u + B2u

In totality, the optically vibrational modes of V2O5 are obtained from the
overall contributions of each atom after subtracting the acoustic modes
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Fig. 6.22 Symmetric atomic displacement combinations for Pmmn space group (from [97]).

(�acoustic = B1u + B2u + B3u):

�(V2O5) =
∑

�(i) − �acoustic

�(V2O5) = [7Ag + 7B2g + 3B1g + 4B3g + 7B1u + 7B3u + 3Au + 4B2u]

−[B1u + B2u + B3u]

�(V2O5) = 7Ag + 7B2g + 3B1g + 4B3g + 6B1u + 6B3u + 3Au + 3B2u

It follows then that 21 Raman modes are expected for V2O5.
The Raman spectrum of V2O5 is shown in Figure 6.23. The frequency distribution

of the normal vibrations of V2O5, with their assignments to particular atomic
displacements, are presented in Table 6.4. The modes originated from the same
atomic displacement are gathered in the rows of the Table 6.4. The modes of
different symmetry are arranged in different columns of this table.

The bond-stretching modes cover the interval of 500–1000 cm−1. First, z-displace-
ments of O1 atoms give rise to the highest frequency ν(d1) mode at 994 cm−1. It
corresponds to the in-phase stretching vibration of all apical V–O1 bonds.

The Raman-active ν(d1) mode of B2g symmetry expected around 976 cm−1 was
not detected in our spectra. The low intensity of this mode is quite comprehensible.
According to general theory of Raman intensities, the main contributions to
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Fig. 6.23 Raman spectrum of V2O5, with the deconvolution shown below (from [97]).

Table 6.4 Symmetry and frequency distribution of normal vi-
brations of the V2O5 lattice with their assignment to particu-
lar atomic displacementsa (from 96).

Atomic Displacement Assignment Ag B2g

Z(O1) ν(d1) 994 976a

X(O3) ν(d2) 848a

X(O2′) ν(d4) 526 502a

Z(O3) δ(V–O3–V) 480
X(O1) ρ(V=O1) 403 350a

Z(O2) 302 310a

X(V) δ(O2–V–O2) 195 195
Z(V) δ(O3–V–O2) 104 143a

Atomic Displacement Assignment B1g B3g

Y(O2) ν(d3) 700 700
Y(O1) ρ(V=O1) 282 282
Y(O3) δ(O2–V–O2) 220a

Y(V) δ(O3–V–O2) 144 144

aNot observed experimentally.

Raman tensor for the bond-stretching modes are determined by derivatives of bond
polarizability with respect to the bond lengths. Owing to symmetry of the B2g

representation, half of the V–O1 bonds stretch whereas the other half shorten. So,
this mode is permitted for Raman spectra by symmetry but is inactive, owing to
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its particular microscopic pattern. In [95], this mode was assigned to a very weak
Raman peak observed at 976 cm−1.

Next in the frequency scale is the ν(d2) mode, which comes from x(O3) dis-
placements and which corresponds to an antiphase stretching of the V–O3 bonds
forming the V–O3 –V bridges. This mode of B2g symmetry, calculated at 848 cm−1

[95], was also not detected experimentally. The low Raman intensity of this mode
is caused by the fact that the V–O3 –V bridge is pseudocentrosymmetric (V–O3 –V
angle is 148◦).

Then follows the ν(d3) mode (at 700 cm−1) involving the y(O2) displacements.
It corresponds to an antiphase stretching of the V–O2 bonds. The V–O2 bonds
(1.88 Å) are longer than the V–O3 bonds (1.78 Å). Correspondingly, frequencies of
the O2-modes are lower than that of the O3-mode.

The Raman-active mode at around 526 cm−1 originates from the ν(d4) stretching
vibration involving x-displacements of O2′ atoms. The Ag mode gives rise to the
Raman line observed at 526 cm−1. The B2g line at 502 cm−1 was not detected
because of its low intensity.

The angle-bending modes cover the interval of 200–500 cm−1. It is more difficult
to determine the frequency distribution for these modes because of considerable
coupling. The Raman peak at 480 cm−1 can be characterized as bending vibra-
tions of the V–O3 –V bridge angle (Figure 6.21). Raman bands in the frequency
region between 400–200 cm−1 correspond to the modes that involve the x- and
y-displacements of O1 atoms at 403 and 282 cm−1, respectively, and z-displacements
of O21 and O22 atoms at 302 cm−1. These atomic displacements produce the
δ(O1 –V–O2) and the δ(O1 –V–O3) bending deformations. Corresponding modes
can be characterized as the ρ(V=O1) bond-rocking oscillations. The ρ(V=O1) in
xz-plane, which involves the O1 atoms oscillations along x-axis, gives rise to the Ag

Raman peak at 403 cm−1. The Raman features at around 300 cm−1 correspond to
the modes involving y-oscillations of O1 atoms accompanied with z-oscillations of
O2 atoms. Two peaks in the low-frequency region are associated with the modes
involving displacements of the V atoms. The line at 195 cm−1 comes from Ag and
B2g modes with the atoms oscillating along the x-axis, δ(O2 –V–O2). The most
intense Raman line at 144 cm−1, δ(O3 –V–O2), corresponds to a mixture of the
signals coming from B1g and B3g. The B1g mode involves the shear motion of
the ladders, whereas the B2g consists of rotations of the ladders along their axes.
The high intensity of this line reflects the long-range order in the plane of the
vanadium–oxygen layers.

6.3.4.2 Structural Features of the LixV2O5 Phases
In spite of numerous studies devoted to the subject, the Li–V2O5 system is far
from being completely elucidated, and this is mainly due to the complex nature
of the lithiated phases involved during the lithium insertion/deinsertion process
according to the following electrochemical reaction:

V2O5 + xe− + xLi+ −−−→←−−− LixV2O5 0 < x ≤ 3
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Fig. 6.24 First discharge/charge curve of a composite
LixV2O5 electrode showing the different phases electrochemi-
cally produced in the 0 < x < 2 composition range.

Table 6.5 Lattice parameters for α-V2O5, ε-Li0.52V2O5, δ-LiV2O5 and γ -LiV2O5 phases.

α-V2O5 (Pmmn) ε-Phase (Pmmn) δ-Phase (Amma) γ-Phase (Pnma)

(
a

Å) 11.51 11.38 11.24 9.69

(
b

Å) 3.56 3.57 3.60 3.60

(
c

Å) 4.37 4.52 9.91 10.67

The typical discharge/charge curve of a composite V2O5 cathode exhibits sev-
eral voltage plateaus corresponding to well-known phase transitions reported for
the bulk LixV2O5 system (Figure 6.24). Depending on the amount of lithium (x)
intercalated in V2O5, several structural modifications have been reported [89, 92,
9498–104]. The α-, ε-, and δ-LixV2O5 were identified in the 0 < x ≤ 1 composition
range. Above 3 V, the α-LixV2O5 phase occurs with x < 0.1, whereas the pure
ε-phase exists in the range 0.3 < x < 0.7. Then the pure δ-phase appears with x
between 0.9 and 1. The lithium content corresponding to the limit composition
of the three solid solutions differs slightly from one report to another. The lattice
parameters for the LixV2O5 phases are reported in Table 6.5.

The structure of the vanadium–oxygen layers is rather similar in pure V2O5 and
in α, ε, and δ phases of LixV2O5 (Figure 6.25), with however an increased puckering
of the layers revealed by the decrease in the a parameter in the ε and δ phases.
Moreover, the increase in the number of inserted lithium ions between the layers
is responsible for the increase in the c-parameter. All these phase transitions are
fully reversible in this composition range (x ≤ 1) and the structure of the pristine
V2O5 phase is recovered upon deintercalation.

The situation becomes more problematic for lithium contents x > 1, the δ-phase
being transformed into a γ -one on the third voltage plateau at 2.2 V via an
irreversible reconstruction mechanism [92, 94]. The space group of the γ -LiV2O5
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Fig. 6.25 Schematic representation of the structures of the
different LixV2O5 phases electrochemically produced in the
0 < x < 2 composition range (from [92]).

structure is Pnma. As in α and δ-phases, this structure still contains the V2O5

layers perpendicular to z-axis. However, the structure of the γ -phase differs from
that of the δ-phase markedly (Figure 6.25). The Li atoms are shifted in the
x-direction from their symmetric positions in the δ-phase. This is accompanied
by important deformations of the V2O5 layers leading to irreversible symmetry
loss and bond breaking. It follows that the γ -phase structure remains stable even
after deintercalation of all Li atoms [94], leading to a new metastable γ ′ variety of
V2O5 [102]. The intercalation of three lithium ions in V2O5 is possible through the
formation of a weakly crystallized phase, namely ω-Li3V2O5 with tetragonal [103]
or cubic [104] symmetry. However some authors put in doubt the Li–V2O5 phase
diagram for x > 1, reporting the appearance of a mixture of LixVO2 and Li3VO4

compounds instead of the so-called ‘‘γ -’’ and ‘‘ω-phase’’ [105].
A number of structural investigations on the LixV2O5 system were carried

out using different experimental techniques such as XRD [100, 105, 106], X-ray
absorption [107], NMR [108], EPR [109], neutron, and electron diffraction [110–112].
Some researchers have also used Raman spectroscopy to characterize powdered
[113–117] and thin film [118–122] LixV2O5 crystalline phases. The first vibrational
ex situ study on chemically prepared lithium vanadium pentoxides has focused on
the δ-, ε-, and γ -Li0.95V2O5 compounds [113]. However, only the γ -Raman spectrum
can be considered, the other spectra corresponding to degradation compounds
locally produced under the laser beam. In situ experiments were performed by the
same authors on a composite γ -Li0.95V2O5 cathode in an operating rechargeable
cell with the aim to study the transformation of γ -LiV2O5 into γ ′-V2O5 and
ξ -Li2V2O5 [114]. Four LixV2O5 samples differing from their intercalation degree
during the second discharge process were investigated but only poor spectral
changes were detected, the Raman spectra recorded for the x = 0.1, 0.93, and 1.15
compositions being nearly identical, especially in the high-frequency range. In situ
Raman microspectrometry has also been applied to the characterization of a lithium
battery involving pure lithium metal at the anode and V2O5 powder at the cathode
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[115, 116]. Rey et al. examined a functioning Li/P(EO)20Li(SO2CF3)2/V2O5 solid
polymer electrolyte lithium cell with in situ confocal Raman microspectrometry
but could observe only meager spectral changes in the V2O5 composite cathode
[115]. Indeed in situ Raman spectra are seriously hampered in this configuration
by fluorescence of the electrolyte. Furthermore, the existence of Li concentration
gradient within the composite electrode prevents the obtaining of reference Raman
spectra for the LixV2O5 phases. A recent spectroelectrochemical investigation has
been carried out on a modified coin cell specially designed to facilitate routine in
situ Raman measurements [116]; the reported Raman data were, however, limited
to the 650–1000 cm−1 range, probably due to the high Raman activity of the organic
solvent in the high-frequency region. This makes a straightforward assignment
very difficult, especially in the absence of XRD data. Nevertheless, the authors
tentatively assigned the Raman spectra observed during the first discharge at 2.5
V and 2.1 V to the ε- and γ - phases, respectively. Such approximate assignments
are all the more surprising, for it seems that the Raman V2O5 fingerprint does not
change up to 2.1 V, which is in disagreement with other works [97, 117, 118, 121].

In fact, the literature data related to the Raman features in the Li–V2O5 system
are very disparate and controversial, essentially due to inappropriate experimental
conditions and also because the efficiency of Raman spectroscopy depends on the
availability of a relevant band assignment. The spectroscopic data on the lithiated
phases have been recently enriched by Raman microspectrometry investigations
which afforded reference Raman spectra for the ε-Li0.5V2O5, δ-LiV2O5 and γ -LiV2O5

bulk phases chemically prepared [117] and allowed to follow the structural changes
occurring in a LixV2O5 thin film under operation [97, 121].

We develop, in the following, the most prominent results extracted from these
studies.

Fig. 6.26 Raman spectra of (a) V2O5, (b) ε-Li0.52V2O5, and (c) δ-LiV2O5 (from [117]).
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Reference Raman Spectra for the Different LixV2O5 Phases Figure 6.26 shows the
Raman spectra obtained for the ε-Li0.5V2O5 and δ-LiV2O5 phases prepared through
soft chemistry reduction reactions according to the procedure described in [117],
and compared to that of V2O5.

The Raman spectrum of ε-Li0.52V2O5 exhibits several spectroscopic changes:
the intensity of the translational mode is strongly quenched and its wavenumber
is shifted from 145 to 154 cm−1. Several modes in the 200–700 cm−1 range are
also shifted toward higher wavenumber: 196 to 218 cm−1, 404 to 420 cm−1, 480 to
486 cm−1, 526 to 535 cm−1, and 697 to 703 cm−1. Conversely, the V=O stretching
mode along the c-axis decreases in frequency from 994 to 983 cm−1. This shift in
frequency has been shown to be consistent with the lengthening of the V=O bond
from 1.58 Å for the α-phase to 1.6 Å for the ε-phase.

The Raman spectrum of δ-LiV2O5 can also be compared with that of V2O5

(Figure 6.26). Low intensity of the bands in the low-frequency part of Raman
spectrum lines as well as the broadening of the bands over the entire spectrum of
the δ-phase indicates that this phase is less ordered than the α- and ε-lattices. It
is seen also that the same sole line, corresponding to the V=O stretching mode
along the c-axis, dominates in the high-frequency part of the Raman spectra. In
the spectrum of the δ-phase, this line is narrow and shifted up to 1008 cm−1 with
respect to 994 cm−1, typically observed for the α-phase. This line can serve as a
spectral fingerprint of the δ-phase. Other marked distinctions of Raman spectrum
of this phase are the presence of the peak at 630 cm−1 and the disappearance of
the peak at 480 cm−1. The Raman features of the δ-phase reflect the particularity
of this structure. Indeed, the O1 –O1 distances in the δ-phase (2.77 Å) are markedly
shorter than in the α- and ε-phases (3 Å). The relatively high wavenumber of the
V=O stretching mode could reflect the steric V=O repulsion, which becomes very
strong in the δ-phase because of pronounced layer puckering.

Raman spectroscopy has allowed to investigate the δ → ε → γ phase transitions
during appropriate heat treatment [117]. XRD measurements showed that the δ → ε

phase transition is initiated around 100 ◦C and that ε → γ transformation proceeds
from 135 ◦C. The δ → ε transformation ends at 170 ◦C, the ε- and γ -phases being
simultaneously present. Finally at 250 ◦C, the complete transformation of ε- into
γ -LiV2O5 is achieved. These results are consistent with those recently reported
using a synchrotron X-ray powder analysis [123].

Hence, the thermal treatment of the δ-phase at 250 ◦C allows to obtain the pure
γ -phase LiV2O5, which exhibits the Raman spectrum shown in Figure 6.27 and
lattice parameters a = 9.69 Å, b = 3.60 Å, and c = 10.67 Å in good agreement with
[100–102].

The space group of the γ -LiV2O5 crystal is Pnma (D16
2h). As in the α- and δ-phases,

V2O5 layers are perpendicular to the z-axis, and built up of V–O2 ladders connected
by V–O–V bridges. Likewise, in δ-phase, the layers are alternatively shifted on the
vector b/2 and the unit cell of this structure is doubled in the z-direction. However
the structure of the γ -phase differs from the structure of the δ-phase markedly.
The Li atoms are shifted in the x-direction from their symmetric positions in the
δ-phase. This is accompanied by important deformations of the V2O5 layers. Each
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Fig. 6.27 Raman spectrum of γ -LiV2O5 (from [117]).

Table 6.6 Raman wavenumbers (in cm−1) for LixTiO2. s:
strong; m: medium; w: weak; b: broad (from 125).

x = 0 x = 0.15 x = 0.3 x = 0.5

144s 144s 144s 144s
166w 166 m

198 198 233vw 233vw
320–335b 320–335b

357 357
398 397 397s 397s

450w 450b 450b
518 518 525 525

559 559
639 637 637 634

848 847 847
897 894

934 930

second ladder undergoes a strong transformation: it rotates along y-axis and the O
atoms of neighboring vanadyl groups exchange their positions. As a result of such
a deformation, two nonequivalent V positions appear and the V1–O3 –V2 bridges
become strongly nonsymmetric.

The Raman wavenumbers observed for the γ -LiV2O5 polycrystalline powder are
in good agreement with those previously measured for a LiV2O5 single crystal [124].
Furthermore, on comparing the Raman features of γ -LiV2O5 and V2O5 (Table 6.6),
the following conclusions can be drawn: first, all the main spectral features observed
in V2O5 can be clearly discriminated in the spectrum of γ -LiV2O5. Second, some
bands, which have a singlet form in the Raman spectrum of V2O5, ε- and δ-V2O5,
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Fig. 6.28 Raman spectra of δ-LiV2O5 powder illuminated
with (a) laser power of 0.2 mW; (b) laser power of 0.6 mW;
(c) laser power of 0.8 mW, integration time: 20 seconds;
(d) laser power of 0.8 mW, integration time: 90 seconds;
(e) laser power of 0.8 mW, integration time: 900 seconds
(from [117]).

are clearly twofold split in the spectrum of γ -LiV2O5. Third, some new spectral
features not seen in the Raman spectrum of V2O5 can be detected in the spectrum
of γ -LiV2O5 (bands at 209, 376, 546, 647, 881, and 966 cm−1). At least two factors
can account for the distinction between the spectra of these crystals. First, the
nonequivalent character of the ladders in the lattice of γ -LiV2O5s, inducing two
kinds of vanadium environments, must lead to the twofold splitting. Second, the
Li-atom oscillations may couple with some modes of the V2O5 lattice. Our lattice
dynamics calculations actually in progress confirm this suggestion, especially for
the high-frequency modes.

A very interesting point that has to be outlined is the possibility for the Raman
microprobe to provoke in situ phase transitions, solely by increasing the power
of the incident laser beam illuminating the sample. This effect is well illustrated
in Figure 6.28, where the spectral changes observed are related to the successive
δ → ε → γ phase transitions. It is noteworthy that the γ -phase formation is
achieved at a laser power less than 1 mW, as a result of the great instability of the
δ-phase. This peculiarity is at the origin of numerous misinterpretations in the
literature, the Raman response being strongly affected by this severe experimental
artifact.

Application to the Raman Microspectrometry Study of Electrochemical Lithium In-
tercalation into Sputtered Crystalline V2O5 Thin Films Several studies carried out
on polycrystalline films seem to show that the structural features of the lithiated
LixV2O5 phases can be significantly different from that known for the bulk material
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[106, 125–129]. In situ and ex situ XRD experiments performed on sol–gel [106, 129]
and sputtered [125, 126] LixV2O5 films have shown the existence of an unexpected
elongated c-axis for x = 0.8 as well as the nonappearance of the δ-phase usually
described for x = 1 in bulk samples. Recent works reported attractive electrochem-
ical properties for crystallized oriented V2O5 films prepared by magnetron reactive
sputtering without any heat treatment [130, 131]. Once again, a different structural
response of the thin film electrode was observed from XRD experiments when Li
insertion proceeds in V2O5 (0 < x < 1 for x in LixV2O5) since the emergence of
the δ-phase does not seem to take place as in the bulk material from x = 0.6 [94].

This specific behavior reported for polycrystalline V2O5 films requires deeper
structural investigation. However, few Raman spectroscopy studies have been
carried out on polycrystalline V2O5 films [118–122]. Fast amorphization of the
sputtered oxide has been observed in. [118], the V2O5 lines vanishing nearly
completely from the early lithium content, whereas in [119] practically no change
seems to take place in the PLD film in the 0 < x < 1 composition range. Moreover
only two compositions are reported in [119], with their Raman spectra simply
assigned on the basis of the phase diagram described for the bulk material.

Recent results obtained from a Raman spectroscopic analysis of electrochemically
lithiated sputtered LixV2O5 thin films are described in [97].

The typical galvanostatic discharge/charge curves of the 0.6-µm sputtered thin
film is reported in Figure 6.29 [97]. Two well-defined insertion steps located at
about 3.4 and 3.2 V are observed as expected for the crystalline form of V2O5.
The specific capacity obtained at C/15 rate is 22 µA h cm−2, which corresponds to
the accommodation of 0.94 Li+ ion per mole of oxide. This insertion reaction is
reversible as shown from the lack of polarization and the efficiency of 100% in the
charge process. No influence of the current density on the discharge potential and
capacity is seen from C/15 up to C/5 rate and the specific capacity decreases by
only ≈18% when the C rate increases from C/15 to 8 C. Moreover, the polarization

Fig. 6.29 The first discharge/charge cycles of a V2O5 thin
film (thickness 0.6 µm) at different C rates (from [97]).
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Fig. 6.30 Raman spectra of a galvanostatically lithiated
LixV2O5 thin film, 0 ≤ x ≤ 1 (from [97]).

observed at high rate never exceeds 150 mV, which suggests a high level of kinetics
of lithium transport.

The evolution of the structural response of the V2O5 film as lithium accommoda-
tion proceeds has been investigated by ex situ XRD and Raman microspectrometry
[97, 131]. Figure 6.30 pertains to Raman spectra with different x values in LixV2O5

thin films.
Examining the Raman spectra collected in the composition range 0 ≤ x ≤ 0.5,

several observations can be made. First, the intensity of the translational mode at
low wavenumber is progressively quenched and its wavenumber is shifted from
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144 to 156 cm−1 from x = 0 to x = 0.5. Several modes in the 200–700 cm−1 range
are also shifted toward higher wavenumbers: 195 to 216 cm−1, 403 to 418 cm−1,
526 to 536 cm−1 and 700 to 703 cm−1. Conversely, the 480 cm−1 band shifts
progressively to 473 cm−1 for x = 0.5. In the vanadyl stretching frequency range,
a new component at 984 cm−1 appears from the first lithium content value, and
continuously increases in intensity at the expense of the 994 cm−1 band as x
increases from 0.05 to 0.5.

For 0.5 < x ≤ 1, in frequency ranges lower than 400 cm−1, a progressive loss
of intensity is observed, indicating a significant increase of the local disorder.
Several bands progressively disappear, in particular, the low-frequency modes at
156 and 216 cm−1, whereas the band at 473 cm−1 completely vanishes from x = 0.5
to x = 0.55. The 419 cm−1 band progressively shifts to 422 cm−1 for x = 1 and
becomes asymmetric owing to the emergence of a new component at 440 cm−1

from x = 0.7. The 536 cm−1 band progressively shifts to 530 cm−1, whereas
the 703 cm−1 line becomes broader and centered toward higher wavenumber of
722 cm−1. In the high-wavenumber region, the vanadyl stretching mode shifts
toward lower wavenumber, from 984 to 975 cm−1, in the lithium content range
0.5 < x < 0.7 and then remains constant up to x = 1. For x ≥ 0.7, several new
Raman features are detected at 350, 440, and 957 cm−1.

It is clear that two main domains of variation are observed: For x < 0.5, the
Raman spectra exhibit the same general features, in particular, the number of
bands is conserved. The observed intensity and frequency changes are directly
related to the existence of a solid solution of Li in V2O5 corresponding to the
ε-phase. They vary to a limited extent because of the similarity of the α and ε-V2O5

related structures. This finding is supported by the corresponding XRD data, which
clearly show a continuous increase of the c-parameter and a correlated decrease of
the a-parameter [131]. The shift in frequency from 994 to 984 cm−1 for the apical
V–O1 stretching mode is consistent with the lengthening of the V=O bond from
1.58 Å for the α-phase to 1.60 Å for the ε-Li0.5V2O5 phase. Conversely, continuous
displacements toward higher wavenumbers are observed when x increases up to
0.5 for the 403 and 526 cm−1 modes, which shift respectively to 418 and 535 cm−1.
As these modes are all coming from oxygen displacements along the a-axis, x(O1),
and x(O2′1), respectively, it is plausible that the stiffening of the lattice observed
here can be related to the x dependence of the a parameter in the LixV2O5 film,
which has been found to decrease from 11.51 to 11.35 Å when the lithium content
increases from 0 to 0.55 [131]. This result can be correlated to the existence of
a compressive stress in V2O5-sputtered films evidenced by beam deflectometry
[126] and varying in the same manner as the a-parameter, that is, increasing upon
lithiation in the 0 < x < 0.5 domain. For x > 0.6, the relative stability of these x(O1)
and x(O2′1)-related modes can be correlated with that of the a-parameter [131].

For 0.5 < x ≤ 1, the spectral variations are less marked. The general features
of the ε-phase are conserved. The continuous blue shift observed for the apical
V–O1 stretching mode from 985 to 975 cm−1 reflects a progressive weakening of
the V–O1 bond, which is probably related to the linear expansion of the interlayer
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spacing observed for the ε-phase, from 4.53 to 4.68 Å in the lithium composition
range 0.5–0.95 [131].

These results are consistent with XRD data [125, 126, 129, 131], which report
that the structural response of such thin films consists of a solid solution behavior
instead of the successive phase transitions usually described for the bulk material
[94] and corresponding to the α-, ε-, and δ-phases with the following compositions
ranges 0 ≤ x ≤ 0.15, 0.3 ≤ x ≤ 0.7, and 0.9 ≤ x ≤ 1, respectively, separated by
two-phase regions. It is clear that the Raman fingerprint of the ε-phase appears
here from the first lithium content value and is retained up to x = 1. At that instant,
the characteristic Raman features of the δ-phase are never detected, in particular,
the intense band at 1008 cm−1 [117].

The spectral variations reported here are related to the local distortions occurring
in the ε-phase, which is able, in the thin film configuration, to accommodate up
to 1 Li per mole of oxide. Although the lithium positions in the ε-phase remain to
be determined accurately, a unique type of lithium site has been described for the
whole ε-phase domain. It consists of elongated cubo-octahedra joining common
faces, the symmetry of such sites remaining unchanged with x [132]. However, it
has been reported that increasing the amount of lithium in the ε-phase leads to a
lithium-rich phase (called ε′) in which the lithium environment is modified [75, 100,
112, 132, 133]: for lithium amounts <0.5 the number of unoccupied cubo-octahedra
exceeds the number of occupied octahedral, whereas above x = 0.5, neighbouring
cubo-octahedra have to be occupied. This induces a change in the interatomic Li–Li
distances: the shortest Li–Li distance decreases from 7.2 Å for x < 0.5 to 3.6 Å for
x > 0.5 [100].

In contrast to the lithiated bulk material for which the ε → δ phase transition
occurs from x = 0.6 [94], strong repulsive Li+ –Li+ forces probably prevail in the
film for the ε-rich phase, but these are allowed without giving rise to significant
structural modification of the framework. This probably explains the Raman band
splitting at 975 and 957 cm−1 as observed for the highest lithium uptakes (x ≥ 0.7).
The existence of these two stretching vanadyl modes may indicate the presence
of two kinds of vanadium atoms. This can be explained by a change in electron
localization for a higher depth of discharge.

The Raman spectrum of the reoxidized compound clearly exhibits the character-
istic Raman features of the pure V2O5 lattice. The recovery of the structure is in
good agreement with the excellent electrochemical reversibility evidenced in the
potential range 3.8–2.8 V.

As shown in Figure 6.31, in situ preliminary Raman microspectrometry ex-
periments performed on sputtered thin films [134] confirm these whole Raman
features.

For x = 1.1, in atomic layer deposited thin films [121], Raman spectra reveal a
mixture of δ-phase (band at 1004 cm−1) and an ε-rich phase. This difference in the
structural response compared to the sputtered films probably stems from a lower
crystallinity and nanosize effect in the case of sputtered films.

In conclusion, the Raman investigation of the electrochemical LixV2O5 system
has been allowed in the first step through a rigorous and careful establishing
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Fig. 6.31 In situ Raman spectra of a galvanostatically lithi-
ated LixV2O5 thin film, 0 ≤ x ≤ 1; asterisk, PC/LiClO4

(from [134]).
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of reference Raman data on the various lithiated phases involved in the lithium
insertion mechanism governing the electrochemical behavior of the V2O5 positive
electrode in secondary lithium batteries.

In the second step, Raman microspectrometry has been applied for the first
time to investigate the local structure of sputtered V2O5 thin films, 600-nm thick,
after electrochemical lithiation in the potential range 3.8–2.8 V. A qualitative
characterization of the normal vibrations of the V2O5 lattice with their assignments
to particular atomic displacements has allowed to discuss the changes occurring
in the Raman spectra of the LixV2O5 films for 0 < x ≤ 1. In particular, the vanadyl
stretching mode located in the high-wavenumber region (994 cm−1) is of utmost
importance since it constitutes a Raman band highly sensitive to Li interaction,
which allows a meaningful and relevant discussion of the experimental data. Three
main results are obtained from the Raman features of the LixV2O5 films:
1. For x < 0.5, all the Raman bands are consistent with the existence of the

ε-phase as confirmed by the Raman spectra of the electrochemical and chemical
phases that completely superimpose with a vanadyl mode at 984 cm−1.

2. For 0.5 < x ≤ 1, a continuous shift of the apical stretching mode from 984 to
975 cm−1 and the emergence of a new vanadyl band at 957 cm−1 from x = 0.7
has been ascribed to Li insertion into the ε-phase with a continuous, expanded
interlayer distance. This finding is consistent with the occurrence of two kinds
of Li sites reported in literature for the Li rich ε-phase called ε′.

3. The presence of the δ-phase is never detected.

These Raman findings, in good accord with our XRD data on the sputtered
V2O5 thin film oxide, indicate the structural response of such films consists in a
single-phase behavior that strongly contrasts with the more pronounced structural
changes described for bulk samples with the emergence of one- and two-phase
domains as well as the formation of the δ phase from x = 0.6. It is thought that this
difference mainly stems from a nanosize effect, the stacking of platelets occurring
over only 40 nm × 200 nm. Hence a more homogeneous Li insertion reaction can
take place in the present films, avoiding local overlithiation phenomenon and
allowing a better relaxation of the host lattice and a lower structural stress. Actually,
the degree of crystallinity and the morphology of the thin films strongly contribute
to the structural changes as Li accommodation proceeds.

6.3.5
Titanium Dioxide

We focus now on TiO2, which is an interesting candidate for electrode applications
in photoelectrochemical solar cells [135] and rechargeable lithium batteries [136].
The tetragonal anatase polymorph of TiO2 is of special interest, owing to its ability
to store a significant amount of Li as well as its convenient insertion potential around
1.5 V. First ex situ XRD investigation of the anatase LixTiO2 system reported the
existence of a tetragonal-to-cubic phase transition [137], which has been proved to
be irrelevant by further neutron diffraction [138, 139] and in situ powder XRD [140]
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investigations that rather invoked the existence of a phase transformation toward a
Li-rich phase, here referred to as lithium titanate (LT) with orthorhombic symmetry.

As far as is known from the literature, spectroscopic data for the anatase
bulk have been limited because of the poor availability of single crystals [141–143].
Nevertheless, the two Raman spectroscopic studies [141, 142] and one IR study [143]
made it possible to definitely determine all the zone-center vibrational frequencies.
Considering the anatase LixTiO2 system, Raman data are limited to a few studies
[144–148]. The main contributions have been recently reported in [146–148] on
composite powdered electrodes.

We report here recent Raman data [146, 148] on LixTiO2 composite electrodes (0 ≤
x ≤ 0.6) with the pure anatase powder being synthesized via the sol–gel process
according to the procedure reported in. [148]. Structural changes and reversibility
are discussed in relation to structural data drawn from XRD experiments. These
results illustrate the usefulness interest of lattice dynamics simulation to perform
a quantitative and thorough analysis of all the Raman features.

TiO2 anatase has a tetragonal symmetry (space group D19
4h, I41/amd, number

141) [149]. The unit-cell parameters are a = b = 3.8 Å; c = 9.61 Å. It is known that
zigzag chains are formed in the close-packed planes owing to anion stacking and
the half occupancy of the octahedral sites by titanium ions. Each [TiO6] octahedron
shares two adjacent edges with other [TiO6] units in the (b, c) plane to form infinite,
planar double chains parallel to a and b. These double chains share corners with
identical chains above and below and are shifted along the c-axis with respect to
each other. Finally, all [TiO6] octahedral share four edges and all oxygen ions are
bonded to three titanium ions.

The typical galvanostatic curve of TiO2 anatase is illustrated in Figure 6.32.
At C/20 rate, one main discharge process located at 1.75 V is evidenced and
corresponds to the insertion of 0.56 Li ion per mole of oxide according to the

Fig. 6.32 First discharge/charge curve of TiO2 anatase as a
function of the depth of discharge in 1 M LiClO4/PC (C/20).
(a) x = 0.56; (b) x = 0.45; and (c) x = 0.3 (from [148]).
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reaction:

TiO2 + xe− + xLi++ ⇐⇒ LixTiO2

The charge process occurs at a higher voltage around 1.9 V. The efficiency
(Qox/Qred) of the intercalation process in the anatase is around 80%. These
electrochemical data show that the extraction of lithium is only partially quantitative
whatever the depth of discharge is.

Several authors have shown that chemical [138, 139] or electrochemical [137, 140]
lithium insertion in the anatase structure induces from the first lithium contents a
phase transformation leading to lithiated titanate Li0.5TiO2. Ohzuku et al reported
from XRD powder experiments a cubic symmetry for the Li0.5TiO2 compound
[137]. However, recent works based on XRD [140] and either neutron-diffraction
data [138, 139] reported for LT Li0.5TiO2 an orthorhombic structure indexed with
Imma space group.

In fact, the initial anatase structure with tetragonal symmetry and the new
orthorhombic lithiated titanate structure have very close diffraction patterns.The or-
thorhombic lithiated titanate consists of the edge-sharing TiO6 octahedra giving rise
to an open structural framework. The lithium ions are located between the TiO6 octa-
hedra within the octahedral voids. The overall orthorhombic distortion of the atomic
positions in the change from anatase to lithium titanate is small. XRD studies [138,
139, 148] showed the following changes in the unit cell dimensions of the anatase
structure upon lithiation: from a = b = 3.80 Å; c = 9.61 Å to a = 3.81 Å, b = 4.07 Å,
c = 9.04 Å. In lithium titanate, the a- and b-axes become different in length by about
7%, mainly increasing in the b-direction and decreasing in the c-direction by 9%. Ex-
amination of the interatomic distances reveals that the anatase structure is deformed
upon lithiation [139]. This entails a reduction of symmetry by lost of C4-axis on
going from the pristine TiO2 tetragonal I41/amd to the Li0.5TiO2 Imma structures.

According to Cava et al. [138], the Li ions in the orthorhombic phase are randomly
located in about half of the available interstitial octahedral 4e sites. This suggestion
was also deduced from theoretical calculations [150]. Hence, only a maximum
lithium uptake of 0.5–0.6 Li+ ions per mole of TiO2 can be inserted in the lithiated
titanate structure at room temperature. This agrees with recent quantitative NMR
results [151] and with the Li0.56TiO2 composition of the electrochemically formed
orthorhombic phase found in [148].

The Raman spectra observed for different LixTiO2 (0 ≤ x ≤ 0.6) compositions
are shown in Figure 6.33 [148]. Corresponding wavenumbers of the Raman bands
are reported in Table 6.6.

At low Li concentration (up to x = 0.15), the Raman spectrum is very close to that
of the pure titanium oxide. Only a complex band structure in the high-frequency
region seems to sign the presence of a new system. Along with increasing x up to
x = 0.3 and x = 0.5, several spectroscopic changes are observed:
• The main bands of pure anatase (144, 398, 518, 639 cm−1) are well detected.

However, the band maximum position of the band at 518 cm−1 shifts to
525 cm−1 and that of the band at 639 cm−1 slightly shifts to 634 cm−1.
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Fig. 6.33 Raman spectra of electrochemically lithiated
LixTiO2(x = 0; 0.15; 0.3; 0.5; 0.56) (from [148]).

• Several new bands appear – a complex band structure in the
high-wavenumber region, a band at 559 cm−1 whose intensity increases with x,
another broad band structure around 320–330 cm−1 with a peak at 357 cm−1

and two bands in the low-wavenumber region at 166 and 233 cm−1.

According to the factor group analysis, the 15 optical modes of TiO2 anatase have
the irreducible representation 1A1g + 1A2u + 2B1g + 1B2u + 3Eg + 2Eu [141]. The
A1g, B1g, and Eg modes are Raman active and thus, six fundamental transitions are
expected in the Raman spectrum of anatase:

�Raman = 1A1g + 3B1g + 3Eg

The typical Raman fingerprint of anatase, shown in Figure 6.33 curve (a), exhibits
five Raman bands at 144, 198, 398, 518, and 639 cm−1. The band at 518 cm−1 is
resolved into two components at 507 cm−1 and 519 cm−1 only at 73 K [141].
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Upon increasing Li concentration in the TiO2 host lattice, the evolution of the
Raman spectra clearly indicates the emergence of a new phase. For low Li content
(x = 0.15), the local symmetry of pure anatase is kept, as shown by curve (b) in
Figure 6.33. Upon increasing Li concentration, the modification of the original
anatase Raman spectrum indicates a break of the local symmetry, probably owing
to the appearance of the lithiated phase Li0.5TiO2 with an orthorhombic symmetry
(Imma). This new phase exhibits several typical Raman bands with wavenumbers
cited in Table 6.6. A good agreement exists with the experimental data recently
reported from an in situ Raman study on nanosized TiO2 anatase powders [147].
A Raman study on TiO2 anatase thin films reported several broad Raman bands,
located at 176, 224, 316, 405, 531, and 634 cm−1 [144]. However, the vibrations of
the propylene carbonate–LiClO4 electrolyte and the ITO substrate hinder most of
the Raman spectrum and the authors did not assign the observed new features to
the Li0.5TiO2 phase.

The tetragonal-to-orthorhombic structural transition implies a reduction of sym-
metry of TiO2 lattice from D4h to D2h. As a consequence, the A1g and B1g modes of
tetragonal anatase lattice transform into Ag modes and Eg modes split into B2g(x)
and B3g(y) modes of the orthorhombic LT lattice. It comes out that nine lattice
modes are predicted for orthorhombic Li0.5TiO2:

�Raman(LT-lattice) = 3Ag + 3B2g + 3B3g

Owing to small extent of the structural distortion, a fairly moderate perturbation
of the phonon states of the TiO2 lattice can be expected. However, the coupling
between TiO2 lattice modes and vibrations of the Li atoms will cause considerable
changes in the Raman spectrum, giving rise to the emergence of new modes
assigned to lithium vibrations and band splitting due to perturbated lattice modes
[146].

Interpretation of the complex Raman spectrum of lithiated anatase requires the
knowledge of Li positions. The NMR [151] and quasi-elastic neutron scattering data
[139] suggest that the Li atoms have several positions within octahedral interstices
and dynamic hopping between them occurs. The data of. [139] were interpreted
with triply split Li positions, namely Li1, Li2, and Li3, one of which (Li2) was found
considerably displaced from the center of the interstice with the shortest Li–Oax

distance of 1.67 Å (Figure 6.34).
Lattice dynamics simulations have been performed to determine the frequency

region of vibrations of Li atoms within TiO2 host lattice [146]. Within these
simulations, the potential model of the TiO2 lattice, borrowed from [141], was
supplemented by the Li–O, Li–Ti and Li–Li potentials. Taking into account the
variety of possible Li atom positions, the Li–O force constant K was represented
as a function of Li–O distance R. The dependence K(R) was retrieved from the
available references on the Li–O force constant values in different molecules and
crystals [152] and justified by the quantum mechanical simulations [146]. Spectra
calculations have been carried out for each Li position, with R(Li–O) values shown
in Figure 6.7–6.34 [139]. Taking into account the Li–O stretching modes along
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Fig. 6.34 The multiple Li environments in LT-Li0.5TiO2, with
the different Li–O bond lengths indicated (in angstroms)
(from [146]).

each of the three orientations, 12 Raman active modes are expected for each of the
three Li positions in LT-Li0.5TiO2:

�Raman(LT) = (3Ag + 3B2g + 3B3g)lattice + (Ag + B2g + B3g)Li

This leads to a complex pattern of simulated Raman spectra, which has made it
possible to assign all the experimental observed features (Figure 6.35).

The Raman spectrum of the reoxidized material (Figure 6.36) is typical of the
anatase fingerprint, which indicates the recovery of the tetragonal framework upon
oxidation. However, some extra bands are still observed in the high-wavenumber
region. This result suggests the presence of strong Li–O bonds that are not broken
in the course of the reoxidation process and that are probably responsible for the
partial loss of rechargeability of the material evidenced in Figure 6.32.

In conclusion, Raman experimental data reported in [148] supported by lattice
dynamics simulation described in. [146] allow to evidence that
1. Li atoms in LT phase have multiple positions in the octahedral interstices of the

orthorhombic LT phase. The multiplicity of possible Li positions manifests
itself in the Raman scattering spectra as splitting of the bands originated from
the Li atom oscillations along different orientations. This leads to the
occurrence of multiple Raman bands originated from the Li atom vibrations,
covering a wide wavenumber range from 450 up to 950 cm−1. Simulated spectra
show six Li-bands lying above 450 cm−1 and six lattice modes below 650 cm−1.

2. Particular Li positions with rather short Li–O distances have been found to give
rise to high-wavenumber features above 800 cm−1.
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Fig. 6.35 (Top) Experimental Raman spec-
trum of Li0.5TiO2 showing the active lat-
tice modes originating from anatase (in
green), the new lattice modes perturbated
by Li–Li interactions (in blue), and the new
Li–O stretching modes (in red); (Bottom)

Simulated Raman spectra of lithium titanate
with Li atoms in Li2 position (b), in Li3
position (c), and in Li1 position (d). The
x-coordinates are Raman shifts, values ex-
pressed in cm−1 (from [146]).

3. Partial electrochemical rechargability could be explained by the existence of
these strong Li–O interactions observed in the high-frequency range.

4. Some Li interactions take place with the TiO2 lattice, this perturbation leading
to the splitting of the low-frequency lattice modes.

6.4
Phospho-Olivine LiMPO4 Compounds

Over the past few years, phosphate-based materials LiMPO4 (M = Fe, Mn, Co or
Ni) isostructural with olivine have generated considerable interest as a new class
of cathodes for lithium-ion rechargeable batteries [153–156]. Indeed, in contrast
to LixCoO2 materials which decompose at elevated temperature, leading to oxygen
evolution, LiMPO4 compounds have a highly stable 3D framework due to strong
P–O covalent bonds in (PO4)3− polyanion, which prohibits the liberation of oxygen
[153]. These characteristics provide an excellent safety and a stable operation of
battery even under unusual conditions [156].

Much attention has been focused on the low-cost and low-toxicity LiFePO4 com-
pound because of its attractive theoretical capacity (170 mA h g−1), based on the
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Fig. 6.36 Raman spectra of a LixTiO2 electrode, x = 0
(TiO2), x = 0.5 (LT-phase), and reoxidized electrode
(from [147]).

two-phase reaction occurring at 3.4 V versus Li+/Li working potential [153–156]:

LiFePO4 −−−→←−−− FePO4 + e− + Li+

Its excellent stability during normal cycling and storage conditions make this
material particulary attractive for large scale applications such as hybrid and electric
vehicles. However, the major drawbacks are the low capacities achieved even at
moderate discharge and the poor rate capability, associated to limited electronic
and/ or ionic conductivity. To address these issues, researchers have optimized
synthesis techniques to minimize the particle size, which proved successful in
achieving long-term cyclability of nanosized LiFePO4 [157], or have incorporated
additives to increase conductivity. The latter approach includes coating the olivine
particles with carbon by incorporating an organic or polymeric component with
the precursors before firing [158, 159], adding metal particles to the mix [160], or
solid-solution doping by metals supervalent to Li+ [161]. All have met with success
in improving performance. An example of optimization is illustrated in Figure 6.37,
where the quality of the carbon coating, achieved by additive incorporation, accounts
mainly for the performance variations.

There have been several investigations into the structure of LiMPO4 compounds.
The majority have used Mössbauer spectroscopy and X-ray absorption spectroscopy
to focus on the local structure around transition metal ions [156, 162, 163]. Tucker et
al. used 7Li and 31P magic angle spinning nuclear magnetic resonance (MAS-NMR)
to investigate the environment of the Li and P atoms in some LiMPO4 materials
[164, 165].



6.4 Phospho-Olivine LiMPO4 Compounds 151

Fig. 6.37 Discharges of Li/1 M LiPF6,
EC-DMC/ LiFePO4 cells at 0.055 mA cm−2,
showing the carbon-coating improvement
achieved by incorporating small amounts of
a polyaromatic additive during the sol–gel
synthesis. (a) Sol–gel synthesis with additive,

1.15% total carbon; (b) solid-state synthesis
from iron acetate, 1.5% carbon; (c) sol–gel
synthesis with no additive, 0.69% total car-
bon; and (d) sol–gel synthesis with no addi-
tive, 0.4% total carbon (from [159]).

The vibrational features of olivine-type compounds are well documented. Early
work by Paques-Ledent and Tarte focused on identifying the atomic contributions
of vibrational modes in a series of LiMPO4 olivine compounds [166, 167]. Using
a computational simulation employing a normal coordinate analysis based on the
Wilson’s FG matrix method [168] Paraguassu et al. provided for the first time a
complete set of Raman wavenumbers for LiMPO4 (M = Fe, Co, Ni) with their
assignments to vibrational motions and symmetry species of the crystal group
[169]. Their predicted values are in good agreement with the experimental Raman
features reported for single crystals [170, 171] and polycrystalline powder.

LiFePO4 is characterized by a true olivine structure (space group D2h
16 – Pnma).

The primitive unit cell is centrosymmetric, with four formula units in the cell.
There are two types of octahedral sites; the divalent cations Fe2+ are randomly
located on the largest 4c site with Cs symmetry, the monovalent cation Li+ being
located on the smaller 4a site with Ci symmetry. The pentavalent P5+ are located
in ‘‘isolated’’ tetrahedra PO4 in 4c site with Cs symmetry. They bridge the FeO6

chains to form an interconnected 3D structure (Figure 6.38). The arrangement of
the different coordinated groups was given in [172].

Group theory [170, 171] showed that the normal vibrational modes of LiMPO4

are distributed on the irreducible representation of the D2h point group as

�vibr = 11Ag + 7B1g + 11B2g + 7B3g + 10Au + 14B1u + 10B2u + 14B3u
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Fig. 6.38 Schematic representation of the polyhedral struc-
ture of LiFePO4, showing the arrangement of tetrahedral
PO4 and octahedral FeO6 entities (from [153]).

The number of predicted active fundamentals is rather large: 36 for the Raman
spectrum, but the number of observed bands is smaller than the number of
predicted active fundamentals. It is usual, although not strictly correct, to classify
these vibrations into internal and external modes [167]. Internal modes refer to
vibrations occurring in the PO4

3− tetrahedra and external to pseudorotations and
translations of the units. The translations include motions of the center-of-mass
PO4

3− and M2+. It should be mentioned that this separation is a guide to
discussion only, because the vibrations may be coupled. The assignment of the
LiMPO4 internal modes is made using the simplified Herzberg’s notation for
the vibrational modes of a free PO4 tetrahedron [173]. According to this, the
free PO4 group representations decompose into the irreducible representations
of the Td symmetry group as A1 + E + F1 + 3F2. Among these, the internal
vibrations in terms of symmetry species are A1(ν1) symmetric P–O stretching,
E(ν2) symmetric O–P–O bond bending, F2(ν3) antisymmetric P–O stretching,
and F2(ν4) antisymmetric O–P–O bond bending. The Raman wavenumbers and
assignments observed for LiFePO4 are summarized in Table 6.7. The Raman
spectrum of LiFePO4 is shown in Figure 6.39.

Raman spectroscopy was carried out to follow the chemical delithiation process
in LixFePO4 (0 ≤ x ≤ 1) [174]. Important changes in the spectral features were
observed in the first delithiation step: the presence of new lines with increased
intensities upon LixFePO4 delithiation, several band splitting, and frequency shifts
(Figure 6.40). In particular, new Raman bands were observed in the ν1 and ν3

stretching region at 911, 962, 1064, 1080, and 1124 cm−1. In spite of a lack of
thorough vibrational analysis and symmetry assignments, the authors assign these
new features to the FePO4 compound. The Raman positions were observed to be
independent of the lithium content, and the authors found their results to be in
accordance with the generally adopted two-phase process [153].
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Table 6.7 Raman wavenumbers and assignments for LiFePO4.

107
151
161
199
226
245
292
410

447
499
513

572
595
612
631
657

953

999
1071

106
147
157
195
238
249

442

571
586
628

949

995
1067
1079

Translations
of FeII, PO4 and
rotations

ν2(PO4)

ν4(PO4)

ν1(PO4)

ν3(PO4)

External modes

Internal modes
essentially

Raman
wavenumbers
from [248]

Raman
wavenumbers
from [243]

Assignment

Fig. 6.39 Raman spectrum of LiFePO4 microcrystals (from [169]).

Conversely, a recent vibrational study reported a contrasting finding failing
to support the well-accepted two-crystalline-phase mixture model for lithium
extraction [175]. In this work, the main Raman bands observed for delithiated
Li0.11FePO4 are in good agreement with those reported in [174]. However, a
deconvolution analysis of the vibrational spectra is provided, which allows to
evidence an additional significant broadband contribution both in the Raman and
FTIR spectra of Li0.11FePO4. The authors claim that the two-phase process for
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Fig. 6.40 Raman spectra in the 800–1200 cm−1 frequency
range obtained for chemically delithiated LixFePO4 samples
(from [174]).

tranformation of LiFePO4 into FePO4 upon lithium extraction probably includes a
pathway where a highly disordered phase is generated.

The carbon coating of the LiFePO4 matrix required for the electrochemical
application of this material hinders any bulk Raman data on the LixFePO4 cathode
material to be obtained. This is illustrated in Figure 6.41, where the typical Raman
spectrum of a LiFePO4 powder exhibits only a sharp band at 953 cm−1 and two
weaker bands at 997 and 1098 cm−1 assigned to the internal modes of the (PO4)3−

anion [159]. These weak features are explained by the fact that Raman spectroscopy
allows to examine phenomena on a carbon surface within a limited penetration
depth (about 50–100 nm with a 514.5-nm green laser beam [176]. The two intense
broad bands observed at ∼1590 and 1350 cm−1 are assigned to carbon vibrations on
the basis of the corresponding features in the spectrum of graphite. The structure
at 1590 cm−1 mainly corresponds to the G-line associated with the optically allowed
E2g zone-center mode of crystalline graphite. The structure at 1350 cm−1 mainly
corresponds to the D-line associated with disorder-allowed zone-edge mode of
graphite.

In so far as the structural properties of carbons are known to be strongly related
to the shape of the G and D bands [177–188], Raman spectroscopy, in the field
of LiFePO4-based cathode materials, is mainly considered as a diagnostic tool to
evaluate the quality of the carbon coating. This property is of utmost importance
since several observations indicated that the structure of carbon coating influences
greatly the electrochemical performance of LiFePO4 powders and films [159,
189–191]. Several studies have shown that the shape of the D and G carbon bands
change substantially with the pyrolysis temperature and the nature of the precursor
material. This effect is illustrated in Figure 6.41, where the Raman spectra of the
residual carbon are in fact resolved into four components located at ∼1190, 1350,
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Fig. 6.41 Microraman spectra for different processed
LiFePO4 powders. The corresponding electrochemical dis-
charge capacities are (from top to bottom): 58, 77, 106, 120,
126 mA h g−1 (from [159]).

Fig. 6.42 Raman spectrum of the residual carbon of a
LiFePO4 powder, with the deconvolution shown below
(from [189]).

1518, and 1590 cm−1 (Figure 6.42). The bands at 1190 and 1518 cm−1 have uncertain
origin but have been assigned to short-range vibrations of sp3-coordinated carbons,
as already observed in disordered carbon blacks and diamond-like carbons [159,
189–191]. Some authors have found a relationship between the electrochemical
capacity and the integrated Raman intensity ratios of D/G bands and sp3/sp2

coordinated carbons [189–191]. As shown in Figure 6.43, the lower both ratios, the
higher the performance exhibited by the LiFePO4 composite electrode. This trend
was interpreted in terms of the increasing amount of larger graphene clusters in
the very disordered carbon structure, and consequently, an improved electronic
conductivity of the carbon deposit [159, 189].
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Fig. 6.43 Electrochemical discharge capacity of LiFePO4 elec-
trodes in lithium cells versus structure of residual carbon
(from [159]).

6.5
General Conclusion

The results analyzed and discussed in this work clearly indicate that it is now
possible to obtain a lot of helpful structural data from the Raman spectra of various
Li-intercalated host lattices, from transition metal oxides to phosphates. This
approach is proved to considerably enrich the understanding of the relationship
between structure and electrochemistry of cathode materials for lithium batteries.
Though Raman spectroscopy is a nondestructive analysis and does not require
any specific conditioning of the sample, a great part of Raman data on cathode
materials mainly deals with the strating materials and the usual approach remains
very qualitative, owing to the lack of a clear and justified assignment of the Raman
bands. In particular, very few significant data are available on electrochemically
reduced, oxidized, or cycled LiCoO2, LiNiO2 compounds in spite of their large
impact in the field of Li-ion batteries.

Most of the contributions devoted to the LiCoO2, MnxOy, Li–Mn–O, LixV2O5

and LixTiyOz systems suffer from a lack of understanding the complex Raman
features observed. We have demonstrated in the case of LixV2O5 and LixTiO2

phases that an appropriate experimental approach that enables obtaining reliable
Raman fingerprints on lithiated samples, combined with a theoretical approach
based upon lattice dynamics simulation, could afford a complete picture of the
local structural deformations upon lithium insertion.

Raman spectroscopy constitutes an excellent local probe to enrich the knowledge
of the structure of Li intercalation compounds. Structural informations such as
local disorder, changes in bond lengths, bond angles, coordination, Li dynamics,
cation ordering etc. can be provided by this technique. A dynamic picture of the
electrochemical insertion reaction (phase transitions, local structural changes vs. Li
content, C rate, number of cycles, grain size, temperature etc.) can then be obtained.
In other words, we have shown that specific electrochemical questions could be
solved using the Raman microprobe. As an example, the loss of electrochemical
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reversibility for LixTiO2 can be related to the existence of strong Li–O interactions.
In the case of LixV2O5, we have shown that the structural response was strongly
influenced by the nanosized electrode morphology, whereas for LiFePO4, the
electrochemical performance of the carbon-coated cathode is strongly related with
the amount of graphene clusters evaluated from the Raman analysis of the carbon
bands.

As of now, two fundamental aspects need to be developed: the first one consists
in the extension of the use of Raman spectroscopy to various electrode materials,
the second is to build up reliable and appropriate theoretical models allowing a
quantitative assignment of the Raman features. This should lead to a comprehensive
view of the local structure and Li-induced distortions and prompt the interest of
Raman microspectrometry for many researchers involved in material science
applied to the field of energy storage.
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7
Development of Lithium-Ion Batteries: From the Viewpoint of
Importance of the Electrolytes

Masaki Yoshio, Hiroyoshi Nakamura, and Nikolay Dimov

7.1
Introduction

Lithium has a low atomic weight and a high ionization potential that results in
high energy density compared to lead and zinc electrode materials widely used in
the traditional batteries. These facts have been often highlighted by many scholars
since the early 1970s. However, the development of rechargeable lithium systems
working at ambient temperature has been retarded owing to the safety issues
related with the secondary lithium anodes.

Lithium-ion batteries (LIBs), employing carbon materials instead of lithium
metal as a negative electrode, were developed by Asahi Kasei Co., Japan [1] and
on the basis of their patent, commercialized by Sony Co. and A&T Battery Co. in
1991 and 1992, respectively. Later on, LIBs were widely accepted as a lightweight,
compact electric power sources for mobile electric devices because of their high
energy density, availability in a wide temperature range owing to organic solvent
electrolytes, and the lack of memory effect. LIBs have been applied to cellular
phones, laptop computers, camcorders, digital cameras, etc. Recently, the area of
application of LIBs has been extended to power tools, battery-assisted bicycles,
hybrid electric vehicles (HEVs), etc.

Figure 7.1 depicts the increase in capacity of the cylindrical 18650 cells (diameter
18 mm, length 650 mm) from 1992 to 2006. Initially developed carbonaceous
materials exhibited capacity of roughly 200 mA h g−1 and LiCoO2 usable capacity
was nearly 130 mA h g−1 because the charging voltage was limited to 4.1 V. Because
of these limitations, the overall capacity of these early batteries was smaller than
1 A h. The energy density of the LIBs has gradually increased by employing carbon
materials having higher capacity. At that time it was widely believed that the highly
crystallized graphite with larger capacity cannot be used as an anode for LIBs
because of the severe catalytic electrolyte decomposition on its surface in the course
of repetitive charge/discharge cycles. Notably such decomposition occurs in all alkyl
carbonate solutions, that is, not only in propylene carbonate (PC)-based but also
in ethylene carbonate (EC)-based electrolytes. However, the use of EC electrolyte
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Fig. 7.1 Increase in the 18650 cell capacity year by year.

solvent to replace PC electrolyte solvent greatly suppresses solvent decomposition
on the surface of the graphite anodes and was the key to developing higher
capacity cells, which was achieved in the mid-1990s. Since most of the highly
graphitized graphite blends increase solvent decomposition to unacceptably high
levels, artificial graphite with lower degree of graphitization such as graphitized
mesophase carbon (first generation MCMB 6–28) was chosen as an anode. Its
practical capacity is around 280 mA h g−1.

In 1997–1998, the energy density of the LIBs increased rapidly. Functional
electrolytes were introduced by H. Yoshitake. They contain several additives and all
electrolyte ingredients are highly purified to overcome the low battery performance
of highly graphitized graphite anodes [2, 3]. Following the introduction of the
functional electrolytes, the hard carbon anodes or graphite with lower degree of
graphitization were quickly replaced by graphite anodes, which resulted in the
quick increase of the LIB energy density shown in Figure 7.1. The electrochemical
mechanism explaining the role of the additives is as follows: all compound
additives decompose during the first charging prior to electrolyte decomposition.
Decomposition products of the additive cover the active points of the graphite
anode and suppress further electrolyte decomposition at the active sites. Therefore,
the surface film formed by the additives on the anode plays an important role and
partly replaces the solid electrolyte interface (SEI) film formed by the decomposition
of the electrolyte solvents. This research result allows increase in the degree of
graphitization of the anode carbon and now the practical capacity of the most
anodes used in LIBs is close to the theoretical value (372 mA h g−1). Functional
electrolytes contain various additives such as 1,3-propanesulton (PS) [4], vinylene
carbonate (VC) [5], and some other anode-film formers that improve not only the
cyclability of LIBs but also their safety. The amount and the type of the additives
vary and depend on the degree of crystallization of the graphite. Among the most
suitable graphite blends that show superior battery performance in the presence
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of these electrolyte additives is the artificial graphite called ‘‘MAG,’’ which is
produced by Hitachi Chemical Co. Superior performance of this material is
explained by its morphology, which allows the electrolyte to penetrate inside the
MAG particles through a set of tiny channels [6]. The MAG market share in Japan
is more than 60% in the field of LIBs for cellular phones. Soon after H.Yoshitake
(Ube chemical Co.), M. Ue (Mitsubishi Chemical Co.) commercialized another
electrolyte blend containing various additives under the name Role Assigned
Electrolytes [7, 8].

Production of LIBs with graphite anodes is now widespread. At the same time,
laminated film-packaged cells have been developed with the invention of additives.

In 2003, novel additives for improving the cathode capacity were developed by H.
Yoshitake [16, 17] and the capacity of the 18650 cells reached 2.4 A h. It corresponds
to an energy density of over 200 W h kg−1 or 500 W h l−1. These values were
reached in part by increasing the cell operating voltage to 4.2–4.3 V, which, in turn,
increases the practical capacity of LiCoO2 in the LIB. However, charging voltage
exceeding 4.2 V leads to electrolyte oxidation on the surface of LiCoO2. To suppress
the decomposition of the cell electrolyte at the active sites on the surface of LiCoO2,
new additives should be firstly decomposed at the active points of the cathode; these
additives should suppress further electrolyte decomposition in a way similar to that
at the anodes. Surface films formed at high voltage/high oxidation potential were
called conductive membranes by Yoshitake. This new finding is particularly useful
in the case of new cathode materials with higher energy density. For example,
LiCo1/3Mn1/3Ni1/3O2 has comparatively low capacity when the charging voltage is
limited to 4.2 V.

There are at least two ways to further increase the energy density of the LIB. The
first is to work in a wider voltage window, which means increasing the charging
cutoff voltage, or decreasing the discharging cutoff voltage, or changing both. The
second is to adopt a new generation of anode materials, based on the alloying
type of electrochemical reaction. Alloying of lithium with certain elements is very
attractive because the Li : M mole ratio in the LixM alloy at the end of charge
might be much higher than in the case of the intercalation hosts, which generally
cannot accommodate and release large amount of Li+ to maintain a stable crystal
lattice over the cycles. The most promising elements that form binary alloys with
Li in an appropriate potential window are Al, Si, Sn, and their alloys. Silicon is
the most attractive because of its low atomic weight, high lithium uptake, and
low alloying potential versus Li/Li+. Replacing the graphite anodes widely used at
present with silicon may result in a next generation of LIBs with energy densities
approaching that of the primary lithium cells. Successful development of such
LIBs is supposed to be closely related to the development of new binding systems,
electrode fabrication techniques, and electrolyte additives specifically designed to
protect the moving phase boundaries of the alloying type of anodes.

We describe the importance and the various roles of the additives, which are now
indispensable materials in the LIB industry.
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Fig. 7.2 LUMO and HOMO values of compounds, X, Y, and Z.

7.2
General Design to Find Additives for Improving the Performance of LIB

The fundamental process for finding appropriate electrolyte additives consists
of the following steps: first, appropriate software package (in our case, Win-
MOPAC V3.5) that implements molecular orbital (MO) theory is employed to
calculate the energies of the lowest unoccupied molecular orbital (LUMO) and
the highest occupied molecular orbital (HOMO) of the respective molecule under
consideration.

LUMO is the orbital that acts as an electron acceptor, because it is the lowest
energy orbital that has room to accept an electron. Having lower LUMO energy
means that the respective molecule is a better electron acceptor and the correspond-
ing compound will tend to decompose at higher voltage. The latter is a favorable
property for additives at the anode side. If we consider three compounds X, Y,
and Z with HOMO and LUMO energies as shown in Figure 7.2, they will tend to
decompose on the anode site in the following order: Y > X > Z.

On the other hand, high HOMO energy relates to the tendency for oxidation.
Therefore, the same compounds will tend to decompose on the cathode site of the
cell in the following order: Z > X > Y.

It is interesting to classify the electrolyte solvents for 3- and 4-V nonaqueous
batteries from the standpoint of MO theory. Figure 7.3 shows the calculated LUMO
and HOMO for various solvents used to prepare 3- and 4-V electrolytes. These are
the most popular electrolyte solvents for LIBs at present. They are PC, EC, dimethyl
carbonate (DMC), diethyl carbonate (DEC), ethyl methyl carbonate (EMC), and
γ γ –butyrolactone (γ -BL) for the case of 4-V electrolytes, and 1,2-dimethoxy ethane
(DME), diethoxy ethane (DEE), tetrahydrofuran (THF), and 2-methyl tetrahydrofu-
ran (2MeTHF) for the case of 3-V cells. It is clearly seen (Figure 7.3) that the solvents
for 4-V electrolytes have lower HOMO energies than those for 3-V electrolytes,
which means that it is rather difficult to oxidize them. High resistance toward
oxidation of these 4-V electrolyte solvents is a natural requirement, keeping in
mind that the LIB cathode materials in their charged state consist of metal oxides
that are strong oxidizers. On the contrary, electrolyte solvents for 3-V cells possess
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Fig. 7.3 Classification of electrolyte solvents for 3- and 4-V
battery electrolyte using MO theory.

higher LUMO energies, making them reduction-resistant and compatible with the
Li metal used as an anode.

It is noteworthy that appropriate range of HOMO/LUMO energies of the
candidate electrolyte additive molecule is a necessary, but by no means sufficient,
condition that determines whether a given compound will act as an appropriate
electrolyte additive. Besides possessing HOMO/LUMO orbital lying within the
appropriate energy range, the candidate compound should satisfy at least the
following conditions:
1. The additive should be stable in the presence of the electrolyte.
2. The additive should be reduced prior to the solvent decomposition and form

alternative SEI on the anode.
3. The additive should be electrochemically stable on the cathode site in the

course of repetitive charge/discharge cycles.

Note that requirement (2) relates to the MO concept, but is not equivalent to it,
because some additives may not decompose at a sufficiently high rate though their
HOMO/LUMO values may lie within the appropriate energy range. Therefore,
requirement (2) represents the need of sufficiently fast kinetics of the alternative
SEI layer formation process.

Therefore MO theory gives us the necessary first step of the research, namely,
estimating the reduction and oxidation potential of chemicals and screening the
appropriate compounds as anodic or cathodic additives for LIB electrolyte accord-
ing to their decomposition potentials. The relation between the LUMO energies
and the reduction potentials of some chemical compounds and solvents measured
using platinum electrode in LiPF6 solutions is shown in Figure 7.4.

The following compounds have been studied in this manner: PS, VC, vinyl
acetate (VA), PC, EC, allyl methyl carbonate (AMC), ethylene sulfite (ES), methyl
acetate (MA), divinyl adipate (ADV), and catechol carbonate (CC) and its derivatives
[10–12]. Figure 7.4 shows that the decomposition potential of these compounds
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Fig. 7.4 Relation of LUMO values and reduction potential measured on a platinum
electrode.

correlates very well with their LUMO energies. Such a straightforward relation-
ship allows us to estimate the reduction potential of the candidate additives by
means of the calculated LUMO values. It is noteworthy that PC or EC decom-
pose at around −0.5 V (versus Li/Li+) on platinum electrodes, but at around
0.5–0.8 V versus Li/Li+ on graphite electrodes owing to their catalytic action.
Therefore, appropriate additives should decompose at potentials higher than 0.5
V versus Li/Li+, form stable films on the graphite anodes, and prevent electrolyte
decomposition due to catalytic decomposition of the solvents. In accordance with
Figure 7.4, appropriate LUMO values of the candidate anode additives should
lie below 1 eV, i.e., higher reduction potential than the PC or EC decomposition
potential at the graphite anode. We have determined temporarily that the appro-
priate LUMO energies of the candidate anodic additives should fall within −1 to
1 eV.

The relationship between the HOMO energies and the oxidation potential of the
same compounds measured using platinum electrode in LiPF6 solutions is shown
in Figure 7.5. HOMO energies correlate in a linear fashion with the oxidation
potential and we are able to estimate the oxidation potential of the anodic candidate
additives by their HOMO energy values in a way similar to the case of LUMO
energies and reduction potentials.

As mentioned above, the anode additives should not get decomposed by the
cathode oxides and therefore their HOMO energies should be distributed between
−9 and −11.5 eV. The value of −11.5 eV stands for the oxidation potential of
PC/EC.

Summarizing the considerations above, we finally arrive at the following rule of
thumb for screening anodic electrolyte additives: HOMO energies of the suitable
candidates should fall between −11.5 and −9 eV, while their LUMO energies
should fall between −1 and 1 eV. This rule takes into account the fact that
the additive should decompose prior to the electrolyte solvent on the anode
surface and at the same time remain resistant against oxidation at the cathode
site.

On the contrary, suitable cathode additives should decompose on the surface of
the cathode site, cover the active points of the respective metal oxides, and remain
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Fig. 7.5 The relation between HOMO energies and oxidation
potential of several anodic additives and solvents.

Fig. 7.6 The suitable HOMO and LUMO energy range for
anode and cathode candidate electrolyte additives.

resistant toward reduction on the anode site. Therefore HOMO energies of these
candidates should fall between −8 and −9.5 eV and their LUMO energies between
−1 and 1 eV. These regions are shown in Figure 7.6.

7.3
A Series of Developing Processes to Find Novel Additives

After the invention of the functional electrolyte, the usage of highly crystalline
graphite as an anode material for LIBs has become possible and this has led to
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Table 7.1 Successive steps for developing the electrolyte additives.

� First screening: evaluation through MO calculation (calculation of HOMO and
LUMO energies)

� Second screening: analysis of physical properties of the surface layer
(oxidation/reduction potential, conductance, viscosity of electrolyte)

� Third screening: charge/discharge and battery test using various electrolytes
� Analysis of the used cell and characterization (electrolyte and SEI characterization

by GC, HPLC, NMR, FT-IR)

an increase in the energy density of the cells. These types of electrolytes sup-
press gas evolution from the electrodes, especially during the first charging and
greatly improve the cycle performance of the cells. Functional electrolytes have also
contributed to the usage of PC with graphite anodes. Each functional electrolyte
contains several kinds of additives and highly purified electrolyte ingredients.
Owing to the high purity of all electrolyte ingredients, HF formation is greatly sup-
pressed. Its concentration in the electrolyte is limited to less than 20 ppm for more
than three months and the electrolyte remains stable and colorless. The functional
electrolyte contains at least PS and VC plus typically two or three extra additives
taken in small quantities to improve the performance of the highly graphitized
anodes. These additives have been developed through several successive steps
shown in Table 7.1.

After the first screening of the candidate additives, their effectiveness should be
examined directly during the second screening step. Decomposition of PC-based
solvents was employed as a criterion for estimating the effectiveness of the can-
didate additives. Since PC solvents are easily decomposed on the graphite anode,
PC-based electrolytes were used as fingerprint solvent systems by changing the PC
solvent ratio and the second solvent type [13]. Thus electrolytes based on the mixed
solvent PC/DMC can passivate graphite anodes more effectively than PC/DEC
mixed solvent because the reduction products of DMC-containing electrolytes have
lower solubility than those of DEC-containing electrolytes [14]. Results of the cycle
experiments of several additive candidates have been published [12].

Charge/discharge curves of a graphite anode in PC/DMC (1 : 2 by volume) mixed
solvent systems are shown in Figure 7.7. PC decomposes at a 0.7–0.8 V (versus
Li/Li+), which is clearly seen as a long plateau in voltage/capacity coordinates. Such
a plateau always appears in the absence of additives due to severe decomposition
of PC at the graphite anode. In this case, PC molecules decompose by means of a
one-electron reaction [10].

The intercalation/deintercalation of Li+ into graphite seems to be very smooth
in the presence of a PS additive as shown in Figure 7.7(b). PS seems to form a
protective layer on the graphite during the first charging process, and Li+ intercala-
tion occurs even in PC-based electrolyte. This example clearly shows that PC-based
electrolytes are a convenient and effective means of evaluating the additives and
are widely used as a fingerprint electrolyte. PS, VC, VA, CC, and succinimides
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Fig. 7.7 Charge/discharge curves of natural graphite in 1 M
LiPF6-PC/DMC (1 : 2): (a) in the absence of additive and (b)
in the presence of 1% PS.

studied in such a way proved to be effective additives forming protective layers with
appropriate properties on the surface of the graphite anodes.

Results obtained using PC-based electrolytes served as a basis for the third
screening shown in Table 7.1. It consists of a practical life-cycle test performed
with an EC-based electrolyte in the presence of the additive that has passed the
second screening. Figure 7.8 shows the cyclability of LiCoO2/graphite cell with VC
and PS additives. The electrolyte containing PS shows better cyclability than that
containing VC.

However, the selection of additives is not so simple, because their effective-
ness depends also on the nature of the graphite anode. AMC seemed to form
a protect layer film as other additives do, but the mobility of Li+ within the
SEI film derived from AMC reduction is too low to maintain adequate lithium
insertion into graphite at a sufficient rate. Therefore the last two steps shown
in Table 7.1 are absolutely necessary to approve the suitability of candidate
additives.
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Fig. 7.8 Cyclability of 18650 LiCoO2/graphite cells in the
EC-based electrolyte: (a) without additive (gray dots, the
best), (b) 1% PS addition (empty triangles, middle), and (c)
1% VC addition (black dots, the worst).

7.4
Cathodic and the Other Additives for LIBs

The energy density of an LIB that consists of LiCoO2 as a cathode and graphite
as an anode had almost approached its theoretical maximum in 2004. Trials
to use new cathode materials such as layered Ni-based materials, for example,
LiNixCoyMnzO2, where x + y + z = 1, were initiated to increase the energy density
of the LIB. Although the capacity of LiNixCoyMnzO2 is higher than that of the
LiCoO2, it is necessary to charge it to higher than 4.2 V or discharge it to less
than 3.0 V to achieve higher energy density. However, Ni-based materials tend
to deteriorate when the charging voltage becomes higher than 4.2 V. Since the
potential distribution on the surface of the cathode is not homogeneous, the
electrolyte would decompose at the active points of the cathode when charging
potential exceeds 4.2 V. Because the principles behind designing cathode additives
resemble those of anode additives, new types of cathode additives were introduced
in 2004. One of the proposed additives is biphenyl (BP) and its derivatives. BP
was originally developed as an overcharge protector because it starts releasing
substantial amount of gas at around 4.5 V versus Li/Li+. The gas released at such
a high voltage opens the safety cap at a certain pressure and then the battery
operation stops [15]. To develop a gas pressure that is sufficient to open the safety
vents, at least several percent addition of BP is needed. This large BP excess leads
to the formation of a protective film that is too thick. Such a thick film covers the
cathode so tightly that it makes the cathode inert and no longer usable.

To use BP as a cathode additive, one should add it in much smaller quantities.
Thus addition of 0.1–0.2% BP yields a very thin film on the cathode surface formed
during the initial charging process. It covers the cathode-active sites and improves
the cyclability of the cathode [16, 17].

The effect of BP content on the cyclability of LiCoO2/graphite cells was studied
under the following conditions: charging to 4.3 V at 45◦C, which is a hard cycle
test condition for the cells. The cyclability of the cell is poor without additives, but
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Fig. 7.9 Cycle performance of LiCoO2/graphite cylindrical
cells with 1 M LiPF6-EC/MEC 3/7 electrolyte for three cases:
without additive, with BP 0.1 wt %, and with BP 2 wt %.
Voltage window 2.7–4.3 V, test performed at 45◦C [17].

the electrolyte containing 0.1% of BP shows the best results as seen in Figure 7.9.
Thick film with low conductivity was formed at the first charge/discharge in the
case of high BP content (2%), which suppressed the smooth reaction of Li+ with
the cathode. On the contrary, polymerized thin conductive film was formed on the
surface of LiCoO2 in the case of BP 0.1% addition. The conductive polymerized thin
film is called electroconducting membrane (ECM) by Abe et al. Novel type batteries
using Ni–Mn–Co materials as a cathode are now being developed by means of
cathode additives.

The cycle performance of LiCoO2/graphite cells was tested using several cathode
additives in the presence of the popular anode additive, VA. The results are shown
in Figure 7.10. In the presence of VA alone, capacity degradation develops roughly
100 cycles after the beginning of the test because of the electrolyte decomposition
taking place at the cathode site owing to the higher charging voltage. However,
electrolytes that contain heterocyclic compounds in addition to the anodic additive
(VA) show satisfactory cycle performance, similar to the case of BP addition.

As discussed above, the recent high-quality LIBs contain several different types of
additives. One of the important additives is the overcharge protector. This additive
releases hydrogen gas at higher voltages and activates the current interrupt device
and safety vent to prevent fire and smoke. Cyclohexylbenzene (CHB) is a commonly
used overcharge protection additive along with BP.

By virtue of the important role of electrolytes in LIBs, there are different ways
of modification from different viewpoints. For instance, there are electrolytes
designed for better SEI performance of carbon anode material as mentioned
above and additives such as trioctyl phosphate, alkyl and aryl esters R-COOR′,
for improving the wettability of the separator. Fluorinated cyclotriphosphazene
has been developed as a novel flame-retarding additive in the electrolyte for LIBs.
Phosphazenes have a good effect on the thermal stability of LiCoO2 cathode without
affecting the performance of the LIB. The possible mechanism for the influence of
the additive on the thermal stability of LiCoO2 has been presented in Ref. [18].
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Fig. 7.10 Cycle performance of
LiCoO2/graphite cylindrical cells in 1 M
LiPF6-EC/MEC 3/7 in the presence of VA
(1 wt %) as a base electrolyte. Various
cathode additives have been tested (BP,

N-methylpyrrole (MPL), Furan, thiophene
(TPN), and 3,4-ethylenedioxythiophene
(EDT)). Amount of the additives maintained
at 0.1 wt %. Test conditions: 2.7–4.3 V at
45◦C [17].

7.5
Conditioning

Formation of SEI caused by electrochemical reaction on the carbonaceous electrode/
electrolyte interface has been debated for a long time. SEI film strongly affects
the gas evolution during charge/discharge cycles. Such a film always forms on the
surface of the graphite electrodes in the presence of various electrolytes. This is
why controlling the SEI film formation is very important for the LIB industry. The
process of SEI film formation and growth is called conditioning or aging in the LIB
community. This is one of the most important manufacturing operations, because
the safety of LIB depends mainly on this process. Two types of conditioning are
considered here:
1. Conditioning process in the absence of anode additives is performed in the

following way: first, fast charging is done with a rather high current density.
Such a charging mode yields SEI on the anode with minimum electrolyte
decomposition. After the formation of the SEI film, the cell is kept in its
charged state at room or elevated temperature for two or three weeks to grow
the SEI film. The voltage of the cells is measured again following the period of
storage. Differences in voltage at the start and at the end of storage period are
used to sort out the cells. Cells having lower voltage after storage develop a
tendency of internal short circuits due to dendrite lithium metal deposition or
other metal deposition. Since the cylindrical can is composed of stainless steel,
which tolerates gas pressure of up to 20 atm, there would be no need for
additives for the graphite anode. However, recent big accidents such as the fire
that occurred in the case of cells lacking electrolyte additives or containing less
additives has led to increase in the conditioning time.

2. Conditioning process in the case of well-designed additives for anode graphite
is performed in a different manner. Since the protective layer film on graphite
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is formed by the well-designed additives and not by solvents (common SEI
film), the applied charging rate is rather slow (around 1/4C rate). Several
charge/discharge cycles are completed at this rate to complete the protective
film layer formation. After the completion of several charge/discharge cycles,
the cells are kept again at their charged state at room or elevated temperature
for several days to grow the protective film.

Figure 7.11(a) shows the appearance of natural graphite. Figure 7.11(b) and (c)
shows the SEI film without and with additive (VA), respectively. It is clearly seen
that the SEI film formed on the graphite surface is not homogeneous. A large
number of minute spots are observed instead. The spots form because of addition
of the VA to the electrolyte. Adequately formed SEI film plays a crucial role in the
safe operation of the LIB.

Intercalation of Li+ into graphite in PC-based electrolytes is possible even in the
absence of additives, but only at the expense of a reduced PC ratio as shown in
Figure 7.12(a). However, in this case a voltage plateau at around 0.6 V appears,
lowering the initial coulomb efficiency, and metallic lithium deposition seems
to occur. The area of the active sites in an LIB is large. It is the result of the
different potentials at each point of the anode. Such nonhomogeneous voltage

Fig. 7.11 SEM of (a) natural graphite, (b) natural graphite
after charge in the absence of VA, and (c) natural graphite
after charge in the presence of VA.
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Fig. 7.12 (a) The voltage profile of graphite versus Li/Li+

in 1 M LiPF6 PC : MEC = 1 : 4. (b) SEM image of graphite
electrode cycled versus Li/Li+ in 1 M LiPF6 PC : MEC = 1 : 4.

distribution facilitates the deposition of metallic lithium because there are points
having potential approaching 0 V versus Li/Li+.

Figure 7.12(b) clearly illustrates that the charge distribution on the graphite
surface is not homogeneous. There are some parts of electrode surface that
resemble exfoliated/expanded graphite. Li+ cannot intercalate into the exfoliated
graphite. On the other hand, it is a good electric conductor, on which lithium or
metal ion deposition may take place.

This would be a typical example of a graphite-based LIB in several tens of
cycles. Some graphite would be damaged or exfoliated, and would not accept Li+

intercalation, but would facilitate Li metal deposition. The conditioning process
aims to establish a stable and safety SEI film.

Another important and interesting result revealing the importance of the elec-
trolyte additives is described next [9]. Figure 7.13(a) and (b) shows a graphite
anode after the completion of six cycles under the following conditions: voltage
window 0.005–2.000 V, current density 0.4 mA cm−2 at 0◦C. The cell configuration
was Li/1 M LiPF6-EC:DMC (1 : 2 by vol.)/graphite. In each cycle, the cells were
equilibrated at 0.005 V versus Li/Li+ for 10 hours. The color of the electrode shown
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Fig. 7.13 Appearance of the graphite electrode cycled in
the (a) absence of electrolyte additives at 0◦C versus Li/Li+

and (b) presence of 0.5 wt % propane sulton at 0◦C versus
Li/Li+.

in Figure 7.13(a) is not golden, which is the first-stage color of lithiated graphite
(LiC6) because low-temperature cycling induces Li metal deposition especially in
the absence of additives.

When using an appropriate additive (0.5 wt %), for example, PS, the appearance
of the same type of electrode under the same conditions is shown in Figure 7.13(b).
It has the typical golden color of LiC6. This means that the additive was decomposed
during several charge/discharge cycles and deposited at the active sites of graphite,
preventing the formation of metallic Li. Hence, for the LIB industry, additives are
the key materials that make it possible to use highly crystalline graphite anodes
and suppress the Li metal coexistence with lithiated graphite, thus increasing the
safety of LIBs.

References

1 Yoshino, A., Jitsuchika, K. and
Nakajima, T. (1985) Jap. Pat. 1989293
(1985/5/10), Assahi Chemical Ind.

2 Yoshitake, H. (1999) Techno-Frontier
Symposium Makuhari, Japan.

3 Yoshitake, H. (2000) Functional

Electrolyte in Lithium Ion Batteries

(M. Yoshio, A Kozawa, and N.K.
Shinbunsha) Nikkan Kogyou Shin-
bun, pp. 73–82 (in Japanese).

4 Hamamoto, S. and Hidaka, A.,
and Abe, K. (1997) US P.6,033,809
(1997/8/22).

5 Fujimoto, M., Takahashi, M., and
Nishio, A. (1992) Jap.Pat. 3059832
(1992/7/27).

6 Ishii, Y. Fujita, A., Nishida, T.,
and Yamada, K. (2001) HitachiKa-
sei Tech. Rep. 36(2001-1)27.

7 Ue, M. (2003) Techno-Frontier
Symposium, Makuhari, Japan.

8 Ue, M. (2005) 22nd Interna-
tional Battery Seminar and
Exhibit, Fortlauderdale, Fl.

9 Park, G.-J., Nakamura, H., Lee,
Y.-S., and Yoshio, M. (2009)
J. Power Sources, 189, 602–606.

10 Wang, C., Nakamura, H., Komatsu,
H., Yoshio, M., and Yoshitake, H.
(1998) J. Power Sources, 74, 142.

11 Yoshitake, H., Abe, K., Kitakura, T.,
Gong, J.B., Lee, Y.S., Nakamura, H.,



178 7 Development of Lithium-Ion Batteries: From the Viewpoint of Importance of the Electrolytes

and Yoshio, M. (2003) Chem. Lett.,
32, 134.

12 Abe, K., Yoshitake, H., Kitakura, T.,
Hattori, T., Wang, H., and Yoshio,
M. (2004) Electrochim. Acta, 49,
4613.

13 Nakamura, H., Komatsu, H., and
Yoshio, M. (1996) J. Power Sources,
63, 213.

14 Aurbach, D., Daroux, M.L., Faguy,
P.W., and Yeager, E. (1987) J.
Electrochem. Soc., 134, 1611.

15 Mao, H. (1999) U.S. Pat. 5,879,834.
16 Abe, K., Takaya, T., Yoshitake, H.,

Ushigoe, Y., Yoshio, M., and Wang,
H. (2004) Electrochem. Solid-State
Lett., 7, A462.

17 Abe, K., Ushigoe, Y., Yoshitake,
H., and Yoshio, M. (2006) J.
Power Sources, 153, 328–335.

18 Zhang, Q., Noguchi, H., Wang, H.,
Yoshio, M., Otsuki, M., and Ogino,
T. (2005) Chem. Lett., 34, 1012.



179

8

Inorganic Additives and Electrode Interface

Shinichi Komaba

8.1
Introduction

Electrolyte additives for lithium-ion batteries are widely studied to improve the
battery performance. The active materials used for the positive and negative
electrodes as well as the functional electrolytes are required to realize satisfactory
higher energy, power densities, and cyclability. In view of recent progress in
realizing improved functionality of organic and inorganic electrolyte additives,
this chapter reviews the impact of various inorganic ions as electrolyte additives
and electrode coatings on the battery performance on the basis of these recent
achievements.

In chemical batteries, energy storage and conversion are achieved by the reduction
and oxidation of active materials accompanied by electron and ion transfer. The
reversible electrochemical reaction enables us to fabricate rechargeable or secondary
batteries. Higher energy density depends on the higher electrochemical activity
of the electrode materials, and therefore, researchers in the fields of materials
science, solid-state chemistry, and electrochemistry are now focusing on highly
electroactive materials for negative and positive electrodes. Considerable amount
of research on the electrode materials is being carried out in the development of
new materials for next generation secondary batteries.

Lithium-ion batteries possess the highest theoretical and practical energy density
among the present commercial batteries. For advanced lithium-ion batteries, higher
capacity and higher lithium-ion conductivity are required for the active materials
and electrolyte, respectively; these essential elements determine the theoretical
limit of energy and power densities. The operation voltage of lithium-ion batteries
is the highest among practical batteries. This means that the highly oxidative and
reductive states appear for the positive and negative electrode, respectively, in fully
charged state, so that the stable interface of (negative electrode)/electrolyte and
electrolyte/(positive electrode) is very important for long lifetime and adequate
safety of the total battery system. To achieve the optimum performance in a
practical cell, we need research and development of not only essential components,
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Copyright  2009 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
ISBN: 978-3-527-31983-1



180 8 Inorganic Additives and Electrode Interface

(negative electrode)/electrolyte/(positive electrode), but also additives that influence
the interface. It is here reviewed that electrolyte additives for lithium-ion batteries
play an important role in bringing out the capability of the original material.
Actually, use of electrolyte additives is one of the most economic and effective
methods for the improvement of lithium-ion battery performance.

Several literatures and books [1–3] concerning lithium-ion battery materials
have been published already. Recently, Zhang reviewed and discussed organic and
inorganic chemical additives and their functionality [4]. In the literature, additives
are divided into several categories according to their functions: (i) solid electrolyte
interphase (or interface) (SEI) forming improver, (ii) cathode protection agent,
(iii) LiPF6 salt stabilizer, (iv) safety protection agent, (v) metallic Li anode improver,
and (vi) other agents such as solvation enhancer, Al corrosion inhibitor, and wetting
agent. This chapter gives a general description of the function and mechanism of
each category of additives.

To improve the negative electrode performance in lithium-based secondary
batteries, inorganic additives are known to be effective, some of which are CO2

[5–7], HF [8, 9], HI [10], AlI3, MgI2 [11, 12], AgPF6 [13], and Cu(CF3SO3)2 [14].
Among various inorganic electrolyte additives, our group investigates the influence
of dissolved metal ions into electrolyte on the performance of lithium-ion batteries.
Our early motivation was a quantitative understanding of the influence of a
manganese electrolyte additive on the negative electrode because the deterioration
of C/LiMn2O4 was induced by the manganese dissolution from an LiMn2O4

electrode [15]. We also emphasize the requirement and usefulness of the new
additives to suppress the specific deterioration. On the basis of research work on
dissolved metal species from positive electrodes [16], it was found that a sodium
salt additive as well as a sodium salt coating is effective in enhancing battery
performance. This chapter mainly reviews our recent achievements with dissolution
of metal-ion additives into an electrolyte and with metal-ion additive coating.

8.2
Transition Metal Ions and Cathode Dissolution

The C/LiMn2O4 lithium-ion system is one of the most attractive in terms of cost,
abundance, toxicity, cyclability, and reversible capacity. However, a serious problem
standing in the way of the wider use of the spinel as a cathode is its poor storage
performance at high temperature. This issue was addressed by several groups
[17–21], and the general consensus was that the structural/chemical instability of
the spinel framework resulting in the Mn dissolution was at the origin of the poor
performance that was observed at high temperature. The dissolution mechanism
and its influence on LiMn2O4 frame structure have been investigated over the
past several years [22–26]. When the manganese species of Mn(II) compounds
and/or ions are dissolved from the cathode, the soluble manganese species will be
transferred by diffusion and migration toward the opposite anode through the thin
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Fig. 8.1 (a) Schematic drawing of C/LiMn2O4 cell showing
that dissolved manganese ions migrate and diffuse to-
ward the carbon anode. (b) Potential relation of the reac-
tions in the lithium-ion battery system, such as Li intercala-
tion/deintercalation into active materials and standard redox
potentials manganese, cobalt, and nickel.

separator as illustrated in Figure 8.1. They must be readily deposited on the carbon
because of the high deposition potential of Mn/Mn(II) (1.87 V versus Li/Li+).

In the Li/V2O5 secondary cell, the vanadium compounds also dissolved, and
were deposited on the Li anode [27]. Furthermore, the influence of the dissolved
manganese in primary Li/MnO2 cells has also been reported [28]. In the case of
secondary lithium-ion or metallic lithium cells, several research groups focused
on the degradation of the anode, that is, the existence of Mn particle deposits
was confirmed on the lithium metal after cycling [29, 30]. A very high impedance
was detected for the carbon anode [31]. Amatucci et al., especially, suggested that
the most obvious fact would be to have the Mn2+ reduction on the carbon anode
(essentially some degree of Mn plating) responsible for the large impedance of the
anode surface [31], and this fact would be identical to that for the primary Li/MnO2

cell [28]. A study on the influence of soluble species, which come from the cathode,
on the carbon anode is important to understand the degradation mechanism of
the battery and to improve the battery system [32]. Here, the influence of Mn(II)
electrolyte additive on the carbon is clarified from graphite–Li half-cell tests and
compared with those of Co(II) and Ni(II) additives [15, 16].

8.2.1
Mn(II) Ion

Natural graphite anodes usually show a constant reversible capacity of about
300–370 mA h g−1 depending on current density, and an irreversible capacity,
which is well known to be due to the electroreductive formation of the SEI on
graphite, is clearly observed at the first cycle [33, 34]. It is generally accepted that
this is due to the reductive decomposition of the electrolyte on the electrode. As a
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Fig. 8.2 Charge and discharge curves of graphite in LiClO4

EC : PC (2 : 1) electrolyte containing 150 ppm Mn(II) by
dissolving manganese perchlorate.

result of this decomposition, an SEI protective film that allows Li+ ion transfer but
prevents electron transfer is formed.

When the graphite electrode is tested in the Mn(ClO4)2 added electrolyte imitating
the Mn dissolution from the Li–Mn spinel into an electrolyte, its battery perfor-
mance severely suffers from the dissolved manganese. This indicates that the SEI
layer did not suppress the reduction of Mn(II). From the galvanostatic tests, the
initial charge capacity is remarkably increased by Mn addition, and the reversible
capacity is drastically decreased. As shown in Figure 8.2, for 150 ppm Mn(II), the
graphite electrode shows initial charge capacity of 1110 mA h g−1 from the 0.5-V
region, which is thrice as large as the theoretical capacity of LiC6 though the dis-
charge capacity was about 300 mA h g−1. As reported in [35], the Mn intercalation
hardly occurs into graphite by cathodic reduction. So, the huge irreversible capacity
is caused by Mn deposition and electrolyte decomposition on the Mn deposit as
schematically illustrated in Figure 8.3. The battery performance is degraded by
adding a small quantity of manganese. In a practical cell, the concentration of dis-
solved manganese increases up to several hundred parts per million; therefore, this
degradation will occur more severely in a practical cell because of the dependence of
Mn(II) concentration and quality. From scanning electron microscopy (SEM) and
electron probe micro analyzer (EPMA) analyses, many white particles that consisted
of manganese were observed on the entire surface after cycling. This is evidence
for the deposition of manganese. In the case of bulk Mn metal electrode, high
(electro-)chemical reactivity of electrolyte decomposition below 0.3 V (as shown in
Figure 8.4) independent of the SEI was confirmed, suggesting the narrower poten-
tial window of the Mn deposits. Consequently, the initial charge capacity becomes
very large with Mn deposition owing to the dramatic electrolyte decomposition,
and thus the initial coulombic efficiency is very low – less than 30%.

When the Mn dissolution occurs during higher temperature operation (or
storage) in a practical cell after cycling, the graphite electrode is already modified
with the SEI. In this situation, manganese perchlorate was added immediately after
the fifth discharge. Figure 8.5 shows the charge and discharge curves of graphite
before and after 150 ppm Mn(II) addition. Though good reversibility is obtained
until the fifth cycle, the sixth charge capacity reached 1680 mA h g−1, which is much
higher than 1110 mA h g−1 for the preaddition as mentioned above. Therefore, the
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Fig. 8.3 Schematic illustration of the influence of Mn(II)
addition in the electrolyte on the initial charge process of
the graphite negative electrode.

Fig. 8.4 Cyclic voltammograms of a Mn metal electrode
at 0.1 mV s−1 in a Li-ion electrolyte with (solid line) and
without (dashed line) LiI.

SEI layer cannot protect the graphite surface from the dissolved Mn(II), and the
decomposition of electrolyte and/or SEI is accelerated by the deposited Mn surface.

From these results, when manganese dissolution occurs in the graphite–
LiMn2O4, the discharge capacity will be decreased more severely by the graphite
anode limit; this is because highly charging the graphite to 1680 mA h g−1 is not
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Fig. 8.5 Charge and discharge curves of graphite in LiClO4

EC : DEC (1 : 1) during the initial five cycles, and then adding
150 ppm Mn(II) to the electrolyte before the sixth charge.

possible owing to the capacity balance of graphite and LiMn2O4 electrodes in a
practical cell.

Briefly, the mechanism of degradation of the negative electrode by Mn(II) is as
follows: first, manganese is deposited on the graphite surface followed by the drastic
decomposition of electrolyte with Mn metal, and therefore, the larger irreversible
capacity and the thick deposit on the electrode. Finally, the irreversible reaction
with manganese causes the imbalance in the state of charge between negative and
positive electrodes, resulting in the remarkable capacity loss of the practical cell.

8.2.2
Co(II) Ion

Cobalt dissolution from LiCoO2 occurs in the higher potential region, that is, the
overcharge region [36, 37]. A comparison between the influence of Mn(II) and
Co(II) should give us a useful information to help understand the difference in
the degradation between the C/LiMn2O4 and C/LiCoO2. The impact of Co(II) ions
on the performance of LiCoO2, Li metal, and graphite electrodes is introduced by
Markovsky et al. [38].

From the charge/discharge test in a 150 ppm Co(II) preadded electrolyte, the
initial charge reaction began from 1.6 V versus Li due to cobalt electrodeposition.
The deposition potential is higher compared to that of 150 ppm Mn(II) as shown in
Figure 8.1, in agreement with the fact that the standard redox potential of Co/Co(II)
(2.77 V) is higher than that of Mn/Mn(II). Its capacity of 1770 mA h g−1 is larger
than that of 150 ppm Mn(II). Almost all the cobalt ions would be deposited on
the graphite during the first charge, and cobalt deposit on the graphite was clearly
confirmed by microscopic observation in Figure 8.6. It is thought that the large
charge capacity, which is about 5 times larger than the theoretical capacity of LiC6, is
not due to electrochemical intercalation of Co(II) but the metallic cobalt deposition.
Furthermore, the electrochemical decomposition of the electrolyte and/or another
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Fig. 8.6 SEM images of graphite electrode surface after
10 cycles in the 150 ppm Co(II) added electrolyte.

Fig. 8.7 Discharge capacity versus cycle number plots of
graphite tested in LiClO4 EC : PC (2 : 1) containing 0, 40, and
150 ppm Co(II).

electrochemical reaction should be promoted by the electrodeposited Co metal on
the graphite.

As is seen in Figure 8.7, the variation in the discharge capacity is quite different
from those with the Mn(II) additive. The addition of 150 ppm Co(II) makes the
coulombic efficiency quite low during the initial few cycles, and then surprisingly,
the discharge capacity and the coulombic efficiency gradually increases up to 10
cycles. At the 10th cycle, the discharge capacity becomes greater than that of
the Co-free electrolyte. The discharge reaction appeared in two distinct regions:
0–0.3 and 0.3–1.5 V. As reported in [39], nanosized cobalt oxides, CoO and
Co3 O4, demonstrated a high capacity of 700 mA h g−1 between 0.01 and 3 V
versus Li as a negative electrode. The mechanism of Li reactivity involves the
formation and decomposition of lithia, accompanying the redox reaction of the
metal nanoparticles – the so-called ‘‘conversion.’’ In this case of 150 ppm cobalt,
there is the possibility that the Co deposits on the graphite consist of nanosized
particles that are significantly reactive and are covered with a cobalt compound
layer, which could be electrochemically active with the reversible absorption of
lithium, as schematically drawn in Figure 8.8. The two distinct regions; 0–0.3 and
0.3–1.5 V, should correspond to electrochemical reaction of graphite and cobalt
oxide, respectively.
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Fig. 8.8 Schematic drawing of the influence of Co(II)
addition into the electrolyte during the initial charge of the
graphite negative electrode.

These observations confirm that the influence of dissolved Co(II) originates from
the deposition of cobalt. After the deposition of Co, since the cobalt compound,
which is electroactive with the reversible absorption of lithium, would be formed
electrochemically, the additional redox reaction appears at the higher potential. The
degradation of lithium deintercalation/intercalation into graphite is prominent in
the Mn(II)-containing electrolyte compared to the Co(II)-containing electrolyte [16].
In a practical cell of C/LiCoO2, when cobalt dissolution occurs by overcharging, the
influence on the graphite anode would be gradually diminished by the following
several cycles.

8.2.3
Ni(II) Ion

The problems of manganese and cobalt dissolution from LiMn2O4 and LiCoO2,
respectively, have been clarified as mentioned above. Though nickel dissolution
from the LiNiO2 cathode has not yet been reported to our knowledge, LiNiO2-based
material has been used in a practical Li-ion cell. Hence, the interpretation of the
influence of the Ni(II) additive is also important.

When the graphite electrode in an Ni(II)-added electrolyte was examined, the
initial charge capacity increased because of electrodeposition of metallic Ni. That
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Fig. 8.9 Schematic drawing of the influence of Ni(II)
addition into the electrolyte during the initial charge of the
graphite negative electrode.

is, the graphite surface was partially covered with nickel deposits in situ, which
simply hindered the lithium intercalation with no electrolyte decomposition and
no lithium alloy formation as illustrated in Figure 8.9, so that their discharge
capacities decreased without such a high reductive capacity as in the cases of Co(II)
and Mn(II). On the other hand, it was reported that coating with metallic nickel by
chemical vapor deposition is effective in decreasing the irreversibility [40].

For the application of Mn-, Co-, and Ni-based oxides, such as spinel LiMn2O4

and layered Li(Ni,Mn,Co)O2, the above results will play an important role in
further understanding the battery performance and suppressing the degradations,
the high-temperature performance of the C/LiMn2O4 cell, and the overcharging
performance of C/LiCoO2.

8.3
How to Suppress the Mn(II) Degradation

As mentioned in the above section, the higher temperature degradation of the
C/LiMn2O4 system is mainly caused by the degradation on the negative electrode
side. Therefore, it is believed that solving the problem of anode deterioration is
very important for development of the entire C/LiMn2O4 system that is applicable
to hybrid and pure electric vehicles.
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With regard to spinel type LiMn2O4 cathode, suppression of Mn(II) dissolu-
tion from the spinel is essential for enhanced performance. Recently, battery
performance was successfully improved as a consequence of almost no manganese
dissolution in fluorine-free electrolyte of 0.7 mol dm−3 lithium bis(oxalato)borate
(LiBOB) ethylene carbonate (EC): propylene carbonate (PC): dimethylcarbonate
(DMC) solution, as described by Amine and coworkers [41]. To our knowledge,
from a number of earlier reports, spinel Li–Mn–O free from Mn dissolution
is a degradation problem that is yet to be solved. In our opinion, therefore, a
protection of the negative electrode from Mn(II) soluble in an electrolyte is also
important and useful for understanding and improving battery performance. Here,
we review the protective additives of LiI, LiBr, NH4I [42], and 2-vinylpyridine
[43] that are effective in suppressing the Mn(II) reduction (Mn electrodeposi-
tion) and the following drastic decomposition of electrolyte on deposited Mn
surface.

8.3.1
LiI, LiBr, and NH4I

The SEI layer does not protect the graphite from the soluble 150 ppm Mn(II),
resulting in high irreversibility as described in Figure 8.5. This degradation is
successfully suppressed by preaddition of LiI and LiBr into an electrolyte solution,
that is, dissolved Mn(II) is electrochemically reduced on the graphite, which brings
about large irreversible capacity resulting in quite low efficiency of 20%. The
preaddition of iodide or bromide is effective in suppression of the irreversible
reaction. Figures 8.10 and 8.11 show the cycle performance of graphite anode in
LiI- and LiBr-added electrolytes, respectively. The efficiency is improved from 20 to
50% and 77% by adding a small amount of LiI and LiBr, respectively. Increasing
the efficiency at the sixth cycle, the graphite exhibits discharge capacity in LiI- and
LiBr-added electrolyte even after the addition of Mn(II). The presence of halogen
anions in the electrolyte or at electrode surface influences the SEI-formation
process on the graphite surface, and it might form a highly ion-conductive layer
[44, 45]. Furthermore, addition of LiI is effective in improving cyclability of Li
metal anode as reported by Ishikawa et al. [11]. In this case, physical adsorption of
the iodide anion on the Li surface inhibits an interfacial reaction between Li and
electrolyte.

To clarify the interaction between Mn metal and iodide anions, the voltammetry
of metallic manganese electrode was examined in electrolyte solution with and
without LiI as shown in Figure 8.4. In general, no alloy formation is known to
occur with Li and 3 d metals such as Mn. Obviously, the high (electro-)chemical
reactivity of electrolyte decomposition below 0.3 V is promoted on the metallic
Mn surface in the LiI-free electrolyte as mentioned above. On the other hand,
the LiI addition effectively suppressed the decomposition since reductive/oxidative
current scarcely flows in the wide potential region between 0 and 2.5 V as is seen
in Figure 8.4. The specific adsorption of iodide on the Mn surface inhibited any
electrochemical reactions including the decomposition. Therefore, the electrolyte



8.3 How to Suppress the Mn(II) Degradation 189

Fig. 8.10 Variation in (a) discharge capacity and (b)
coulombic efficiency of a graphite electrode in 1 M LiClO4

EC : DEC containing LiI (as 500 ppm I) (thick line) and
no additive (thin line). Manganese perchlorate (150 ppm
Mn) was added into the electrolyte before the sixth
charge.

decomposition is suppressed by adsorption of iodide and bromide anions on the
Mn surface deposited on the graphite and, as a result, the efficiency is improved by
LiI and LiBr. When other inorganic and organic compounds containing iodine are
added into an electrolyte solution, the efficiency and reversible capacity after Mn
addition are also improved similarly.

In general, transition metal ions form ammonia-complex coordinated com-
pounds, and their deposition potential from the complex ions in an aqueous
medium is shifted toward the cathodic direction as transition metal ions are stabi-
lized by coordinate bonds with ammonia ligands. As shown in Figure 8.12, when
ammonium iodide was dissolved in the electrolyte into which Mn(II) was also
added after five cycles, ammonium ions could also suppress Mn deposition by
forming an Mn(II)-amine complex with a combination of the above iodide effect
as schematically shown in Figure 8.13. The degradation by Mn(II) addition during
cycling is more effectively suppressed by NH4I compared to those for LiI and LiBr.
The coulombic efficiency with dissolved Mn(II) is remarkably improved from 20 to
79% by the NH4I additive (Figure 8.12); furthermore, the charge/discharge curves
and discharge capacity are hardly changed in the following cycle, even after Mn(II)
addition.
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Fig. 8.11 Variation in (a) discharge capacity and (b)
coulombic efficiency of a graphite electrode in 1 M LiClO4

EC : DEC containing LiBr (as 500 ppm Br) (thick line) and no
additive (thin line). Manganese perchlorate (150 ppm Mn)
was added into the electrolyte before the sixth charge.

8.3.2
2-Vinylpyridine

Electrochemical polymerization is among the simplest and most interesting tech-
niques for fabricating a polymer-modified electrode [46, 47]. It is believed that
vinyl-type polymers synthesized by electroreduction [48, 49] are advantageous for
direct film formation on a negative electrode in lithium-ion cells as pointed out by
Besenhard and Winter’s group [48]. With the aim of suppressing the degradation
of the graphite performance due to dissolved Mn(II), besides LiI, LiBr, and NH4I
[42], 2-vinylpyridine (VP) [50] is also used as an electrolyte additive to effectively
inhibit the degradation by dissolved Mn(II). On the other hand, vinylene carbonate
(VC) additive hardly eliminates the degradation as described below [43].

Although the electroreductive decomposition of the electrolyte components
including the SEI formation on graphite is usually confirmed around 0.8–0.3 V, an
additional plateau clearly appears around 0.9–1.0 V in the curves earlier than the
electroreductive decomposition in the VP-added electrolytes as seen in Figure 8.14.
This is due to the polymerization induced by the electrochemical reduction of
VP monomers in Scheme 8.1 as described in previous literatures [48, 49], thus
resulting in the formation of poly(2-vinylpyridine) [50].
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Fig. 8.12 Variation in (a) discharge capacity and (b)
coulombic efficiency of a graphite electrode in 1 M LiClO4

EC : DEC containing NH4I ([NH4] = 150 ppm, [I] =
1050 ppm) (thick line) and no additive (thin line). Man-
ganese perchlorate (150 ppm Mn) was added into the elec-
trolyte before the sixth charge.

Electroreductive polymerization produces a polymer coating on the graphite
during the initial charge. Almost all the monomers in electrolyte seems to be
consumed in the first cycle, otherwise, the thick polymer film would hinder
subsequent electrochemical film formation at the surface. The electrochemical
polymerization occurs at a higher potential than that of the typical SEI formation
of 0.8 V, that is, the polymer is deposited before the SEI formation. It is reasonable
to think that the surface film formed in the VP-added electrolytes should differ
from the typical SEI film, which does not prevent Mn(II) deposition as mentioned
above. As described below, this film-forming VP as an electrolyte additive, 0.5 wt%,
was capable of suppressing the degradation of the graphite anode, and therefore,
improving the performance of graphite/LiMn2O4 batteries, whereas the addition
of VC was hardly effective for the suppression.

Figure 8.15 compares the charge and discharge behaviors in electrolytes with
and without 0.5% VP. At the sixth cycle, the charge capacity became significant,
about 1600 mA h g−1, with a high irreversibility induced by the electroreduction
of Mn(II) because the irreversible reactions simultaneously occurred along with
the intercalation in the lower potential range as is shown in Figures 8.3 and 8.5.
Surprisingly, the VP addition successfully suppresses these irreversible reactions
even though Mn(ClO4)2 is added into the electrolytes. Furthermore, Figure 8.15
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Fig. 8.13 Schematic drawing of the suppression mecha-
nism of the Mn(II) degradation by dissolving NH4I into the
electrolyte.

Fig. 8.14 Initial charge and discharge curves of graphite
electrodes at 35 mA g−1 in 1 mol dm−3 LiClO4 EC : DEC
(1 : 1) with 1, 0.5, 0.1 vol% VP and no VP.

confirms that the potential variation and absolute capacity for the VP-added system
is very similar to that obtained in the Mn(II)-free electrolyte. It suggests that
the stage structures of the lithium-intercalated graphite are successfully formed
without any irreversible reactions including the electrochemical plating of Mn
metal. Accordingly, the efficiency at the sixth cycle completely recovers from 20
to 98% with maintenance of the high discharge capacity by VP addition as shown
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Scheme 8.1 Electropolymerization of VP monomers.

Fig. 8.15 The sixth charge and discharge curves of graphite
in 1 mol dm−3 LiClO4 EC : DEC with 0.5% VP additive and
no additive. Manganese (II) perchlorate ([Mn] = 150 ppm)
was added before the sixth charge.

in Figure 8.16. In the cycles subsequent to the fifth, the discharge capacity (∼340
mA h g−1) is maintained with satisfactory efficiency.

On the other hand, the VC additive, which has a polymerizable double bond com-
parable to VP, is well known to positively enhance the performance of the graphite
[51–53]. When Mn(II) is added after six cycles in the electrolyte containing VC as
shown in Figure 8.17, the charge capacity of graphite anode reaches 717 mA h g−1

despite the fact that the capacity without VC was 1680 mA h g−1. Furthermore, the
discharge capacity after the Mn(II) addition decreases to about 200 mA h g−1. VC
addition makes the capacity retention worse, besides, the efficiency after Mn(II)
addition is scarcely improved by the VC addition. On the basis of our observation,
it is concluded that VC is hardly capable of depressing the Mn(II) degradation
[43]. The SEI film on the carbon anode consists of a heterogeneous mixture of
inorganic/organic compounds dependent on the electrolyte additives. It is believed
that the functionality of the surface film formed with VC differs from that with VP;
the aromatic pyridine ring should modify the functionality of the surface film to
suppress the Mn(II) deposition.

As already mentioned, the degradation is due to metallic manganese electrode-
position and also the following electrolyte decomposition promoted on the metallic
Mn surface. The irreversibility is almost completely suppressed by the VP addi-
tion. From AC impedance measurement, the total cell resistance is significantly
reduced by the addition of VP in the electrolyte. The VP addition suppressed the
Mn plating and the induced decomposition, so that the entire impedance and
resistances estimated from the semicircles become smaller by the protection of
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Fig. 8.16 Comparison of (a) discharge capacities and
(b) coulombic efficiencies of graphite negative electrodes at
35 mA g−1 in 1 mol dm−3 LiClO4 EC : DEC (1 : 1) with 0.5%
VP additive and without VP additive. Manganese (II) per-
chlorate ([Mn] = 150 ppm) was added before the sixth cycle.

Fig. 8.17 Charge and discharge curves of graphite electrode
in 1 mol dm−3 LiClO4 EC : DEC (1 : 1) with 6.6 vol% VC ad-
ditive. Manganese (II) perchlorate ([Mn] = 150 ppm) was
added before the sixth cycle.

poly(2-vinylpyridine). As reported previously, the electropolymerized film coating
protects steels against corrosion [49], so it is likely that the film formed on graphite
protects the lithium-intercalated graphite against the dissolved Mn(II) ions, namely,
the protective layer probably possesses a lithium-ion conductivity, but almost no
manganese-ion conductivity, and almost no electronic conductivity. Moreover, a
stable Mn(II) complex is possibly formed with the pyridine groups of the unreacted
monomers, a partly dissolved oligomer, or a polymer in an electrolyte solution sim-
ilar to the Mn(II)–amine complex as mentioned above. Presumably, manganese
deposition is also prevented by the complex formation because the stability of the
Mn(II) complex would make the reduction of Mn(II) difficult.
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Fig. 8.18 SEM images of graphite electrode sur-
face (a) without and (b) with VP additive after 10
charge–discharge cycles. Manganese (II) perchlorate ([Mn]
= 150 ppm) was added before the sixth charge.

Figure 8.18 shows SEM images of graphite electrodes cycled in the VP-free and
VP-added electrolytes to which Mn(II) was added after the initial five cycles. For
the VP-free electrolyte, graphite particles cannot be observed at all because, with
the deposition of many small white particles, an extremely thick deposit covers
the graphite electrode. This deposit is formed by the accumulation of metallic Mn
and the subsequent significant decomposition products. It is apparent that the
degradation of the graphite anode is due to this deposit preventing lithium inter-
calation into the graphite. Nonetheless, with VP addition, the deposit completely
disappears and the flake shape of the pristine graphite is still distinguishable even
with the addition of Mn(II). The surface of the graphite particles is smooth and
uniform because there are no small white deposits. The fact that the deposit did
not appear agrees with the above electrochemical results. Compared to the inor-
ganic additives such as LiI, LiBr, and NH4I, the effect of the VP additive is much
more remarkable owing to the difference in electrode morphology and cycling
behavior.

Because the morphologies between the VP-free and -added systems are different
(Figure 8.18), XPS was employed to analyze the surface chemicals. As is seen
in Figure 8.19, Mn 2p3/2 peaks are clearly observed at the same binding energy
for both cases, but with a different thickness and distribution. In the case of VP
addition, the peaks are remarkably weakened and almost disappear after sputtering
(note that a single peak at about 640 eV is due to an Auger peak of NiLMM of
the nickel current collector). This proves that the Mn-containing layer becomes
thinner by the electropolymerization of VP. Probably, the existence of Mn with
the VP additive is due to adsorption and/or complex formation within a thin solid
film of poly(2-vinylpyridine). The voltammetry of a manganese metal electrode in
an additive-free electrolyte confirmed its high (electro-)chemical reactivity in the
electrolyte decomposition as illustrated in Figure 8.4.

The XPS spectra of the electrode surface also confirms that manganese is not
metallic (639 eV) and not the dioxide (642 eV), but seems to be divalent or trivalent
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Fig. 8.19 Mn 2p XPS spectra of graphite negative electrode
cycled in the electrolytes (a) without and (b) with VP addi-
tive after 10 charge and discharge cycles. Mn (150 ppm) was
added before sixth charge. The time in minutes indicates
Ar+ ion etching duration.

such as MnO and Mn2O3 since all the Mn 2p3/2 peaks are situated around 641 eV,
suggesting an irreversible electrolyte decomposition with Mn as mentioned above.
If Mn(II) is dissolved, metallic Mn is first deposited; nevertheless, Mn(II) or Mn(III)
compounds, including an organic manganese compound, are readily formed at the
surface because of the high reactivity of Mn metal.

Figure 8.20 summarizes a schematic model of the surface of a graphite elec-
trode. For the VP-free electrolyte, when Mn(II) is dissolved in an electrolyte,
Mn metal is first deposited on the electrode, followed by a drastic decomposi-
tion of the electrolyte by the metal. Finally, a thick layer containing Mn(II)/(III)
compounds interferes with the lithium intercalation. When the VP additive is
dissolved into the electrolyte, the polymer layer is formed at about 0.9 V before
the typical electrolyte reduction at about 0.8 V; therefore, the SEI layer is modi-
fied with poly(2-vinylpyridine). This modified layer is capable of eliminating the
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Fig. 8.20 Schematic illustration of graphite electrode in (a)
VP-free and (b) VP-added electrolytes after the dissolution of
Mn(II) showing that the VP film suppresses the electrodepo-
sition of manganese.

Mn(II) deterioration, because the modified layer successfully blocks the Mn(II)
reduction.

For a lithium-ion cell, C/(spinel Li–Mn–O), the degradation of the carbon
anode is induced by the electroreduction of Mn(II) dissolved from the spinel;
this step can be suppressed by the film-forming additive of 2-vinylpyridine,
but VC hardly shows such an effect on the suppression. Although the VP
additive has the problem of increasing the initial irreversible capacity and
high polarization, it would be solved by precoating the graphite powder with
poly(2-vinylpyridine) by a chemical technique prior to cell assembly. Consequently,
novel types of additives are essentially important and necessary for suppression of
the deterioration.

8.4
Alkali Metal Ions

The inorganic ingredient at the graphite surface is effective for enhancing the
battery performance, for example, lithium, sodium, potassium [54], fluorine [55],
Mn(II), Co(II), Cu(II), Ni(II), Zn(II), Pb(II), and Ag(I) [56]. The influence of these
cations depends on the characteristics and nature of metal elements such as
deposition potential, alloy-formation ability with Li, potential window, and so on.
These studies have shown that, whatever the cations, the structural modification
of the electrode–electrolyte interface is one of the most important factors that
determine their anode performances. This section reviews the impact of alkali
metal ions – Na+ and K+ ions – as electrolyte additives for the enhancement of
battery performance, and, additionally, the application of Na2CO3- and NaCl-coating
for improving the battery performance of graphite.

8.4.1
Na+ Ion

The electroreducitve intercalation of various kinds of positive ions into graphite
was found in aprotic media in the 1970s [57]. Among various carbon materials that
are electroactive as intercalation hosts, graphitic derivatives are attractive for battery
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applications because they exhibit a high specific capacity, low working potential
close to that of lithium metal, and superior cycling behavior as the negative
electrode [58–60]. Not only lithium but also potassium, rubidium, and alkyl
ammonium ions are electrochemically intercalated into carbonaceous materials
[57]. However, sodium intercalation into graphite scarcely occurs even under
intense or moderate conditions. [61, 62], in spite of its significant advantages
over lithium intercalation, notably, a reduction of raw-material cost if sodium-ion
batteries with good performance could be developed.

When electrochemical reduction and oxidation of graphite were investigated in
an electrolyte containing both lithium and sodium salts, only lithium ions were
intercalated into graphite without sodium intercalation and deposition. Neverthe-
less, both lithium and sodium ions influence the SEI, and the codissolved sodium
ions improve the kinetics of lithium intercalation at the electrode interface with
no modification of graphite bulk structure and electrolyte conductivity [63]. There-
fore, the performance for Li-ion batteries is enhanced by sodium salt additive as
mentioned here.

Figure 8.21 shows the initial charge and discharge curves of a graphite electrode
in LiClO4 and NaClO4 solutions. In the sodium-free electrolyte, the natural graphite
shows a reversible capacity of about 320 mA h g−1 due to the lithium intercalation,
and an irreversible reduction is observed due to electroreductive formation of the
SEI on graphite around 0.8–0.3 V [63, 64], that is, the typical negative electrode
performance of graphite in lithium-ion cells. By dissolving 0.22 mol dm−3 NaClO4,
higher electrochemical performance is achieved for the graphite electrode as shown
in Figure 8.21, namely, the irreversible reduction is obviously suppressed, and a
higher reversible capacity is obtained. In this case, reversible lithium intercalation
predominantly occurs with no side reactions such as sodium deposition and
intercalation as supported by ex situ X-ray diffraction (XRD), suggesting that the
SEI layer depressed electron transfer between graphite and sodium ions because
of the selective permeability of lithium ions. There still remains the possibility of
slight sodium intercalation into the most superficial edge part of graphite, which
was difficult to detect with laboratory XRD or electrochemical techniques. The
extremely small amount of sodium can be reversibly inserted into graphite in
NaClO4 EC [65] or NaPF6 EC : DEC solutions [66]. The addition of 0.44 mol dm−3

NaClO4 also gave us the comparative electroactivity; however, one can notice that
not only the whole reductive but the oxidative potential curves are also shifted
40–50 mV toward the same negative direction, indicating that this is not due to
a polarization. The electrolyte conductivity is hardly influenced by 0.22 mol dm−3

NaClO4. To suppress the irreversibility and accomplish higher electroactivity, the
optimum concentration of sodium perchlorate was about 0.22 mol dm−3.

Figure 8.22 represents cyclic voltammograms of graphite electrode tested in
Na-free and 0.22 mol dm−3 NaClO4-added electrolytes. All redox couples in the
Na-free electrolyte, of course, correspond to the formation of stage structures
of lithium-intercalated graphite, i.e., stages I, II, III, IV, and diluted I. In spite
of sufficient concentration of sodium salt, additional electroreduction including
background current is hardly observed at potentials lower than the Na deposition
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Fig. 8.21 Charge and discharge curves of graphite in (a) 0,
(b) 0.22, and (c) 0.44 mol dm−3 NaClO4 and 1 mol dm−3

LiClO4 EC : DEC.

Fig. 8.22 Cyclic voltammogram of graphite electrodes
in LiClO4 EC : DEC (a) with and (b) without NaClO4

at 0.02 mV s−1.

potential in the voltammogram, so that metal plating of Na is not observed, while
lithium metal deposition at intercalated graphite electrode is observed with small
polarization. This implies that the SEI layer depressed electron transfer between
graphite and sodium ions because of the selective permeability of lithium ions, that
is, the SEI is not a sodium-ion conductor. When adding NaClO4, the basic redox
response is quite similar to that of lithium intercalation. However, each current
peak becomes sharp and intense with lower polarization. From the viewpoint
of lithium-ion battery application, the performance of graphite will successfully
improve with the use of Na+ ions as an electrolyte additive.

Figure 8.23 exhibits the variation in discharge capacities of graphite at constant
current. Capacity retention tested at both current densities was improved by adding
sodium salt, showing that the Na+ additive clearly enhances the cycle performances.
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Fig. 8.23 Discharge capacity versus cycle number plots
of graphite electrode with (filled plots) and without (open
plots) Na+ at (a) 17 and (b) 350 mA g−1.

Since the potential variation at the subsequent cycles agreed with the potential
plateaus due to lithium intercalation, the redox over 50 cycles would be due to
the reversible lithium intercalation with no sodium plating and intercalation. This
reminds us of the influences of other alkaline metal ions: the addition of KPF6 exhib-
ited a negative effect (see below), though K2CO3 addition enhanced the performance
of natural graphite [67]. These facts suggest that the alkali salt additives possess
combined effects of not only cation but also anion species, concentrations, solvents,
and so on, to vary the whole electrochemistry of electrode, electrolyte, and interface.

To discuss the interface structure, AC impedance measurements were carried
out in Na-free and Na-added (0.22 mol dm−3 NaClO4) electrolytes after cycling
at 350 mA g−1. Typical Cole–Cole plots obtained at the 50th cycles are superim-
posed in Figure 8.24. As expected, the impedance loci after 50 cycles are quite
different from Figure 8.23(b). At least two semicircles and an inclined line ap-
pear in each locus as seen in Figure 8.24. The first semicircle appearing at the
high-frequency region is attributed to the impedance relative to the presence of an
SEI layer at the graphite–electrolyte interface; the second semicircle appearing at
the middle-frequency region is attributed to the impedance of the charge-transfer
process. Finally, the straight line in the low-frequency region is attributed to the
Warburg diffusion associated with the finite lithium diffusion in the graphite lat-
tice. This figure indicates that the resistance of both the SEI layer (high-frequency
region) and the charge transfer (middle-frequency range) in an Na+-added elec-
trolyte are approximately half of those observed in a Na+-free electrolyte. The
dissolved NaClO4 in the 1 mol dm−3 LiClO4 electrolyte successfully modifies the
properties of the SEI film; as a result, the improvement in the electrochemical
performance is attributed to the interface modification by the Na salt additive.

Figure 8.25 compares the electrode morphologies after the 50th cycle in LiClO4

solution without and with 0.22 mol dm−3 NaClO4. White particles in submicrome-
ter size on the surface of the graphite flakes are observed in the SEM photos in the
case of sodium-free solution. On the other hand, for the Na+ additive system, the
deposits hardly appear at the surface, and the electrode morphology is composed of
the flakelike shape of pristine graphite even after 50 cycles. The deposits are formed
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Fig. 8.24 Cole–Cole plots of graphite electrodes with (filled)
and without Na+ (open) additive after the 50th reduction.

Fig. 8.25 SEM images of graphite electrodes tested in (a)
Na+-free and (b) with Na+-added electrolytes after the 50th
discharge.

by the irreversible decomposition in the first cycle and their number increased
during successive cycles.

Furthermore, from TEM photos in Figure 8.26, the rough and disordered
layer is also confirmed on the surface for the Na-free system. However, for the
Na-additive system, the graphite surface is covered with the homogeneous and
uniform layer. These surface layers should relate to the SEI, and it is likely that
this uniform interface including the SEI layer contributed to the enhancement of
the electrochemical performances. The surface morphologies in both micrometer
and nanometer scales are influenced by the presence of sodium, as shown in
Figures 8.25 and 8.26. It is believed that the uniform interface contributes to the
enhancement in the performance as a negative electrode.
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Fig. 8.26 TEM images of graphite electrodes tested in (a)
Na+-free and (b) with Na+-added electrolytes after the 50th
discharge.

The graphite electrode surface, i.e., the SEI layer after cycling, was analyzed by
TOF-SIMS as shown in Figure 8.27. Clearly, the definite amount of sodium ingre-
dient (m/z = 23) is confirmed at the surface cycled in the Na-additive electrolyte.
As this element is not detectable in the bulk of the material by XRD, sodium is
present only in the surface layer and uniformly distributed in the interface. This
sodium component resulted from entrapment in the SEI layer during the irre-
versible reduction similar to the lithium ingredient (m/z = 6 and 7). As described
in [68], the lithium-ion conductivity in solid oxide electrolyte is enhanced by the
larger interstitial space for the diffusion path introduced by the partial substitute of
the larger ions for parent element in the oxide framework. On the basis of earlier
reports, the incorporation of sodium should result in the partial substitution for
lithium in the SEI layer that enlarged the interstitial space, resulting in the highly
uniform Li conduction through the entire SEI layer. Probably, the desolvation of

Fig. 8.27 TOF-SIMS positive ion spectrum of graphite after
100 charge/discharge cycles in Na+-added electrolyte.
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Li+ ions during intercalation is made smoother and easier leading to less decom-
position of solvent molecules at the sodium-containing SEI. Surprisingly, it was
found that the intensity ratio of 6Li/7Li in TOF-SIMS results was much higher
than that of the 6Li/7Li isotopic abundance, 0.1, which was also observed for the
Na-free one. It seems that the SEI layer may possess an isotopic effect such as 6Li
enrichment.

From the surface–interface analyses, it was found that the improvement of the
electrochemical performances is attributed to the interface modification by Na salt
additive, that is, the interfacial kinetics rate is higher in presence of a sodium
additive. These points explain the improvement in the electrochemical behavior of
graphite in the codissolved electrolyte.

To verify the Na effect of the entrapment in the SEI, the first reduction and
oxidation of graphite was carried out in the Na-added electrolyte and then the
graphite electrode was cycled in the Na-free electrolyte after the second cycle by
transferring the electrode from the Na-added cell to the Na-free cell as shown in
Figure 8.28. When a sodium salt is contained in the SEI at the first cycle, the Na
effect is maintained even in the Na-free electrolyte, and when the graphite is cycled
once in an Na-free one, the capacity variation is rather the same as the result in the
Na-free electrolyte. This proved that the coexistence of Na after the second cycle,
i.e., SEI formation, has almost no effect on the electrochemistry. The Na additive is
required only during the first cycle, suggesting that the SEI modification is almost
complete during the cycle. Furthermore, the charge and discharge of LiMn2O4

were confirmed to be independent of the sodium salt addition, supporting no
remarkable influence on reversible lithium intercalation of LiMn2O4, which is
important in a practical cell.

It is summarized that sodium addition is found to be much more effective in
easily enhancing the performance of a graphite anode and the solvation/desolvation
process of Li ions, that is, not only in the suppression of the initial irreversibility

Fig. 8.28 Cycle number versus discharge capacity plots of
graphite cycled at 350 mA g−1; (a) all cycles in an Na+ free
electrolyte, (b) the first cycle in an Na+ free and the subse-
quent cycles to the first in an Na+ added electrolyte, and (c)
the first cycle in an Na+ added and the subsequent cycles in
an Na+ free electrolyte.
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but also in the better retention of discharge capacity. This enhancement comes
from changing the interface structure including the SEI film. We believed that the
addition has high potential for application in practical lithium-ion batteries since
its method is simple and effective.

8.4.2
K+ Ion

As the existence of surface layer plays an important role in reversible lithium
intercalation into interspace between graphene layers as mentioned, chemical
modification of graphite surface including an SEI film has attracted wide atten-
tion to improve battery performances. As reported by Tossici et al., potassium
intercalated graphite (KC8) prepared by chemical reaction could be employed as a
high-rate negative electrode for rechargeable lithium-ion batteries [69–71] because
of the formation of an insoluble protective KClO4 layer on the surface [72]. Our
group previously studied the performance of a graphite electrode in a PF6

− based
electrolyte containing both lithium and potassium ions [73]. Recently, K2CO3 ad-
dition enhanced the performance of natural graphite, suggesting that the alkali
salt additives possess the combined effects of cation and anion species [67]. This
section presents a comparative study on the influences of Na+ and K+ ions, which
have different electrochemical reactivities, as electrolyte additives on a graphite
anode.

Figure 8.29 shows charge and discharge curves of a graphite electrode examined
in LiPF6 EC : DEC solution without and with 0.2 mol dm−3 KPF6. In an additive-free
electrolyte, the graphite electrode shows a reversible capacity of 339 mA h g−1, and
an irreversible capacity of 65 mA h g−1 is observed due to the electroreductive
formation of the SEI [64]. In case of a K+ added electrolyte, the irreversible capacity
increased up to 76 mA h g−1, and a lower reversible capacity of 322 mA h g−1 is
obtained.

Fig. 8.29 Charge and discharge curves of graphite negative
electrodes in (a) potassium free and (b) 0.2 mol dm−3 KPF6

added EC : DEC (1 : 1) electrolyte containing 1 mol dm−3

LiPF6 at 70 mA g−1.
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The variation in discharge capacities of a graphite negative electrode with
and without K+ addition during cycling is different as plotted in Figure 8.30.
At the first cycle examined at 70 and 350 mA g−1, the reversible capacities for
a potassium-ion-added electrolyte are similar to those of the additive-free one.
However, the discharge capacity faded more rapidly by dissolving KPF6. The
addition of K+ ions into an electrolyte is unfavorable to battery performance of a
graphite anode, depending on the charge/discharge rate. One can note the negative
effect of K+ ion addition despite the positive effect of a sodium additive.

Figure 8.31 shows ex situ XRD patterns of graphite electrodes charged to 2.0,
0.2, 0.1, and 0.0 V in additive-free and potassium-added electrolytes followed by

Fig. 8.30 Discharge capacities versus cycle number plots of
graphite electrodes (a) with and (b) without KPF6 at 70 mA
g−1, and (c) with and (d) without KPF6 at 350 mA g−1.
Electrolyte: 1 mol dm−3 LiPF6 EC : DEC (1 : 1).

Fig. 8.31 Ex situ XRD patterns of graphite during the initial
charge in LiPF6 electrolytes (a) with and (b) without KPF6.
Galvanostatic charging at 70 mA g−1 was stopped at 2.0,
0.2, 0.1, and 0.0 V versus Li. S: current corrector (Ni).
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equilibrating the electrode potential for several hours in a cell. In the diffractograms,
d spacing values estimated from the strongest diffraction peaks are inserted in each
pattern of the figure. Since 00l peaks shift toward lower angle, electrochemical
intercalation occurs in the space between graphene layers. However, the variation
in d values of the 00l peaks in an additive-free electrolyte is different from that
in a K+ added one. When the electrode is charged to 0.2 V, d values is slightly
increased by adding K+ ions, that is, the difference is 3 pm (= 0.337–0.334 nm).
As described by Tossici et al. [69, 70], small (residual) amount of potassium derived
from KC8 in a lithium-containing electrolyte expands the graphite structure even
if potassium ions are removed from KC8 compared with that of pure graphite.
It is likely that the polarization is influenced by the slight interlayer expansion,
which favors the simultaneous lithium intercalation process accompanied by
enhancement of its kinetics. In consideration of the low expansion (3 pm) compared
to the K-deintercalated graphite (6 pm [70]), a graphite electrode predominantly
undergoes lithium intercalation in a potassium-added electrolyte at >0.1 V because
of the larger size and the lower concentration of potassium ions. The fully
charged electrodes possess different d spacings. Values of d spacing increases
from 0.351 to 0.370 nm in an additive-free system, which is close to d002 = 0.372
nm for LiC6 [61, 74], however, almost constant d spacing is observed in K+

added system suggesting no intercalation between 0.1 and 0.0 V during the initial
charge. Electroplating of metallic potassium should occur instead of lithium
intercalation, thus metallic potassium might obstruct graphite surface to prevent
lithium intercalation into graphite at less than 0.1 V. These results suggest that
potassium plating cannot be prevented by the SEI layer formed between 0.3 and
0.8 V in a KPF6 dissolved electrolyte, and the graphite electrode suffers from
deposition of potassium during every charging. Indeed, the surface of electrode
after successive cycles was greatly different, depending on potassium addition
[73].

The Na+ additive clearly enhances the cycle performances of graphite, and
a sodium component is detected at the surface that is similar to the car-
bonaceous material prepared from molten carbonates [54]. On the other hand,
the K+ additive has a disappointing influence on the graphite electrode perfor-
mance though the intercalated potassium somewhat expands graphite structure
along c-axis. In summary, the addition of alkaline metal ions such as Na+

and K+ has different influences on the electrochemistry of graphite electrode
in lithium salt containing electrolytes, which is due to their different electro-
chemical behavior at the surface. As known generally, sodium intercalation into
graphite occurs under very limited conditions compared to that of other al-
kali metals [62]. The enhancement by Na+ addition is considered as one of
the particular behaviors of Na+, that is, no sodium intercalation and no elec-
trodeposition of Na metal but positive modification of SEI layer. However, the
potassium component in an electrolyte does take part in electrochemical deposi-
tion/dissolution and intercalation resulting in negative modification of a graphite
anode.
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8.5
Alkali Salt Coating

Electrolyte additives exhibits a significant effect on modifying the SEI formation
during the first charge (electroreduction) process. With the aim of enhancing the
negative electrode performance in lithium-based rechargeable batteries, various
organic and inorganic additives dissolved into an electrolyte solution are effective
as already mentioned. The impact of Na+ ions as an electrolyte additive on the en-
hancement of battery performance is attributed to the entrapment of Na+ ions in the
SEI layer [16, 63]. Here, we review the Na2CO3- and NaCl-coating that improves the
battery performance of graphite as found from our studies on the effect of additives.

Coating with water-soluble and air-stable chemicals such as Na2CO3 and NaCl
can be completed with only aqueous solutions in air at room temperature, so that
the pretreatment for coating graphite powders is significantly simple and easy
compared to those of oxide coating [74, 75]. In the case of conventional additives for
lithium-ion, we have to pay attention to the influence on the opposite both negative
and positive electrodes. On the other hand, the insoluble coating method should
enable the graphite surface to be modified with a minimum amount of sodium
salts that should not have any influence on the positive electrode.

As reported by Zhang et al. [76], Li2CO3 coating is effective to improve the
electrochemical performance of a graphite anode. From our investigation, a battery
performance of a graphite electrode is also successfully enhanced by pretreatment
of graphite powders with NaCl and Na2CO3 aqueous solution. A surface analysis
with TOF-SIMS confirmed the existence of the corresponding alkali components
in all cases for Li2CO3, Na2CO3, and K2CO3. We believe that the active part such as
the edge plane of graphite is preferably modified by them because the edge plane
would successfully serve as adsorbing and/or nucleating seed for their coating
during drying. This improvement is due to the participation of Na2CO3 in the SEI
formation. We believe that it results from the cooperative outcome of the positive
effects of both the sodium [63] and the carbonate ions [6].

Figures 8.32 and 8.33 show the initial charge and discharge curves of Na2CO3

and NaCl coated graphite electrodes. Obviously, the reversible capacity increases

Fig. 8.32 Initial charge and discharge curves of graphite (a)
with no treatment and (b) treated with Na2CO3 aqueous
solution in LiClO4 EC : DEC electrolyte.
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Fig. 8.33 Initial charge and discharge curves of graphite
(a) with no treatment and (b) treated with NaCl aqueous
solution in LiClO4 EC : DEC electrolyte.

Fig. 8.34 Discharge capacity versus cycle number plots of
(a) control and (b) NaCl-coating graphite electrodes under
galvanostatic condition at 175 mA g−1.

with no significant change in the potential variation suggesting that the SEI layer
is modified with the Na2CO3 and NaCl, resulting in faster kinetics for the lithium
intercalation into graphite. Modification of graphite surface with some halogens
is known to improve the battery performance of lithium-based anodes [8–10, 42,
55]. The improvement is attributed to the merged effects of the sodium/chloride
ions on the interface. The NaCl-coating demonstrates a capacity higher than
350 mA h g−1 over 20 cycles as shown in Figure 8.34, whereas the control shows
about 250 mA h g−1. Thus, we obtain the superior cyclability for the NaCl-coating
to the pristine and alkali carbonate modified graphite.

The dependences of efficiency and discharge (delithiation) capacity on the NaCl
concentration are shown in Figure 8.35. The optimum concentration improves
performance, that is, the optimum concentration gives the appropriate SEI layer
for high-rate performance with higher coulombic efficiency. To the best of our
knowledge, this is the first application of sodium chloride and carbonate in
lithium-ion batteries.

If chloride anions are added into an electrolyte to improve the performance
of graphite, the battery suffers from oxidation of the anions at the cathode.



8.6 Summary 209

Fig. 8.35 Dependences of the initial coulombic efficiency
and initial discharge capacity of graphite electrodes on
NaCl concentration used for the pretreatment of graphite
powders.

Furthermore, when we adopt inorganic additives in electrolytes for lithium-ion
batteries, they must be soluble in organic solvents and compatible with both
anode and cathode. However, this pretreatment method makes possible the use of
the minimal amount of insoluble inorganics in electrolyte solutions to modify the
electrode interface; besides, one need not take into account the influence of the
coatings on the opposite electrode at all. Because of the advantages of this cheap,
environmentally benign, and easy process, it has high potential for application in
practical lithium-ion batteries.

8.6
Summary

We here reviewed the effects of metal-ion additive and salt coatings on graphite
anode performance on the basis of our recent reports. In our early motivation, we
studied the influence of manganese dissolution on the negative electrode because
the deterioration of C/LiMn2O4 was induced by the manganese dissolution from
an LiMn2O4 electrode. Next, we emphasized the requirement and usefulness of the
new additives to suppress the manganese deterioration. On the basis of systematic
research on dissolved metal species including transition metal and alkali metal
ions as reviewed here, we suggest that sodium salt additives as well as sodium salt
coatings are effective in enhancing battery performance.
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9
Characterization of Solid Polymer Electrolytes and Fabrication
of all Solid-State Lithium Polymer Secondary Batteries

Masataka Wakihara, Masanobu Nakayama, and Yuki Kato

This chapter deals with the lithium conducting polymer electrolytes without
volatile organic solvents: (i) their characterization and (ii) the fabrication of
all-solid-state lithium polymer secondary batteries (LPBs). To date, most of ef-
forts have been devoted to developing fast lithium-ionconductors and analyzing
their conduction mechanism. The first part of this chapter attempts to introduce
briefly these studies briefly, especially those on the polymer electrolytes whose ionic
conductivity was enhanced by adding plasticizer. On the other hand, the attempts
to fabricate the all-solid-state LPB are limited, because of technical difficulty in
forming good electrode (inorganic material)/electrolyte(polymer) interfaces. The
latter part of this chapter focuses on the recent reports on the fabrication of the
all-solid-state LPB and discusses the practical problems observed in these batteries.

9.1
Molecular Design and Characterization of Polymer Electrolytes with Li Salts

9.1.1
Introduction

Polymer electrolytes consist of a polymer matrix and lithium salts. Besides the safety
of the polymer compared with organic solvents, other interesting properties, such
as flexibility, easier manipulation, and high-temperature use, give us possibilities
for the advanced lithium polymer secondary batteries (LPBs). Polymer electrolytes
without any volatile organic solvents are often called solid polymer electrolytes (SPEs),
and this section focuses mainly on these. On the other hand, polymer electrolytes
containing a large amount of organic solvents, which have been commercialized
recently, are called gel polymer electrolytes, [1]. In the case of the gel polymer
electrolytes, the polymer matrix plays the role of only the ‘‘holder’’ for major part
of the organic solvents.

Ever since the studies by Wright et al. and Armand et al. [2, 3] on their
lithium conductivity, poly(ethylene oxide) (PEO) and its derivatives have been
known to be typically representative of the polymer matrix for the SPE. This
PEO-based polymer can dissolve Li salts, i.e., the polymer plays the role of a
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Fig. 9.1 Basic unit of polymer matrix chains for polymer electrolytes.

solvent, since heteroatoms (oxygen atom, –O–) of polymer chains acting as
electron donors coordinate Li ions. Similar effects were observed in nitrogen
atoms of imide group (–NH–) and thiol sulphur atoms (–S–). Basic polymer
chains for polymer electrolytes are summarized in Figure 9.1. For the solvation
of lithium salts in polymers, the solvation Gibbs energy should be larger than the
lattice Gibbs energy of lithium salts. The solvation Gibbs energy depends on the
ion-solvent interactions, which include electrostatic interactions and electron pair
donor–acceptor (nonelectrostatic) interactions. The order of the power of the above
electron donors for lithium ions, which are represented using a scale called donor
number, follows the relative values of the negative charge on the heteroatoms [4]:

–O– > Ṅ– > –S̈¨–

In high molecular weight polymers, the conformation of polymer chains as well
as the donor power is also important for the solvation. In low molecular weight
solvents, e.g., propylene carbonate (PC) and dimethyl carbonate (DMC) used as
conventional liquid electrolytes, solvation of lithium ions depends mainly on the
number of molecules that may pack around a lithium ion. On the other hand,
lithium ions are more likely to be coordinated by heteroatoms on the same chain
with the possibility of some coordination by neighboring atoms, and therefore, the
chain must wrap around the lithium ion without excessive strain. Taking polyethers
as an example, it was found that (i) –(CH2CH2O)n – provides just the right space
for maximum solvation and (ii) –(CH2O)n – and –(CH2CH2CH2O)n – are much
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weaker solvents [4, 5]. Accordingly, –(CH2CH2O)n –, i.e., PEO would be the most
favorable basic unit for polymer electrolytes, and these PEO chains would form a
helix coil structure, in which lithium ions are solvated stably [6–8]. From this point
of view, studies on PEO-based matrices have been the ‘‘mainstream’’ for polymer
electrolytes [9–11].

Primitive polymer electrolytes using linear PEO with high molecular weights
(>100 000) showed relatively high ionic conductivity (>10−5 S cm−1) over 60 ◦C,
while the ionic conductivity showed a sudden decrease below 60 ◦C because of
crystallization of the polymer chain [3–5]. In the late 1970s, it was suggested that
conductivity resulted from the hopping of lithium ions between vacant sites inside
polymer chains, corresponding to the hopping mechanism of the conventional
solid-state ionic conductors [12]. However, the studies that followed revealed that
it is not the crystalline but the amorphous phase in polymer electrolytes that is
mainly responsible for ion transport [13–16]. Shriver et al. suggested that, in the
amorphous phase, lithium ions move along with segmental motion of polymer
chains [17]. Therefore, the studies in the late 1980s and the early 1990s focused
on suppressing the crystallization of polymer chains to prevent the decrease in
ionic conductivities around room temperature. In this context, it was found that
poly(propylene oxide) (PPO), an analog to PEO (see Figure 9.1), forms amorphous
complexes with lithium salts; this has been the focus of a large number of studies
[18–20]. Although PPO-based electrolytes exhibit higher ionic conductivity than
PEO-based ones around room temperature under a certain degree of lithium salt
concentration, PPO cannot generate a high concentration of carrier ions. Thus,
the attempts to improve SPEs shifted to the suppressing the crystallization of
PEO-based electrolytes [5].

Cross-linking of PEO with low molecular weights or derivatives was very useful
in suppressing the crystallization of polymer chains and also to retain mechanical
strength (Figure 9.2). Both radiation [21–23] and chemical [24–27] cross-linking
have been used extensively to produce amorphous and mechanically stable ma-
trices. Radiation cross-linking has the additional practical advantage that polymer
electrolyte films can be fashioned to the desired thickness or shape for a device
because polymer matrices can be incorporated into a cell of the device prior to
cross-linking [21–23]. With regard to chemical cross-linking, the urethane bond
[24–27], ester bond [27], siloxane bond [28, 29], etc., were utilized. Furthermore, to
get higher ionic mobilities, studies to increase the segmental motion of polymer
chains have been carried out, for example, by (i) synthesis of ‘‘comblike’’ polymers
[30–33], (ii) adding ceramic fillers [34–52], and iii) introducing plasticizers, as
described later in this chapter.

Molecular design of lithium salts with lower lattice energies as well as matrix
polymers is also important for obtaining higher ionic conductivity. From the time
that early studies on polymer electrolytes began, attempts have been made to use
LiClO4 and LiCF3SO3 and such typical salts for conventional electrolyte solutions
like LiPF6 and LiBF4 [9–11]. However, their solubilities are not so high in polymer
electrolytes because their lattice energies are not low enough in polymer matrices
with low permittivity, for example, the permittivity εr of PEO is around 8, whereas
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Fig. 9.2 Schematic image of polymer matrix: (a) cross-linked
PEO (often radiation is used) [21–23]; (b) typical ‘‘comblike’’
polymer, MEEP (poly[bis-2-(2-methoxyethoxy) ethoxy phos-
phazenel]) [24–26]; (c) cross-linking MEEP with polyether
[24–26]; (d) P(EO/MEEGE (2-(2-methoxyethoxy) ethyl glycidyl
ether)) [27].

εr of PC is 65 (the permittivity is related to electrostatic interactions with matrices).
To date, lithium bis-trifluoromethanesulfonimide (LiN(CF3SO2)2) (often termed
LiTFSI), with its lower lattice energy, has been the most popular of lithium salts
from the time it was first reported by Armand et al. [53]. Later studies presented
new types of lithium salts, with lower lattice energies, such as LiC(CF3SO2)3 [53],
LiN(SO2CF2CF3)2 (LiBETI) [54, 55], etc., some of which contributed high ionic
conductivity of over 10−5 S cm−1 in PEO.

In the preceding text, the molecular design strategies of SPEs based on PEO
and Li salts were introduced briefly. In the following section, our attention focuses
on the most promising approach, that is, the introduction of plasticizer into the
SPE, since this method does not require special molecular design for the matrix
polymer, such as was seen in the ‘‘comb-polymer’’ approach. The preparation of
SPE films and their fundamental physical properties are described thereafter.
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9.1.2
Solid Polymer Electrolytes with Plasticizers

Typical examples of plasticizers for SPEs are organic solvents, such as PC and
ethylene carbonate (EC); SPEs with these plasticizers are often called gel polymer
electrolytes. In these gel polymer electrolytes, organic solvents are wholly respon-
sible for ionic transport. (For practical purposes, organic solvents are sometimes
restricted to 80–90 wt %). However, the safety problem associated with the use of
volatile organic solvents essentially remains.

The use of a small quantity of non- or low-volatile oligomer as plasticizer would
reduce such safety issues to a level sufficient for practical use. Abraham et al. [56]
proposed the addition of poly(ethylene glycol) (PEG) with low molecular weights
as plasticizer for SPEs, and mentioned the system as having ‘‘PEO-like’’ polymer
electrolytes. They also reported that these electrolytes show high ionic conductivities
without loss of high thermal stability. Similar systems were reported by Morita et
al. [57] and Ito et al. [58]. For other approaches, phosphate solvents were suggested
as noninflammable plasticizers for polymer electrolytes [59–61]. Kasuya et al. [60]
reported the safety of the phosphate solvents in coin-type cells. In these SPEs,
the plasticizers partially support the enhancement in ionic conductivity of the
electrolyte, since liquid-type plasticizers increase in ionic mobility by suppressing
the crystallization or increasing the segmental motion of polymer chains [60, 61].
However, dissociation of lithium salts is lower than in gel polymer electrolytes
because of the low permittivity of the plasticizer.

Kato et al. [62] proposed borate derivatives with poly(ethylene glycol) (B-PEG),
a new type of plasticizer. Lewis acidity of B-PEG would enhance dissociation of
lithium salts, leading to high carrier-ion concentration. At the same time, the
function of plasticizer would increase in ionic mobility. It is worth noting that
the B-PEG has already been used as a main component of the fluid for the brake
system in automobiles because of its high boiling point and good fluidity even at
low temperature. Consequntly, higher ionic conductivity at low temperature and
better thermal stability was expected. Later, Masuda et al. [63] expanded this idea by
developing a new plasticizer of an aluminate derivative with poly(ethylene glycol)
(Al-PEG) to enhance Lewis acidity. Hereinafter, the preparation of SPE films using
these plasticizers and their physical properties are presented in detail.

9.1.3
Preparation of SPE Films with B-PEG and Al-PEG Plasticizers

The B-PEG and Al-PEG were synthesized by a relatively simple reaction between
methoxy poly(ethylene glycol) CH3O(CH2CH2O)nH (n is variable, 3–12 or larger)
and B- or Al-containing compounds, boric acid anhydride (B2O3) or aluminum
isopropoxide (Figure 9.3). The starting mixtures were dissolved in toluene under
inert gas atmosphere and refluxed around 100 ◦C to eliminate water or isopropanol
generated from this reaction. The B-PEG and Al-PEG obtained are sensitive to water
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Fig. 9.3 Scheme of the reaction for (a) B-PEG and (b) Al-PEG.

in the moisture because of hydrolysis, thus requiring handling of the compound
under water-eliminated conditions by using an Ar-filled glove box [62, 63].

These plasticizers prepared as above can be easily added to various types of
polymer matrices that have been developed, for example, the lithium-ion con-
ductor. The procedure using radical polymerization for the preparation of SPEs
is usually as follows: (i) appropriate amounts of monomers or oligomers for
polymer matrix, plasticizers, and lithium salts are blended and dissolved as
homogeneous viscous solution; (ii) the blended solution is poured into a pool
or plate made from nonadhesive material, such as Teflon; (iii) a film-shaping
treatment is performed, such as the doctor-blade method, as the need arises;
and (iv) the monomers or oligomers are polymerized by heating, UV irra-
diation, and so on. For the above process, no major change is needed for
the polymer film preparation using plasticizers. For example, Kato and Waki-
hara et al. prepared the SPE containing B-PEG using the above method. They
chose a copolymer of two types of poly(ethylene glycol) methacrylate (PEGMA)
– PEG-dimethacrylate (PDE600) and PEG-monomethacrylate (PME4000) – as

shown in Figure 9.4 as the matrix polymer. LiCF3SO3 LiClO4 or LiN(CF3SO2)2

was used for the lithium salt. The details are described in, for example,
Ref. [62].

Fig. 9.4 Molecular structures of poly(ethylene
glycol)-methacrylates (PEGMA): (a) poly(ethylene gly-
col) (600)-dimethacrylate (PDE600), (b) poly(ethylene
glycol)(4000)-monomethacrylate (PME4000).
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Fig. 9.5 Thermogravimetric (TG) curves of polymer elec-
trolytes, PDE600 : PME4000 : PEG-borate ester(n = 12) in a
weight ratio of 1 : 1: 5 containing LiN(CF3SO2)2 with various
concentrations. Molar ratio of lithium atom to ether oxygen
atoms (Li/EO): (a) 1/6, (b) 1/8, (c) 1/12, (d) 1/16, (e) 1/24,
(f) 1/32, (g) 1/64; (h) without LiN(CF3SO2)2.

9.1.4
Evaluation of SPE Films with B-PEG Plasticizers

Properties, such as thermal stability, electrochemical stability, and so on, are
important factors for the realization of the practical use of LPB as well as ionic
conduction property. This subsection introduces these evaluation methods for
SPEs and their results in the case of the previous studies on the SPE with B-PEG
plasticizers [62].

The thermal stability of materials is an indicator of the possible working range
of temperatures for these materials. Since the LPB is suitable technology for
large-scale batteries, safety measures against accidents are required, and higher
temperature environmental use may also be demanded, in comparison with
portable devices. Thermogravimetric (TG) analysis during heating samples is often
useful as a method of investigation of stability. Figure 9.5 shows TG curves
of the polymer electrolyte samples, PDE600 : PME4000 : B-PEG ester (n = 12) in
a weight ratio of 1 : 1 : 5, containing LiN(CF3SO2)2 with various concentrations.
An increase in thermal stability was observed with increasing concentration of
LiN(CF3SO2)2 in the samples. Generally, lithium ions interact with ether oxygen
atoms in PEO-based polymer electrolytes [1, 5], and therefore, the lithium ions
would play a role of electrostatic cross-linking points of EO (ethylene oxide) chains
in the polymer electrolytes. Accordingly, an increase in the quasi cross-linking
points by the lithium ions with ether oxygen atoms should lead to the increase
in thermal stability of the polymer electrolyte samples. A similar tendency was
reported with regard to glass transition temperatures of SPEs (a discussion about
glass transition of SPEs is given later in this section). Figure 9.6 represents TG
curves of the SPEs containing LiN(CF3SO2)2 (Li/EO = 1/8 in molar ratio) and
added with the B-PEG whose EO chain length is n = 3, 6, or 12. As can be
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Fig. 9.6 Thermogravimetric (TG) curves of polymer elec-
trolytes, PDE600 : PME4000 : PEG-borate ester (1 : 1 : 5) con-
taining LiN(CF3SO2)2 (Li/EO = 1/8). EO chain length of
PEG-borate ester: (a) n = 3, (b) n = 6, (c) n = 12; (d) with-
out PEG-borate ester.

seen in the figure, SPE without B-PEG was observed to be thermally stable up
to about 200 ◦C. One can expect the decrease in the thermal stability for SPEs
with B-PEG due to the smaller molecular weight of B-PEG plasticizers than that
of the matrix polymer. However, the thermal stability of the SPE was comparable
to that without the B-PEG, when the B-PEG whose EO chain length is n = 12
was added as plasticizer for the matrix polymer. On the other hand, the polymer
electrolyte containing the B-PEG (n = 6) was observed to be thermally stable up
to almost 200 ◦C, and in the case of the sample containing the B-PEG (n = 3), a
weight loss was observed above 150 ◦C. As a consequence, the polymer electrolytes
containing the B-PEG whose EO chain length is n = 6 or 12 have excellent
thermal stability, over 200 ◦C, making them desirable for the development of safe
LPB. A similar tendency was also observed in the SPE containing the Al-PEG
[63].

Another aspect of the study of thermal properties is to measure crystallization
and glass transition temperatures of polymer chains, since they relate to the
ionic conduction mechanism. Figure 9.7 shows the DSC (differential scanning
calorimetry) curves of the SPEs containing LiN(CF3SO2)2 (Li/EO = 1/8), to which
the PEG-borate ester whose EO chain length is n = 3, 6 or 12 has been added.
Although in a DSC curve PEO-based polymer electrolytes containing a crystalline
phase of polymer chains often show an endothermic peak due to melting of the
phase [64–67], such a peak was not observed in the curves of the samples. This
result indicates that the polymer electrolyte samples do not contain any crystalline
phases, or that the electrolytes exist solely in an amorphous phase. Since the
amorphous phase is mostly owing to the ionic conduction as mentioned above, the
addition of plasticizer is advantageous for designing SPE materials. Meanwhile, a
heat capacity change due to glass transition of polymer chains was observed around
−50 ◦C in each of the DSC curves. The glass transition temperature, Tg, is defined
as the midpoint of the heat capacity change, and the temperatures of these SPEs
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Fig. 9.7 DSC curves of polymer electrolytes,
PDE600 : PME4000 : PEG-borate ester (1 : 1 : 5) contain-
ing LiN(CF3SO2)2 (Li/EO = 1/8). EO chain length of
PEG-borate ester: (a) n = 3, (b) n = 6, (c) n = 12; (d) with-
out PEG-borate ester.

Table 9.1 Glass transition temperatures Tg of
PDE600 : PME4000 : PEG-borate ester whose EO chain length
is n = 3, 6, 12 (1 : 1 : 5 in weight ratio) + LiN(CF3SO2)2

(Li/EO = 1/8)

EO chain length (n) Tg ( ◦C)

none additive −36.3
3 −58.4
6 −49.1

12 −47.6

are summarized in Table 9.1. As seen in the results, Tg of the polymer electrolytes
decreased with the addition of the B-PEG plasticizers. In addition, the shorter the
EO chain length of the B-PEG (and Al-PEG), the lower was the Tg of the polymer
electrolyte sample. Generally, Tg is correlated with flexibility of polymer chains, so
that Tg is correlated with segmental motion of polymer chains, which is the driving
force of ion conduction. Therefore, this result indicates that addition of the B-PEG
or Al-PEG into the polymer electrolytes induces an increase in the mobility of the
polymer chains, probably due to the plasticization effect of the ester on the matrix
of the electrolytes.

The influence of the selection of lithium salts, LiClO4 or LiCF3SO3 as well
as LiN(CF3SO2)2, on the thermal properties of the polymer electrolytes was also
investigated. DSC curves of the polymer electrolytes, containing one of the lithium
salts (Li/EO = 1/24) with the B-PEG whose EO chain length is n = 3 added
to it, are shown in Figure 9.8. Each DSC curve showed the crystallization and
the melting of the crystalline phase of EO chains at around −20 and 25 ◦C, re-
spectively. Glass transition was observed in each DSC curve at around −70 ◦C.
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Fig. 9.8 DSC curves of polymer electrolytes, PDE600 :
PME4000 : PEG-borate ester (n = 3) (1 : 1 : 5) containing
lithium salt (Li/EO = 1/24). Lithium salt for the polymer
electrolytes: (a) LiN(CF3SO2)2, (b) LiCF3SO3, (c) LiClO4.

Table 9.2 Glass transition temperatures Tg of PDE600 :
PME4000 : PEG-borate ester (n = 3) (1 : 1 : 5 in weight ratio)
with LiN(CF3SO2)2, LiCF3SO3, or LiClO4 (Li/EO = 1/24)

Lithium salt Tg ( ◦C)

LiN(CF3SO2)2 −74.0
LiCF3SO3 −68.5
LiClO4 −65.5

Table 9.2 summarizes Tg of the polymer electrolyte samples. As shown in the
result, Tg of the polymer electrolyte differed with the lithium salt used, and
the temperature of the sample with LiN(CF3SO2)2 was lower than that of the
samples with LiCF3SO3 or LiClO4. Therefore, the mobility of polymer chains
in the polymer electrolytes with LiN(CF3SO2)2 should be higher than those of
the electrolytes with LiCF3SO3 or LiClO4; furthermore, the order for mobil-
ity levels is expected to be LiN(CF3SO2)2 > LiCF3SO3 > LiClO4. This order is
probably due to the size of the anions leading to plasticization of the poly-
mer chains. Similar tendencies were also reported by some research groups [68,
69].

As described above, the studies of the thermal property of SPEs give us useful
information related to their safety and ion mobility. The results for SPEs with
B-PEG or Al-PEG as plasticizer indicate that it is difficult to satisfy the best
properties with regard to both safety and ionic conductivity, since elongation
of the EO chain in B- and Al-PEG leads to higher safety but lower conduc-
tivity, and vice versa. Thus, optimization is necessary to construct a practical
LPB.
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Fig. 9.9 Typical examples of Cole–Cole plots for impedance
measurement of SPE; The data was obtained using SPE syn-
thesized from PDE600 : PME4000 : B-PEG (n = 12) (1 : 1 : 5)
containing LiN(CF3SO2)2 (Li/EO = 1/8) at various tempera-
tures: ◦ at 40 ◦C, � at 60 ◦C, � at 90 ◦C.

9.1.5
Ionic Conductivity of SPE Films with B-PEG Plasticizers

Ionic-conduction phenomena have been investigated mostly by alternating cur-
rent (AC) impedance techniques, which can separate the various impedance
components. The cell construction for the impedance measurements is typi-
cally a symmetrical arrangement, such as stainless|SPE|stainless. These cells give
impedance data that are often represented by Cole–Cole plots (often also called
Nyquist plots), plotting the real and imaginary impedance components along the
horizontal and vertical axes, respectively. Typical Cole–Cole plots obtained by an
AC impedance technique for polymer electrolyte samples are shown in Figure 9.9,
in which the composition of the sample is PDE600 : PME4000 : B-PEG (n = 12) in a
weight ratio of 1 : 1 : 5, containing LiN(CF3SO2)2 with a molar ratio of Li/EO = 1/8.
The plots measured under 40 ◦C showed a semicircle, whose diameter corre-
sponded to the value of the resistance, probably due to the bulk resistance of
the sample. Although such a semicircle was not observed in the plots over 60 ◦C
because of the possible working range for the frequency of the equipment, an
intercept on the x-axis indicates the value of the bulk resistance. The impedance
that appeared at the lower frequency range (showing spike shape) arises from the
electrode|SPE interfaces, and this is usually disregarded, when one discusses the
bulk ionic conductivity of SPEs. This interfacial impedance is discussed in the latter
part of this chapter.

The measured bulk ionic conductivities of the samples are usually summarized
using Arrheniusplots, in which the logarithm of conductivity is plotted as a function
of the inverse of temperature (log σ vs 1/T). Figure 9.10 shows the temperature
dependence in Arrhenius-type plots for ionic conductivity of the SPE used in
Figure 9.9. An increase in ionic conductivity was observed on increasing the amount
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Fig. 9.10 Arrhenius plots for ionic conductivity of polymer
electrolytes, PDE600 : PME4000 : PEG-borate ester (n = 12)
in weight ratio of 1 : 1 : x containing LiN(CF3SO2)2 (Li/EO
= 1/8). Weight ratio of PEG-borate ester (n = 12) to matrix
polymer: •x = 1, �x = 2, �x = 3, �x = 4, �x = 5; ◦ with-
out PEG-borate ester.

of the B-PEG (n = 12) added to the matrix polymer over the whole temperature
range. One can see the curved nature of the plots in the figure. It is generally known
that the Arrhenius plots show a straight line (i.e., log σ is proportional to the inverse
of temperature), when there is ion-hopping; this is frequently seen in inorganic solid
electrolytes [12], solution electrolytes, or gel polymer electrolytes [70]. Rather than
applying the hopping mechanism, the free-volume theory of polymers can explain
the observed temperature dependence of ionic conductivity for SPEs [71–74].
Free-volume theory of polymers is often indicative of temperature dependence for
segmental motion of the polymer chains expressed by the Williams–Landel–Ferry
(WLF) relationship [75] The WLF equation is represented as follows:

log
σ (T)

σ (Tg)
= C1(T − Tg)

C2 + (T − Tg)
(9.1)

where σ (T) and σ (Tg) are the conductivity at a temperature T and a glass transition
temperature Tg, respectively, and C1 and C2 are the WLF parameters for the
temperature dependence of ionic conductivity. However, the ionic conductivity at
Tg, σ (Tg), is difficult to measure in the present experiments because σ (Tg) is too
low in value to be measured by the complex impedance measurement; therefore,
a possible temperature, T0, is often selected as a reference temperature, for this
measurement. Then, Equation 9.2 is rewritten as follows:

log
σ (T)

σ (T0)
= C′

1(T − T0)

C′
2 + (T − T0)

(9.2)
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Fig. 9.11 WLF for ionic conductivity of polymer electrolytes,
PDE600 : PME4000 : PEG-borate ester (n = 12) (1 : 1 : x)
containing LiN(CF3SO2)2 (Li/EO = 1/8). Weight ratio of
PEG-borate ester (n = 12): �x = 5; ◦ without PEG-borate
ester (x = 0).

The parameters in Equation 9.3 are calculated as follows:

C1 = C1
′C2

′

[C2
′ − (T0 − Tg)]

(9.3)

C2 = C2
′ − (T0 − Tg) (9.4)

Figure 9.11 shows WLF plots for the ionic conductivity of the polymer electrolytes
PDE600 : PME4000 added with or without the PEG-borate ester (n = 12) (1 : 1 : 5)
and containing LiN(CF3SO2)2 (Li/EO = 1/8). From the inverse of equation 9.3, the
temperature dependence of the ionic conductivity was plotted as [log(σ (T)/σ (T0))]−1

versus 1/(T − T0). It was observed, as shown in Figure 9.11, that [log(σ (T)/σ (T0))]−1

varies linearly with 1/(T − T0), which indicates that the temperature dependence for
the ionic conductivity of both the samples follow the WLF-type equation. The WLF
parameters, C1, C2, and σ (Tg), were estimated from Figure 9.11 and the equations
(2)–(4), and are summarized in Table 9.3. The estimated parameters were found
to be close to the universal values of WLF parameters, C1 = 17.4 and C2 = 51.6 K,
which implies that the temperature dependence of the ionic conductivity for the
polymer electrolytes was dominated by that of the segmental motion of polymer
chains. Therefore, the ionic conduction in the polymer electrolyte samples is
probably caused by segmental motion of polymer chains. In fact, the measured
ionic conductivity and the previous DSC results concerning Tg of the polymer
electrolytes (Tables 9.1 and 9.3), which is an ‘‘indicator’’ for the mobility of the
polymer chains, bring us to the conclusion that the increase in ionic conductivity
corresponded to the decrease of the Tg, i.e., the enhanced ionic conductivity by
addition of B-PEG may stem from the increase in ionic mobility, or accelerated



226 9 Characterization of Solid Polymer Electrolytes and Fabrication of all Solid-State LPBs

Table 9.3 WLF parameters and σ at Tg of PDE600 :
PME4000 : PEG-borate ester whose EO chain length is n = 3,
6, 12 (1 : 1 : 5 in weight ratio) + LiN(CF3SO2)2 (Li/EO = 1/8)

EO chain length (n) Tg ( ◦C) C1 ( ) C2 (K) σ(Tg) (S cm−1)

None additive −36.3 11.8 52.5 3.07 × 10−12

3 −58.4 14.7 28.6 1.64 × 10−15

6 −49.1 11.1 40.8 7.72 × 10−12

12 −47.6 12.0 43.8 1.92 × 10−12

segmental motion by the plasticization. The general condition for an increase
in ionic conductivity was summarized as follows in the case of adding B-PEG
plasticizer: (i) increasing the amount of B-PEG and (ii) decreasing the EO chain
length of plasticizer (but this does not always apply). One can thus design SPE film
with the best ionic conductivity by considering the above conditions. However, the
above conditions simultaneously cause the problem of weak mechanical strength
of SPE film, since there is an increase in the amount of softer components in
SPEs. An SPE film optimization is required to make the ionic conductivity and the
mechanical strength compatible with each other for practical LPB use.

The other factors affecting ionic conductivity are the choice of the lithium salt and
its concentration. Here, some remarks on the effect of lithium salt concentration
are presented. Since the conductivity increases in proportion to the amount of
lithium salt, an increase in the salt concentration should show a positive effect
in the ionic conductivity. However, as mentioned in the TG results, the lithium
salt enhances the polymer chain cross-linking, so that the increase in the salt
concentration simultaneously suppress the segmental motion of polymer chain.
Thus, both a positive and a negative effect are conceived on adding the lithium salt.
These details are described in Ref. 62.

Further, the conductivity at glass transition temperature σ (Tg) can be often a
useful indicator that qualitatively represents the degree of lithium salt dissociation,
i.e., the concentration of carrier ions in SPEs [72]. Since the segmental motion
of polymer chains is frozen at the glass transition temperature, it is considered
that mobility of the chains at that temperature can be standardized to be the
same. Accordingly, one can assign the difference in σ (Tg) that arises as due to the
dissociation constant of lithium salt, which leads to the difference in concentration
of carrier ions. For example, σ (Tg) of the SPE with B-PEG listed in Table 9.3 showed
that B-PEG-added SPE with EO chain length n = 6 and 12 were of the same order
of magnitude compared with that of the sample without the ester. Therefore, the
B-PEG (n = 6 or 12) may be not so effective in the dissociation of the lithium salt,
LiN(CF3SO2)2. Meanwhile, in the case of the B-PEG (n = 3), σ (Tg) was found to be
lower than that of the sample without the ester by 3 orders of magnitude. The exact
reasons are still uncertain, but the too short EO chains in B-PEG probably made
the interaction between polymer and salt difficult. In other words, in PEO-based
polymer electrolytes, it is generally considered that lithium ions are solvated in the
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helix of the EO chains. Therefore, the EO chain length of the PEG-borate ester
n = 3 may be not enough for solvation, leading to a decrease in the dissociation
of the lithium salts. Note that it has been suggested that spectroscopic techniques
(such as Raman spectroscopy) as well as impedance measurement represent a
more direct way of measuring the dissociation. The details are available elsewhere
in the literature [76–78].

As mentioned above, the AC impedance technique gives us insightful knowledge
of the polymer motion and dynamics as well as the ionic conductivity. Here, we
discuss the factors affecting the ionic conductivity and some of the dilemmas
regarding conductivity and other factors (such as, safety and mechanical strength)
in the design of SPEs at a molecular level.

9.1.6
Transport Number of Lithium Ions

Ionic conductivity of polymer electrolytes containing lithium salts measured by
an AC impedance technique includes the conductivity of anions as well as that
of lithium ions. However, the conductivity of lithium ions alone is important,
especially for application in LPBs. In addition, anion conduction would cause the
concentration polarization of SPEs, resulting in a decrease in the power density
for LPB usage. Therefore, the estimation of the transport number is important,
and molecular design to achieve large transport number of Li ions is demanded.
This section describes several attempts or concepts of polymer design to increase
the transport numbers of Li ions, and then briefly discusses the measurement
techniques for these.

Various techniques for estimating the transport number of lithium ions have
been reported by many research groups [79–82], and the principle behind most
widespread conventional techniques is based on the combination of the complex
impedance and potentiostatic polarization measurements [1, 5]. Watanabe et al.
[83] suggested one method for the estimation from potentiostatic currents, a bulk
resistance of a polymer electrolyte sample and interfacial resistances between the
sample and lithium electrodes by the following equation:

tLi+ = σLi+
σLi+ + σX−

= σLi+
σbulk

= k/RLi+
k/Rbulk

= Rbulk

RLi+

= Rbulk

Rtotal(∞) − Rinterface
= Rbulk

�V/I(∞) − Rinterface
(9.5)

where X− is a counteranion, k is a cell constant (can be eliminated), I is the
measured direct current by the polarization, �V is the applied direct voltage,
Rbulk is the bulk resistance of an electrolyte sample, and Rinterface is the interface
resistance between the electrolyte and lithium electrodes (the latter two resistances
are measured by the AC impedance technique). In their method, the interfacial
resistance is treated as constant during a measurement. Later, Abraham et al. [84]
estimated the transport number considering the possibility for changes of the bulk
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Fig. 9.12 Schematic image of matrix polymer cross-linked with borate ester groups.

resistance and the interfacial resistances during a potentiostatic polarization by the
following equation:

tLi+ = I(∞)Rb(∞)(�V − I(0)Re(0))

I(0)Rb(0)(�V − I(∞)Re(∞))
(9.6)

where 0 and ∞ refer to the initial state and the steady state, respectively.
The obtained transport number of Li ions tLi+ for typical SPEs added with B-PEG

are listed in Table 9.4. The estimated transport number for each sample was rather
low, around 0.1, and did not depend on the EO chain length of the B-PEG. A
similar tendency was also observed for the Al-PEG added SPE samples. Although
these plasticizers were expected to enhance the transport number of Li ions due
to their Lewis acidity around B and Al atoms, no significant enhancement was
indicated in this study. The exact reasons are uncertain so far, but two ideas that
have been suggested are as follows: (i) the acid–base interactions not being strong
enough to ‘‘trap’’ the anions and (ii) the large diffusivity of the plasticizer itself
despite capturing the anions. The other study regarding SPE cross-linked with
B-PEG groups (see Figure 9.12) showed remarkable increase of transport number
of Li ions, which reached tLi+ ∼ 0.64 measured by means of Abraham’s technique
as above [85]. Thus, the anion-capturing function was indicated by Lewis acidity
around boron in the polymer matrix. Compared to the B-PEG plasticizer, the boron,
which composed part of the polymer matrix, cannot migrate in the SPE. We infer
that the relatively low tLi+ in B-PEG-added SPE arises from the large diffusivity of
the plasticizer.

Other attempts to measure transport numbers in SPEs were made by pulsed
field gradient nuclear magnetic resonance (NMR) technique and its derivatives.
For example, Gorecki et al. [86] reported the temperature and salt anion size
dependence of transport numbers, and no significant differences in both were
observed. Theoretical and technical details on pulsed field gradient NMR are given
elsewhere [86, 87].
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Table 9.4 Transport numbers of lithium ions tLi+ in
PDE600 : PME4000 : PEG-borate ester whose EO chain length
is n = 3, 6, 12 (1 : 1 : 5 in weight ratio) + LiN(CF3SO2)2

(Li/EO = 1/8) measured at 60 ◦C

EO chain length (n) tLi+

3 0.11
6 0.14

12 0.12

9.1.7
Electrochemical Stability

The last property of SPEs introduced in this section is the electrochemical stability.
In lithium-ion batteries, SPE films place (are placed under) the higher (oxidizing)
and lower (reducing) potential conditions around positive and negative electrodes,
respectively. The higher potential conditions are, for example, approximately 3.5 V
(such as for olivine-type LiFePO4) to about 4.4 V (as for spinel-type LiMn2O4)
versus Li+/Li, while lower potential ones are around 0 V. Once the decomposition
(i.e., electrolysis) occurs beyond the potential range, undesirable side reactions may
result in electronic conduction, increase in internal resistance, degradation of cycle
performance, and so on. Thus, an SPE that possesses a large potential window is
in high demand.

A typical method for evaluating the electrochemical stability is cyclic voltammetry
(CV). Li metal sheets were used as both counter and reference electrodes. On the
other hand, stainless-steel or Cu foil was used as a working electrode for the
measurements of higher or lower potential windows, respectively. Note that
the stainless steel and Cu are not stable (or they show large interfacial resistance)
in lower and higher potential regions, respectively.)

Figure 9.13 is a typical example that shows the cyclic voltammograms of the
SPEs added with B-PEG and LiN(CF3SO2)2 (Li/EO = 1/8), at room temperature. In
the cathodic region (Figure 9.13(a)), lithium metal deposition occurred below 0 V
versus Li+/Li, and lithium stripping followed on the anodic sweep. The reaction
was reversible as a result of integration of the cathodic and anodic current flow
in this voltammogram (cycle). Thus, no irreversible electrolysis occurred at in
the region with lower potential. On the other hand, Figure 9.13(b) shows that
current flow started at approximately 4.5 V versus Li+/Li, indicating that the SPE
would be stable electrochemically up to 4.5 V in the higher potential region.
Therefore, the electrochemical stability of the B-PEG-added SPE seems to be
enough for LPB applications. It is worth noting that the stainless-steel (SUS)
electrode itself is an unrelated electrode for the Li and electron-exchange reactions,
so that the potential windows obtained (especially in the higher voltage region)
merely displayed approximate decomposition voltage of electrolyte. Knowledge on
the redox reaction and its compatibility between positive-electrode materials and
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Fig. 9.13 Cyclic voltammograms of polymer electrolytes,
PDE600 : PME4000 : PEG-borate ester (n = 12) (1 : 1 : 5) con-
taining LiN(CF3SO2)2 (Li/EO = 1/8) at room temperature:
(a) on a Cu-working electrode swept from −0.5 to 2.2 V ver-
sus Li+/Li, (b) on a SUS-working electrode swept from 2.0
to 5.0 V versus Li+/Li.

SPE films is needed to discuss details of the electrochemical stability. Recent
investigations related to interfacial electrochemical stability between SPE and
positive electrodes have reported using impedance techniques for LPB construction.
These are described in the following section.

9.1.8
Summary

This section introduced the required physicochemical properties of SPEs and
typical measurement techniques for them. SPEs with thermal and electrochemical
stability, larger transport numbers of lithium ions, and so on, as well as with large
ionic conductivity, are required for the LPB usage. To date, PEO-based SPE is
considered as the only option as far as use in future applications is concerned and
so various types of PEO-based SPEs have been reported. Among them, SPE added
with B-PEG was discussed here as among the promising candidates, along with
the methodologies to characterize them.
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9.2
Fabrication of All-Solid-State Lithium Polymer Battery

9.2.1
Introduction

The all-solid-state LPB is recognized as the most attractive technology for recharge-
able electronic sources, because of higher safety and energy density with formability
than that observed in conventional battery using organic solvents. Thus, LPBs meet
the demands for large-scale use, such as in electric vehicles and energy-storage
systems for day-to-night power shift, as well as for portable devices. As mentioned
in the previous section, considerable efforts have been devoted to develop SPEs with
high lithium ionic conductivity by many researchers. However, limited attempts
have been made to assemble all-solid-state LPBs by using these SPEs [88–90].
This may be owing to technical difficulties in obtaining the desirable physical and
chemical contact between the SPE and the electrode materials.

Thus, this section deals with the known and conceivable problems in the
fabrication of all-solid LPBs, and the various attempts that have been made to
improve the battery performance from the viewpoint of designing solid–solid
(polymer–ceramic) interfaces.

9.2.2
Required Ionic Conductivity of SPE

As mentioned above, numerous efforts have been devoted toward the improvement
of ionic conductivity of SPEs. Thus, the question arises as to how high an ionic
conductivity is required, if one considers only the issue of ionic conduction
for fabricating LPBs. Of course, the required conductivity level depends on the
purpose of the battery. Let us consider a simple example that is often studied in
laboratory-scale charge/discharge tests.

The low ionic conductivity of SPEs causes high internal resistance of the LPB,
leading to polarization during charge/discharge. If the requested polarization level
were less than 0.01 V under a current density of 1C (∼0.3 mA cm−2, and if one
uses the typical cathode sheet for conventional liquid electrolyte battery), then SPE
films with 0.1-mm thickness and lithium ionic conductivity of 3 × 10−5 S cm−1

would be required, for example. Considering the low transport number of lithium
ions observed in PEO-based polymers, the total conductivity of ∼10−4 S cm−1 class
SPEs may satisfy the above requirement. In fact, many reported SPEs would be
applicable to the above LPB usage even at room temperature environment. For
example, the SPEs with B-PEG plasticizer (Figure 9.10) developed by us showed
a conductivity of roughly 10−4 S cm−1 around room temperature. However, not
only the bulk resistance of SPEs but also interfacial resistances between electrodes
and SPE films prevent the Li exchange reaction. The following sections focus on
the solid–solid composite interface between electrolyte (polymer) and electrode
(ceramics).
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Fig. 9.14 (a) Schematic and (b) SEM images for cross
section of cathode sheets for currently used lithium-ion
battery.

9.2.3
Difference between Conventional Battery with Liquid Electrolyte and All-Solid-State
LPB

Figure 9.14 shows schematic and scanning electron microscope (SEM) images of
typical electrode sheets currently used for conventional battery with liquid elec-
trolyte. The electrode was composed of particles of active material, which directly
related to the electrochemical reaction of lithium-ion uptake and removal, electron
conducting particles (such as carbon), and binder to adhere these particles (such as
PVdF = poly(vinyliden fluoride)). As a result, the electrode sheet forms porous struc-
ture, even though the volumetric energy density is sacrificed by introducing cavities.
These cavities are filled up with liquid electrolyte after a cell is assembled. Thus, the
effective diffusion length of lithium ions in the electrode particles decreases, and
polarization originating from diffusion is suppressed. Obviously, the cavities are
filled up spontaneously with liquid electrolyte when the electrode sheet is immersed
in it, whereas this would not occur when one uses the SPE film instead of the
liquid electrolyte (see, Figure 9.15). The contact between SPE and ceramic powder
of the electrode is limited at the surface of the electrode sheet, leading to increase in
diffusion length and a fairly small effective area for the charge-transfer reaction, es-
pecially at higher current density. Moreover, the mechanical (or chemical) adhesion
between electrode and electrolyte would be weak, so the expansion/shrinkage in vol-
ume of active materials due to charge/discharge cycle may cause local exfoliation at
the electrode|electrolyte interface. Two methods are described here as examples on
how to deal with this issue. The first method used monomer liquid for the SPE. The
monomer liquid was poured on the electrode sheet, and then it was polymerized



9.2 Fabrication of All-Solid-State Lithium Polymer Battery 233

Fig. 9.15 Schematic images of cathode
and electrolyte interface using conventional
cathode sheet with (a) liquid electrolyte
or (b) solid polymer electrolyte. Since a
conventional cathode sheet forms a porous
structure, the cavities are filled with liquid

electrolytes spontaneously. Since polymer
electrolytes do not immerse into the cavity,
there will be a reduction in the interfacial
area for charge-exchange reaction where the
electrolyte and electrode materials are in
contact.

by heating, UV irradiation, and so on. The cavities obtained on the electrode sheets
would be filled with SPEs, and effective contact may form over the entire surface
of active materials with SPEs. By controlling the amount of monomer liquid, the
electrode sheet can be self-assembled with appropriate thickness of SPE layer (see
Figure 9.16). However, polymerization is sometimes accompanied by an undesir-
able side reaction with the components of the electrode materials, resulting in the
formation of a passivation layer at the electrode|electrolyte interface as can be seen
in the magnified image in this figure. The cell showed no capacity for electrochemi-
cal charging and discharging. Hence, the charge-transfer reaction might be blocked
at the passivation layer. The reaction mechanism of formation of the passivation
layer is still ambiguous. However, it is inferred that the cathode materials played
the role of catalysts and perhaps enhanced the radical generation. Few studies are
available on the phenomena of the passivation layer formation, and one may be
able to avoid the formation of passivation layer by choosing a proper combination
of cathode material and polymerization reaction. Instead of using monomer liquid,
one can prepare polymer solution, since SPEs with normal chain structure can be
dissolved in the appropriate solvent. The solution is poured on the electrode sheets,
which are heated to evaporate the solvent. Thus the interface between the electrode
and the polymer electrolyte maintain much closer contact. The polymer plays the
role of a binder, adhering the electrode particles, as well as those of the ionic
conductor, which enables effective ion exchange between electrolyte|electrode in-
terface. On the other hand, one of the drawbacks of this method is that the polymer
selection is limited, because SPEs with cross-linked structure cannot be dissolved in
organic solvents. In addition, the normal chain type SPEs are mechanically weaker
than cross-linked polymers, which may have a negative effect on the durability of
the LPB. Another method for the preparation of the LPB is a combined method; the
electrode sheets consist of active materials and Li+ conductive polymer with normal
chain (to dissolve appropriate organic solvent), and the SPE film with cross-linking
polymer matrix is separately made and attached onto the electrode sheet.
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Fig. 9.16 SEM images for a cross section
of cathode and SPE composite that was ob-
tained by immersing monomer liquid into
cathode sheet (Figure 2.22) and polymerized
by UV irradiation. As can be seen, (a) the

cavities of the cathode sheet were filled with
SPE matrix. (b) A by-product layer was ob-
served at the interface between SPE and the
cathode composite (magnified image).

In the above, three methods of preparation of the LPB were introduced as
examples. Figure 9.17(a) shows the first charge/discharge profile of LPBs pre-
pared by the conventional method. The LPB with SPE film on the conventional
electrode sheet showed relatively large polarization. On the other hand, smaller
polarization was seen in the LPB using SPE binder (LiClO4 dissolved PEO).
In addition, the capacity retention of the LPB with conventional cathode sheet
decayed rapidly (Figure 9.17(b)). Such results could be ascribed to the fact men-
tioned above, i.e., the elongation of effective diffusion path and limited contact
for ion exchange at the surface of cathode sheet. In addition, the weak con-
tact between electrode and electrolyte might cause an exfoliation of the polymer
material because of the change in volume of the active material. Meanwhile,
one can see the significant improvement in polarization with the use of SPE
binder instead of the conventional PVdF binder. Accordingly, it would be effective
to fill up the cavities of electrode sheets with the lithium-ion conductive me-
dia, although the best method to introduce the ionic conductive media depends
on the characteristics and compatibility between the SPEs and the electrode
materials.



9.2 Fabrication of All-Solid-State Lithium Polymer Battery 235

Fig. 9.17 Comparison of (a) first
charge/discharge profiles and capacity reten-
tion for LPBs (Li/SPE/LiFePO4) using con-
ventional PVdF binder and PEO–SPE binder.
Construction of LPBs using PVdF binder cor-
responds to the Figure 9.14 (b), while that
using PEO–SPE binder was prepared as

follows: LiFePO4 powder, normal PEO (MW
∼ 106), and LiClO4 salt were dissolved in
acetonitrile, and this slurry was cast on Al
foil. Current density and temperature were
set as 1.0C and 60 ◦C, respectively, for the
electrochemical measurement.

9.2.4
Fabrication and Electrochemical Performance of LPBs Using SPE with B-PEG and/or
Al-PEG Plasticizers

In this subsection, the electrochemical properties of LPBs are described, especially
those of the LPBs using SPE with B-PEG or Al-PEG plasticizers. Ionic conductivity
higher than 10−4 S cm−1 is required to suppress polarization due to internal
resistance. In this respect, thinner SPE film formation and higher temperature
operation (such as ∼60 ◦C) are advantageous for increasing ionic conductivity.
The addition of B-PEG or Al-PEG plasticizers enhanced the ionic conductivity
as mentioned above, so that the improved electrochemical performance could be
expected. Figure 9.18 presents the first charge/discharge curves of LPBs using
SPEs with or without B-PEG plasticizer. Apparently, polarization was suppressed
by using B-PEG plasticizer, which enhance the ionic conductivity of SPE as
∼10−3 S cm−1 at 60 ◦C. Whereas, the SPE without plasticizers (∼10−5 S cm−1 at
60 ◦C) showed larger polarization, such LPBs also showed poor capacity retention
during cycling.
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Fig. 9.18 Comparison of (a) first charge/discharge profiles
and capacity retention for LPBs (Li/SPE/LiFePO4) using
SPEs with and without B-PEG plasticizer. Current density
and temperature were set as 1.0 C and 60 ◦C, respectively,
for the electrochemical measurement.

Durability is another important factor for LPB use, so that both electrochemical
and mechanical stabilities of SPEs are demanded. As described in the former part
of this section, PEO-based SPEs showed sufficient stability for reductive condi-
tion or lower voltage region (Figure 9.13), while decomposition may occur above
4.2 V versus Li+/Li. Figure 9.19 shows the cycle performance of (i) Li/PEO-based
SPE/LiCoO2 (cutoff: 3.0–4.1 V) and (ii) Li/PEO-based SPE/LiFePO4 (cutoff: 2.5–3.8
V) [91]. Apparently, poor cycle performance was indicated in the LPB using LiCoO2

cathodes maybe due to the limit of the electrochemical stability of SPE under
oxidative conditions. Thus, the selection of cathode materials may be regulated
as far as PEO-based polymer is used. However, the potential profiles across the
cathode and SPE region can be represented according to the fundamentals of
electrochemistry as in Figure 9.20. The sudden potential drop lies in the elec-
tric double layer between electrode and electrolytes, indicating that undesirable
electrolysis occurs only at the interfacial region. Hence, one can introduce the
polymer that is designed with priority for electrochemical stability over oxidative
condition, although this partly sacrifices ionic conductivity. In this respect, inter-
esting attempts were made by Kobayashi et al. [92]; they coated ceramic materials
with lithium conductivity, such as Li3PO4 and Li1.5Al0.5Ge1.5(PO4)3, on the surface
of cathode particles. The capacity retention of these LPBs improved significantly,
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Fig. 9.19 Cycle performance of the LPBs
with Li|SPE|LiCoO2 (open circles) and
Li|SPE|LiFePO4 (closed circles). Cutoff volt-
ages for these cells were set as 3.0–4.1
V and 2.5–3.8 V for LiCoO2 and LiFePO4

cathodes, respectively. Normal chain type
PEO (MW ∼ 106) was used as SPE, and the
electrochemical charge/discharge was carried
out at a temperature of 60 ◦C and current
density of 0.1 C.

Fig. 9.20 Schematic images of variation of
potential at the cathode|SPE interface. The
potential drop occurred at the interfacial re-
gion solely (electric double layer), so that the
SPE is exposed to the oxidative condition

only in the vicinity of cathode region. The
hatched line indicates the potential drops
inside the SPE bulk due to low ionic conduc-
tivity. Note that the potentials inside SPE are
not detectable, in principle.

and impedance measurements showed suppression of continual increase in the
cathode|SPE interfacial resistance. Although the exact reasons are still uncertain
(with further discussion in a later section), the ceramics may effectively protect
the SPEs from being exposed to oxidative (high) voltages. It is noted that they
succeeded in obtaining the charge/discharge cycling using 5-V class cathode of
LiNi0.5Mn1.5O4 and PEO-based polymer [93]. Thus, introducing electrochemically
stable material at the electrode|electrolyte interface may be beneficial to realize
practical LPB with high voltage.

The mechanical stability of SPEs is also an important factor for the durability
of LPBs. Figure 9.21 shows the cycle performance of three LPBs using SPEs of
(i) chain polymer type PEO (MW ∼106) of ∼0.15-mm thickness, and cross-linked
polymer matrix with thickness (b) ∼0.15 mm and (c) ∼1.0 mm, respectively. All the
SPEs were plasticized with B-PEG to enhance the ionic conductivity. The improved
cycle performances were observed for the LPBs using cross-linked and thicker
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Fig. 9.21 Comparison of the cycle perfor-
mance among three LPBs using various
SPEs. (cross symbol) SPE using normal PEO
with 0.15-mm thickness; (open circle) SPE
using cross-linked polymer (see figure 9.2)

with 0.15-mm thickness; (solid circle) SPE
using cross-linked polymer with 1.0-mm
thickness. All the SPEs contain B-PEG plas-
ticizers, and the LPBs were cycled at 60 ◦C at
a current density of 1.0 C.

SPEs at the low current density at 60 ◦C conditions. This result may indicate the
importance of mechanical strength and stability of SPEs for the durability of LPBs.
The mechanical strength of polymers can be improved by increasing the degree of
cross-linking and thickness. However, the improvement of mechanical strength by
the above methods caused relatively poor ionic conductivity of SPEs. In fact, slightly
smaller reversible capacity was obtained for thicker SPE (Figure 9.21) despite better
capacity retention with cycling, whereas no capacity was observed at 30 ◦C (not
shown). Thus, optimization is needed depending on the operation condition.

For further understanding of the decay mechanism of capacity retention,
impedance techniques are often used and serve as a diagnostic tool for LPBs.
Figure 9.22 shows the variation in capacity retention with cycling in LPBs whose
SPE consists of cross-linked polymer and Al-PEG plasticizers. In this case, relatively
poor cycle performance was observed, such as rapid decay of capacity retention and
large irreversibility in the first 10 cycles. The corresponding voltage profile (not
shown) for each cycle showed that the decrease in capacity retention accompanied

Fig. 9.22 Variation of charge/discharge capacity with cycling
for Li|SPE|LiFePO4 cell at 60 ◦C at 0.5C. The SPE contained
Al-PEG plasticizers.
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Fig. 9.23 Typical impedance spectra for (a) Li|SPE|LiFePO4

cell after 10 cycles and (b) Li|SPE|Li symmetrical cell at
60 ◦C at 1.0C. The SPE contained Al-PEG plasticizers.

an increase in polarization. However, the observed polarization in the voltage
profiles contains all the components of internal resistance, so that the specifying
the crucial factors for decay is usually difficult.

In this respect, AC impedance techniques enable the separation of these resistive
components, since each component has its own relaxation time. Figure 9.23(a)
shows typical impedance spectra, or Cole–Cole plots, for the above LPB (Figure 9.22)
after 10 cycles. The impedance spectra of symmetrical cells, Li|SPE|Li, are also
presented in Figure 9.23(b). The impedance of a symmetrical cell consisted of
three components. For example, there exists bulk resistance (∼50 �; the distance
from orgin to the end the left-hand side of semicircle on the real axis), following
semicircle (∼25 �; diameter of semicircle on the real axis) at higher frequency
region, and Warburg-like slope (the part of straight line) at lower frequency
region. The frequency at the top of the corresponding semicircle is ∼7000 Hz
as shown in the figure. This semicircle could be ascribed to the impedance of
charge-exchange reaction at the interface of Li|SPE. The impedance spectra of LPB
prior to electrochemical reaction was similar to that of the symmetrical one (not
shown), and the frequency at the top of the semicircle agreed with that observed in
the symmetrical cell. Therefore, the semicircle appeared in the LPB before cycling
could be ascribed to the charge transfer reaction at the interface of Li|SPE. On the
other hand, the impedance spectra of LPB after 10 cycles showed an additional
larger semicircle at the lower frequency region (32 Hz). This impedance would
stem from charge transfer reaction at the SPE|cathode interface (see, for example,
Ref. 94). Though the impedance of SPE|cathode interface did not appear in the
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Fig. 9.24 Variation in resistance arising from bulk, Li|SPE,
and LiFePO4(Cathode)|SPE in LPB with cycle number. The
capacity retention of the corresponding LPB is presented in
Figure 9.22.

pristine LPB, it showed a severe increase after charge/discharge cycling. Figure 9.24
summarizes the variation of each impedance component with cycle number. As
seen in the figure, a remarkably continuous increase of cathode|SPE interface was
observed and this seemed to correspond to the decrease in capacity retention of
the LPB. The increase of bulk resistance was also observed as already mentioned.
However, this was only indicated during the first 10 cycles, and the bulk resistance
kept stable value thereafter. This behavior of bulk resistance corresponds to the
irreversibility of charge and discharge capacity, or Coulombic efficiency of each
cycle. Figure 9.25 shows the Coulombic efficiency and bulk resistance for the
first 30 cycles. One can see clearly see that the irreversible reaction was likely to
cause an increase in bulk resistance. Therefore, the bulk of SPEs was decayed with
cycling, though severe oxidative or reductive changes are limited to the vicinity of
cathode|SPE or anode|SPE interfaces, respectively.

To understand the above electrochemical behavior, SEM/EDS (energy dispersive
spectrometry) observations were performed. Figures 9.26 (a) and (b) present the
SEM images of the cross section of cathode|SPE interface of the LPB before
and after 50 cycles, respectively. As seen in the figure, pulverization of cathode
particles was indicated after cycling. Since the cathode|SPE interface was formed
as solid–solid contact, the pulverization of cathode may cause a decrease of
effective contact area between cathode and SPE. (In case liquid electrolytes are
used, the solutions may be immersed in the created cavity by pulverization.)
Thus, the pulverization process would be one of the reasons for the relatively
poor capacity retention in the LPB. In addition, the irreversible capacity may
also come from the pulverization due to the electric connection being cut off
for a portion of cathode particles. Since the break in electric connection causes
an increase in the internal resistance, the impedance at high-frequency regions
(bulk resistance of SPE) may increase as indicated in Figure 9.24. Another aspect
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Fig. 9.25 Comparison between bulk resistances and Coulom-
bic efficiency with cycling. The capacity retention of the cor-
responding LPB is presented in Figure 9.22.

that may be a clue to the degradation of LPB was indicated from EDS analysis.
Figures 9.26 (c)–(f) display the elemental distribution of Al and Fe at the vicinity
of cathode|SPE interface. The irons resided in the ceramic particles of LiFePO4

before and after cycling. Hence, metal dissolution was unlikely to be occur in the
SPE at EDS analysis level, which was reported in the conventional battery system
with LiMn2O4 cathode and liquid electrolyte at elevated temperature [95]. On the
other hand, the aluminum was distributed in the electrolyte region due to the
plasticizers of Al-PEG. One can see the aluminum distribution was concentrated
on the surface of cathode sheet with 10-µm thickness after 50 cycles compared with
the LPB before cycling. Such a behavior may indicate that Al-PEG reacted with
cathode materials, forming undesirable by-products containing aluminum. Such
a side reaction would correspond to irreversible capacity, so that this side reaction
might cease after the 10th cycle. In addition, since the growth of the by-products
(Al-concentrated region) seems to invade the bulk region of SPEs, the decay of the
bulk resistance would correspond to the aluminum concentration or by-product
formation on the surface of cathode sheet.

Accordingly, the LPB introduced above showed severe decay of capacity retention
due to the pulverization of cathode particle and/or undesirable side reactions at
the vicinity of cathode|SPE interface. To improve the above situation, the molar
contents of plasticizers were adjusted to attain good mechanical connectivity and
suppress the side reaction. By decreasing the plasticizers, the mechanical strength
would increase and the side reaction between plasticizers and cathode materials
may decrease despite the decrease in ionic conductivity. Figure 9.27 shows the
capacity retention during the cycling at 1.0 C (the same as the experimental
condition of Figure 9.22 except for a charge/discharge rate that is twice as high).
Remarkable improvement in the cycle performance was seen in the LPB with the
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Fig. 9.26 SEM–EDS images for LPB with Li|SPE with Al-PEG
plasticizer|LiFePO4 construction. (a) and (b) SEM images
for LPB before cycling and after 50 cycles, respectively. (c)
and (d) present EDS mapping images for Al, and (e) and (f)
show those for Fe in the LPB.

adjusted SPE, with the mixing ratio of plasticizers and polymer matrix becoming
important. In addition, molecular design for plasticizers is needed in the future to
suppress the side reaction with the surface of cathode materials.

As discussed above, the electrochemical performance of LPBs is deeply re-
lated to the interfacial property and reactions between electrode and electrolyte.
However, not much is known about the relationship between battery perfor-
mance and interfacial property. In this respect, the AC impedance technique is
a powerful and convenient tool to understand the observed electrochemical re-
action. Data related to the interfaces, such as impedance data of various types
of LPBs, are needed to elucidate the crucial factors affecting electrochemical
performance.
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Fig. 9.27 Variation of charge/discharge capacity with cycling
for Li|SPE|LiFePO4 cell at 60 ◦C at 1.0C. SPE contained opti-
mized amount of B-PEG plasticizers.

9.2.5
Fabrication of a Nonflammable Lithium Polymer Battery and its Electrochemical
Evaluation

Currently, the development of nonflammable all-solid polymer batteries has be-
come crucial from the point of safety; some battery makers actually recalled all
the lithium-ion batteries with particular lot numbers because of recent ignition
problems in some of them. In this section, as a good example of practical use with
high performance, an all-solid nonflammable lithium polymer battery, Li|polymer
electrolyte with B-PEG|LiFePO4, for ambient and elevated temperature applications
[96] is proposed from the viewpoint of safety and low cost; further improvement of
the battery, with the addition of AlPO4 to the polymer electrolyte leading to surface
modification of cathode, is also discussed.

In the previous sections, it has been pointed out that the polymer electrolytes
with plasticizers such as B-PEG and Al-PEG show very high thermal stability, but
the results of ignition tests were not presented. For purpose of comparison, ignition
tests for polymer electrolytes, PEO plasticized by B-PEG and mixed with organic
PC, were carried out. The polymer matrix composition before polymerization was
PDE-600 : PME-400 = 1: 1. The oligomer mixture was used in two ways.: (i) the
mixture was added to the liquid state of B-PEG with a weight ratio of 30 : 70
and then heated at 100 ◦C for 12 hours to reach complete polymerization; (ii)
the above oligomer mixture was polymerized without addition of the plasticizer
by heating under the same conditions. The polymer obtained was immersed in
PC with a weight ratio of 30 : 70 (matrix polymer : PC). Figure 9.28 illustrates the
ignition experiment. The photograph has captured the instant following ignition
by a lighter. The sample with PC had a flame at approximately 200 ◦C, whereas the
polymer electrolyte plasticized by B-PEG did not have a flame even during tests
over 350 ◦C; further, it decomposed with color change from a transparent film to a
dark gray and black lump [97]. From these tests, it became clear that the polymer
electrolyte PEO plasticized by B-PEG shows excellent nonflammable property that
leads to fabricating large-scale batteries satisfying safety rquirements.
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Fig. 9.28 Photo of ‘‘flashing stability’’ tests of the PC-based
(left) and PEG-BE (right) plasticized PDE-600 : PME-400 poly-
mer electrolytes.

Most lithium-ion batteries use layered LiCoO2 as the cathode, which is expensive,
toxic, and thermally unstable. From the ecological, safe, and economical point of
view, lithium iron phosphate olivine LiFePO4 (space group Pnma) [98] seems to be
one of the most attractive candidates as the cathode alternatives to Co-containing
cathodes, operating within a flat voltage of about 3.4 V. The structure is shown
in Figure 9.29. The voltage range exists in the stability window of the present
polymer electrolyte plasticized by B-PEG. In the LiFePO4, small tetrahedral PO4 is
isolated and has strong covalency, while octahedrally coordinated lithium and iron
ions show strong ionic character. This leads to a favorable high redox potential
(∼3.4 V) for Fe3+/Fe2+ and unfavorable property of insulator (∼10−9 S cm−1 at
room temperature.). However, recent efforts to increase its conductivity through

Fig. 9.29 Crystal structure of olivine-type LiFePO4. White
spheres indicates Li ions; FeO6 and PO4 polyhedra are rep-
resented by the darker octahedron and the brighter tetrahe-
dron, respectively.
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intimate carbon coating [99] has improved the early rate problem in the Fe
material. Usually lithium ion in LiFePO4 diffuses one-dimensionally in the [010]
direction channel with a curved trajectory between adjacent lithium sites [100, 101].
Discharge/charge reaction (intercalation/deintercalation of Li in the LiFePO4) also
accompanies the phase change [102]; however, it has very small heat flow during
the reaction compared with other cathode materials [103] and also maintains high
theoretical capacity of 170 mAh g−1. These are the main reasons that we selected
LiFePO4 as the cathode.

The electrical performance was evaluated using coin-type cell (CR2032). Prelim-
inarily, the cathode film was prepared by the deposition of slurry of 70% active
material (LiFePO4; carbon-coated, Sigma Aldrich, 99.5+% battery grade), 20% of
acetylene black conductor, and 10% PVdF binder dissolved in n-methyl pyrroli-
done (NMP) on an Al foil. The cut-out piece from the foil was welded at a few
spots inside bottom of stainless-steel-made coin cell. The preliminary polymeric
mixture (PPM) was obtained as follows: the liquid mixture consisting of oligomers
poly(ethylene glycol) methacylates (PDE-600 and PME-400) and B-PEG in weight
ratio PDE-600 : PME-400 : B-PEG = 15 : 15 : 70, 1 mol kg−1 LiClO4 (supporting salt,
Fluka), 0.1 wt % benzophenone (Sigma Aldrich) as a polymerization initiator was
stirred in a glove box for 24 hours. In some cases, 1 wt % of AlPO4 was added to the
PPM and stirred for another 12 hours. The latter was used for checking the effect
of the surface modification of the olivine cathode. The PPM was dropped on the
cathode surface and UV-irradiated (254 nm) for 15 minutes. After adding several
drops of the PPM, the lithium metal foil as the anode was placed on it, which
was thereafter UV-irradiated for 1 hour to accomplish the polymerization. Usually
metallic lithium maintains good contact with this type of polymer electrolyte. Then
the cell (LPB) was sealed. In this system, the use of an expensive separator is
unnecessary. The schematics of cell construction are shown in Figure 9.30. The
cell was galvanostatically charged/discharged on the multichannel battery testers
between 2.5 and 3.8 V [96]. Impedance spectra of the cells were measured before
cycling and along with galvanostatic cycling in the frequency range from 50 mHz
to 500 MHz.

The polymer electrolyte plasticized by B-PEG appeared as a self-standing solid
film without noticeable liquid phase on its surface. Accordingly, the B-PEG
would intertwine with matrix PEO. Figure 9.31 shows the disappearance of the
C=C double bond peak at 1640–1650 cm−1 in infrared (IR) irradiation within 1
hour indicates complete polymerization in the system. Figure 9.32(a) presents
the charge/discharge profile at initial cycles of the nonflammable LPB at room
temperature and at 60 ◦C. It shows very flat voltage plateaus about 3.4 V versus
Li+/Li and shows very small irreversibility at the first cycle at 60 ◦C. Note that the
cell contains 1 wt % of AlPO4 in the polymer electrolyte. The cell polarization is
also very small especially at 60 ◦C, which suggests a proper formation of interface
between the electrolyte and the electrode. The CV data (Figure 9.32(b)) confirms
the fact. Furthermore, this improvement is ascribed to both the enhanced ionic
conductivity of Li+ in the B-PEG polymer electrolyte by the Lewis acidity of B
atoms, which interact with anion dissociated from lithium salt (LiClO4) and the
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Fig. 9.30 Schematics of the lithium polymer cell construc-
tion: 1 addition of several drops of the polymer reacting
mixture (PRM), 2 UV irradiation, 3 addition of several
‘‘fresh’’ drops of PRM, 4 – insertion of Li anode, 5 final
UV irradiation, and 6 sealing the cell.

decrease of the electrode/electrolyte interfacial resistance, which would positively
affect the LPB kinetics.

Figure 9.33(a) presents the cycle performance of the AlPO4-added LPB (AlPO-
LPB) and the additive-free LPB. The data show that the addition of AlPO4 leads to
increase in the cell-discharge capacity. Figure 9.33(b) shows the comparative data
on the rate capacity of the pristine and AlPO-LPB cells. Both cells were cycled at 2C
rate till the 50th cycle, then the charge/discharge rate was increased to 5C. After ten
cycles at 5C, the both cells were operated again at 2C. The additive-free LPB could
not recover the extended capacity and showed poor cyclability after 5C rate, even at
2C rate, while the AlPO-LPB exhibited better stability and acceptable cyclability at
the initial stage and successfully operated at 2C rate even after being cycled at 5C
(Figure 9.33(b)).

Figure 9.34 shows the influence of the AlPO-LPB impedance development upon
cycling at 1C rate. For both the AlPO-LPB and the additive-free cells the impedance
plots seem to contain one semicircle arc having a diameter as a combination of
the ‘‘lithium–polymer electrolyte’’ (Ra) and ‘‘cathode–polymer electrolyte’’ (Rc)
interface impedances, Rint,

Rint = Ra + Rc (9.7)
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Fig. 9.31 IR spectra of the polymer system at different
UV-irradiation time: 15 minutes (hatched line) and 1 hour
(solid line).

This behavior is similar to another similar polymer electrolyte in the literature
[94, 104]. The high-frequency intercept at the Z′-axis points to the bulk resistance of
the electrolyte, Rb. The resistance Rb does not change remarkably upon the polymer
cell charge/discharge. However, Rint resistance increases during cycling as shown
in Figure 9.34. The ‘‘fresh’’ AlPO-LPB has a smaller value than the polymer cell
without AlPO4 addition. It can be seen from Figure 9.34(b) that for the additive-free
LPB the Rint value continuously rises upon cycling. On the other hand, for the
ALPO-LPB (Figure 9.34(a)), the difference in the Rint from the ‘‘fresh’’ cell and the
initially cycled one is relatively small and the semicircle arc does not remarkably
grow upon cycling compared with the additive-free LPB. This suggests that the
AlPO4 addition to the polymer electrolyte contributes to the formation of a more
electrochemically stable electrode|electrolyte interface film with a higher diffusion
path of Li+.

The chemistry of the electrode surface processes in lithium polymer batteries is
not well understood so far because the existence of very thin nanolayer is suggested.
Sometimes, the nanolayer may not cover all the electrode surface, but locates on
some parts of the surface. Here, we discuss a possible model of the processes at the
LiFePO4 cathode surface in the presence of AlPO4. Although the solubility of the
AlPO4 in the B-PEG and/or the PPM is very low, very small amount of the AlPO4

would dissociate and form Al3+ and phosphate anion PO4
3− via

AlPO4 → Al3+ + PO4
3− (9.8)

on the cathode surface. These ions may form Li3PO4 and/or P4O10 (Figure 9.35)
and Li2O oxides during the charge process by the following reaction:

4PO4
3− + 12Li+ → 6Li2O + P4O10 (9.9)
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Fig. 9.32 Electrochemical performance of Li–AlPO4 com-
posite PEG–BE–LiFePO4 cell at room temperature (hatched
line) and 60 ◦C (solid line): (a) charge/discharge profiles at
0.1 C, (b) cyclic voltammograms at 0.05 mV s−1 scan rate.

PO4
3− + 3Li+ → Li3PO4 (9.10)

Nanoparticles (nanolayers) of lithium phosphate Li3PO4 and thermodynamically
stable phosphorus oxide P4O10 (�f G◦ = −2723 kJ mol−1 at 298 K [105]) may take
part in the surface modification of some of the cathode surface, resulting in the
enhanced cell performance. As a result, a new diffusion model of lithium ions
during the discharge could be proposed on the cathode surface. The model is
presented in Figure 9.36. The oxides and phosphate formed, especially P4O10 oxide
on the cathode surface, may attract Li+ ions in the polymer electrolyte due to −δ

charges at the outer oxygen atoms of a P4O10 cluster structure (Figure 9.35). After
several cycling, solid electrolyte interface (SEI) would be formed on the surface
of the cathode, but the SEI nanolayer that presumably consists of P4O10, Li2O,
Li3PO4 etc., does not cover the entire surface. The easiest lithium ion diffusion
will be in bulk cathode, however, the lithium ion diffusion in the nanolayer would
be faster than that in the layer of the SEI because of higher concentration of
lithium ions on the surface of the nanolayer compared with that on the surface
of the SEI. This idea is similar to that of the space charge. In Figure 9.36, l1,
l2, and l3 indicate the distance of the bulk cathode, the nanolayer, and the SEI,
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Fig. 9.33 Comparative data on AlPO4 added and
additive-free Li/LiFePO4 polymer cell performance at 60 ◦C,
cutoff 2.5–3.8 V, C is the discharge capacity. (a) 1 C rate
and (b) cells were initially cycled at 2C for 40 cycles and
then at 5C for 10 cycles; thereafter the cells continued to be
cycled at 2C.

respectively. v1, v2, and v3 correspond to the velocity of lithium ions in each part.
Each arrow in the figure indicates the vector of lithium diffusion in each part.
The unit of v/l corresponds to the frequency (1/λ). From the present model, if
we can cover the whole surface of the cathode by a suitable nanolayer, the cell
performance, especially rate property would improve and much less polarization
would be expected.

Summing up, the nonflammable lithium polymer cell Li|polymer electrolyte
with B-PEG|LiFePO4 has exhibited a high discharge capacity and stable cycling
performance at 60 ◦C. The olivine LiFePO4 cathode well matched the present
all-SPEs and showed a flat curve about 3.4 V. Since the cell does not need an
expensive separator, its manufacture would involve low costs and easier fabrication
processes. The addition of AlPO4 to the polymer electrolyte could be found to be
effective for the electrode|electrolyte interface improvement. A model of the cathode
surface processes was proposed, which correlates with the interfacial resistance
stabilization in the presence of AlPO4.
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Fig. 9.34 Effect of the AlPO4 addition on the impedance de-
velopment during the polymeric cell operation: (a) AlPO4

additive, (b) no additive, 60 ◦C; fresh cell (open circle), first
cycle (solid circle), and 50th cycle (reverse open triangle).

Fig. 9.35 Structure of P4O10 cluster.

9.2.6
Summary

This section overviewed the fabrication and electrochemical performance of LPBs
using SPEs with B-PEG or Al-PEG plasticizers as an example. Not only the ionic
conductivity of SPEs but also various factors were affected by the electrochemical
property of LPBs. In fact, an increase of ionic conductivity is effective to suppress
an increase of resistance. However, durability of the LPB requires mechanical and
electrochemical stability of SPEs, which sometimes causes a dilemma because of
simultaneous decreasing of ionic conductivity. In addition, one can see the clear
correspondence between interfacial resistance and capacity retention. Therefore,
interfaces play an important role in the electrochemical performance of the LPB,
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Fig. 9.36 Lithium diffusion model of surface modified samples.

and precise and systematic understanding of the interfacial reaction would be a key
to realize practical LPBs.

Up to now, most research work was focused on the bulk properties of individual
components of the LPB. On the other hand, not many studies have been conducted
on the ceramics|polymer solid–solid electrochemical interfaces. Further research
and development of LPBs would require cooperative research on SPEs, electrode
materials, and technical design. Such comprehensive research will lead to a new
field in materials science and engineering for advanced batteries.
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Thin-Film Metal-Oxide Electrodes for Lithium Microbatteries

Jean-Pierre Pereira-Ramos and Rita Baddour-Hadjean

10.1
Introduction

The reversible electrochemical lithium insertion–extraction reaction is a process
that induces two important fields of fundamental and applied research for thin-film
transition metal oxides (TMOs). Indeed electrochromic materials are able to change
their optical properties upon insertion/extraction induced by an external voltage but
the same process, when a larger amount of Li ions can be reversibly accommodated
in the metal oxide host lattice, gives rise to possible electrode materials for secondary
Li batteries and/or Lithium-ion batteries (LIBs). Electrochromic materials and
devices have been reviewed quite often [1–3] and they are considered to be a
subset of ‘‘the solar energy materials.’’ Starting 1990, years of assiduous effort and
research to improve LIB performance has enabled LIBs to play a leading role in
the market of rechargeable batteries especially for portable equipment like cellular
phones, video cameras, notebook computers, and portable minidisks etc.

The ongoing improvements in the microelectronics industry and the miniatur-
ization of electronic devices have reduced the current and power requirements
of some devices to extremely low levels. Therefore there is an increasing need
for new lightweight batteries with long life, and high energy density. In addition,
unlike conventional batteries, these batteries have to be deposited directly onto
chips or chip package in any shape or size. One approach to fulfilling this need
is the development of thin-film batteries (TFBs) in which all the components, i.e.,
the anode, electrolyte, and cathode materials, as well as suitable current collectors,
should be fabricated into a multilayered thin film (Figure 10.1). The lithium micro-
batteries have potentially many applications such as non-volatile memory backup,
smart cards, microelectromechanical systems (MEMSs), sensors, actuators, and
implantable medical devices. Their total thickness must not exceed few tens of
micrometers. Intensive efforts are being made to obtain high-performance cathode
materials for TFBs. About 20 years ago, TiS2 was the most widely studied material
as positive electrode for rechargeable Li batteries and it was proposed as cathode
in the first TFBs [4]. Its interest has been confirmed by other works [5, 6], but it

Lithium Ion Rechargeable Batteries. Edited by Kazunori Ozawa
Copyright  2009 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
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Fig. 10.1 Schematic layout of a TFB (from www.oakridgemicro.com/tech/appl).

has been now abandoned to the benefit of Ti, W, and Mo oxysulfide thin films,
which exhibit attractive properties [7–9]. Movement into TMOs started from 1990
[10, 11] after a decade of intense research on various Li intercalation compounds.
A critical point for the development of TFBs is the use of a high-performance solid
electrolyte; some data on various solid electrolytes used in TFBs can be found in
[12, 13], as well as a brief overview of the main TFB systems investigated up to
2000.

In spite of numerous research efforts, the real challenge still consists in finding
appropriate cathode materials to fit the requirements of the electronic devices
in terms of specific capacity, cycle life, reliability, and safety. This chapter is
mainly concerned with recent developments on thin-film oxides usable as positive
electrodes in lithium microbatteries. In the case of secondary lithium batteries
and LIBs, numerous TMOs have been investigated and evaluated as possible
positive electrodes with the development of modified or new synthesis routes.
However, only a limited number of TMOs have proved to be of interest as thin-film
materials because of the film-deposition technology required. To prepare TMO
thin films, several techniques such as vacuum thermal evaporation, sputtering,
electrostatic spray deposition (ESD), electron-beam deposition, chemical vapor
deposition (CVD) and pulsed laser deposition (PLD) can be used. In addition
various solution techniques can be applied for obtaining thin-film oxides.

Of course, the appropriate synthesis of high-performance thin-film oxides is
of utmost interest to fabricate TFBs. However, at the same time, electrochemical
study of pure thin-film materials without any binding and conductive agent as in
conventional composite electrode Li batteries allows to reach the intrinsic properties
of the oxide. In particular, the data extracted from well-defined geometries are of
fundamental interest as they reveal the influence of morphology and orientation.
In other respects, the film configuration provides a high quality of structural and
electrochemical characterization. The information collected from pure thin-film
material will then facilitate also the understanding of the composite electrode
because most of thin-film materials are first investigated in liquid electrolytes. This
work focuses on the main data that have recently become available on the most
promising thin-film oxides such as 4- and 3-V positive electrodes for TFBs i.e.,
LiCoO2, LiNiO2, and LiMn2O4 as well as their substitutive forms, V2O5 and MoO3.
For each material, the electrochemical properties in liquid electrolyte are described
first before their behavior in an all solid-state device is addressed. We are aware
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that it is difficult to cover all thin-film oxides and each aspect of their properties in
an exhaustive manner.

10.2
Lithium Cobalt Oxide Thin Films

LiCoO2 thin films have received considerable attention because LiCoO2 is the
dominant electrode material for the positive electrode in commercial LIBs. LiCoO2

thin films can be prepared by sputtering techniques [14–41], PLD [42–53], chemical
vapor deposition (CVD) [54, 55], and chemical routes including electrostatic spray
pyrolysis [56–67]. The reversible capacity per unit area and thickness is 69 µA h
cm−2 µm−1 for exchange of 0.5 Li per mole of oxide (137 mA h g−1) in a fully
dense film. Hence, depending on the effective density of the deposit, the maximum
specific capacity can range from 55 to 69 µA h cm−2 µm−1.

10.2.1
Sputtered LiCoO2 Films

10.2.1.1 Liquid Electrolyte
Direct-current DC or radio frequency (RF) magnetron sputtering is the most widely
used technique for LiCoO2 preparation investigated in liquid or solid electrolytes.
Recent studies report a high difference in the preferential orientation of deposits
produced by PLD and RF sputtering using identical LiCoO2 targets [14, 15]. The
deposition technique largely determines the LiCoO2 unit-cell alignment with the
substrate and thus, the preferential orientation of the annealed films: RF-sputtered
and PLD films exhibit (110) and (003) lattices planes parallel to the substrate
surface respectively (Figure 10.2). However, the RF film can also develop the (003)
reflection if a prolonged annealing procedure at high temperature is applied [14].
The preferential (110) orientation of the sputtered film is shown to be favorable
to fast Li diffusion in the oxide while the process of relaxation potential in PLD
films is slow and the Li diffusivity lower by a few orders of magnitude [15].
In spite of interesting data on the influence of the preferred orientation, any
conclusions that are arrived at must be regarded cautiously since other parameters
like crystallinity, stoichiometry, and purity of the films could also play a significant
role on the electrochemical properties. The electrochemical efficiency of the film
is strongly dependent on the preferred orientation; for instance, the theoretical
capacity is obtained using cyclic voltammetry at a scan rate of 0.1 mV s−1 for
the (110) orientation, whereas only a small part of the expected faradaic yield is
recorded for the PLD (003)-oriented film. In the latter case, this shows that only
a small part of the material is working. The authors explain this discrepancy by
the perpendicular (accessible) and parallel (inaccessible) alignment of the lithium
diffusion planes toward the electrolyte solution respectively for the (110) and (003)
orientations.
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Fig. 10.2 Schematic drawing showing the LiCoO2 unit-cell
orientation when deposited with RF sputtering (left) and
with PLD (right). From [14].

A major characteristic of the sputtered films is their low crystallinity and low
electrochemical efficiency when they are used as-prepared in Li batteries. The
synthesis of high-performance thin films, in general, requires a postannealing
treatment at high temperature (600–700 ◦C) to improve the crystallinity of LiCoO2

thin films. However, such a high-temperature process is often not compatible with
devices requiring the direct integration of the battery and many desirable substrates
such as flexible polymer materials and low-temperature substrate materials, which
can limit the application and fabrication of the TFBs. Therefore, significant efforts
have been made to optimize the film crystallinity and electrochemical properties.
Several ways of improvement have been proposed, such as the use of a moderate
annealing treatment (<450 ◦C) [16, 17], the use of a heated substrate (300–500 ◦C)
during deposition [18], the optimization of the power [19], and the use of a bias
substrate as process parameter [20] without any postannealing procedure.

As-deposited cathodes made using a RF power of 150 W exhibit a (101) and
(104) orientation with attractive properties since a capacity of about 50 µA h
cm−2 µm−1 is obtained in the 4.2–3 V range (Figure 10.3) [19]. The use of a high
RF power decreased the presence of Co3O4 impurity phase. In such a case, a high
electrochemical efficiency is obtained for as-deposited films of various thickness in
the range 0.6–1.6 µm as evidenced by the linear relation in the capacity dependence
versus thickness (Figure 10.4). However, cycling experiments performed between
4.2 and 3 V or in the restricted range 4–3 V indicate a capacity loss of 0.2% per
cycle but no clear conclusion on this behavior has been proposed. Bias sputtering
is proved to be a promising method [20] owing to microstructural changes induced
by the ion bombardment delivering energy to the growing film and, in spite of a
low crystallinity, interesting discharge capacities are reached when an optimized
substrate bias value of −50 V is applied. In that case no heat treatment is required
and high capacity values close to the theoretical one are obtained for a film 0.35 µm
thick. A compromise must be found between the Li/Co molar ratio and the presence
of Co3O4. The advantage of this effect has been confirmed by the promising cycle
life of as-prepared films in an all solid-state microbattery [20].
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Fig. 10.3 Influence of the RF power on the charge/discharge curves of LiCoO2. From [19].

Fig. 10.4 Discharge capacity versus thickness of
RF-sputtered LiCoO2 films (RF power = 150 W) in the po-
tential range 4–3 V at 30 µA cm−2. From [19].

Other experimental parameters have to be taken into account for controlling
high-quality thin films. For instance the influence of target history and deposition
geometry on RF magnetron sputtered LiCoO2 thin films is described in [21].
Li-deficient film oxides can be obtained with heavily used targets. The selection of
an appropriate substrate is important in terms of deposit morphology, electrical
resistance, and rate capability [22].

Besides the complicated optimization of the numerous experimental parameters
involved for the sputtering deposition process and the postannealing treatment
often required, some authors proposed to improve the specific capacity by raising
the charge cutoff voltage up to 4.4 V [23–25]. The sol–gel coating of LiCoO2 powder
by high-fracture-toughness oxides has been proved to decrease or to suppress, in
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some cases, the changes in the c lattice constant for an Li extraction occurring in
the composition range 0 < x ≤ 0.7 for x in Li1−xCoO2 [23]. This finding has been
successfully applied to the coating of sputtered films, 600 nm thick, by sputtered
Al2O3 of few tens of nanometers: which ensured a significant decrease of the
capacity fading from 37 µA h cm−2 as the initial capacity to only 8 µA h cm−2 for
the bare LiCoO2 film; but still 27 µA h cm−2 for the Al2O3-coated film after 100
cycles between 4.4 and 2.75 V at 0.2 mA cm−2 in 1 M LiPF6 EC/DEC electrolyte [24].
The coating has been found to suppress cobalt dissolution during electrochemical
cycling and allow high Li diffusivity to be maintained upon cycling. AlPO4 coating
has also been proved to lead to similar results [25].

A specific structural response of LiCoO2 thin film exists even when the charge
cutoff voltage is limited to the conventional value of 4.2 V corresponding to the
Li0.5CoO2 material. Indeed, surprisingly, in contrast to the Li1−xCoO2 powders
exhibiting ≈3% c-axis expansion at x ≈ 0.5 (from ≈14.05 to ≈14.45 Å), the XRD
patterns of charged films (500 nm thick) at 4.2 V show negligible change in the c
lattice parameter [26]. Five or 10 cycles are needed to provoke the appearance of the
conventional Li0.5CoO2 expanded phase. This phenomenon seems to be strongly
dependent on the preferred orientation. Interesting works have been devoted to
the study of local structure of LiCoO2 during electrochemical process. XAS [27],
XPS [28], RBS, PIGE [29], IR [30], and Raman [31] studies deal with the charge
compensation mechanism during the charge, the chemical composition of oxide
films and their spectroscopic characteristics. The oxygen ions would be involved in
the oxidation process in parallel to the cobalt system. Investigation of stresses gen-
erated during lithium transport through the RF sputter-deposited Li1−xCoO2 film
has been performed by a double quartz crystal resonator (DQCR) technique [32].

10.2.1.2 Solid-State Electrolyte
Many TFBs with crystalline LiCoO2 cathodes have been prepared and investigated
at Oak Ridge National Laboratory and a wide and deep knowledge has been provided
by the group of J. B. Bates [33–36]. Figure 10.1 shows a schematic cross section
and plan view of a TFB. Lithium cobalt oxide films were deposited by planar RF
magnetron sputtering of LiCoO2 targets in an Ar–O2 gas mixture. The films are
then annealed in air between 500 and 700 ◦C. The as-prepared films, with film
thickness from 0.05 to 1.8 µm were found to contain a small amount of Li and
O excess as Li2O. The cathodes are covered with a 1–2 µm amorphous lithium
phosphorus oxynitride (LiPON) electrolyte deposited by RF magnetron sputtering
of a Li3PO4 in N2 (Li2.9PO3.3N0.46) with a conductivity of 2 × 10−6 S cm−1. This
electrolyte is stable up to 5.5 V versus lithium metal. Lithium anode films about
3 µm thick were then deposited over the electrolyte by thermal evaporation of
lithium metal contained in a Ta crucible at a pressure of 0.1 mPa. Ten years ago,
this group clearly established the advantage of using well-crystallized material
rather than an amorphous phase and indicated good electrochemical properties for
films heated at 700 ◦C after deposition. Figure 10.5 [33] shows that such solid-state
batteries can sustain high discharge rate, up to 1 mA cm−2 and deliver a large
fraction of the maximum capacity expected in the 4.2–3 V potential range. The
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Fig. 10.5 Discharge curves at different current densities
for an Li/LiPON/LiCoO2 thin cell. Cathode thickness is
0.47 µm. From [33].

average specific capacity obtained is 64 µA h cm−2 µm−1. Long cycle life of more
than a few hundred of cycles and a capacity loss between 0. 0001 and 0.002%
per cycle is reported [33]. A detailed study of cycling properties of such batteries
has been recently been published for a wide range of film thicknesses [34]. For a
4.2-µm-thick film, a high capacity of 300 µA h cm−2 can be achieved.

Owing to the large number of experimental parameters required in the deposition
procedure, some questions have been raised regarding the control of predominant
factors to achieve high-performance electrodes and reproducible synthesis. After
annealing at 700 ◦C, LiCoO2 films exhibit a strong preferred orientation of the
(003) type for thickness <1 µm while the (101)–(104) orientation is predominant
for films thicker than about 1 µm. Of the variables such as the gas mixture and
pressures, deposition rate, substrate temperature, and substrate bias, the substrate
temperature (200–300 ◦C) is thought to induce large changes in texturing the
thick films from predominantly (101)–(104) to (003) orientation [35]. However, no
clear influence of the preferred orientation on the kinetic response of the cathode
is reported. Another key parameter is the cell resistance; the cathode resistance
can be minimized by using low-temperature deposition because high-temperature
deposition leads to larger grains and increased void fraction, and then byreducing
the contact area between the electrolyte and cathode, and contact between grains,
resulting in higher cell resistances.

The optimization of the battery capacity can be performed by preparing thicker
positive oxide films by using a process that does not involve postannealing allowing
then to deposit the electrode material on flexible polymer substrates. The prepara-
tion of such a cathode film, 6.2 µm thick has been realized by electron cyclotron
resonance (ECR) plasma sputtering method [37] and a high discharge capacity of
about 250 µA h cm−2 with good cyclability is reported.



264 10 Thin-Film Metal-Oxide Electrodes for Lithium Microbatteries

Fig. 10.6 Cycling behavior (about 1 C rate) of
Li/LiPON/LiCoO2 cells with films prepared at different RTA
times. From [39].

Some integrated circuits (ICs) are fabricated using solder reflow (surface mount)
assembly in which the IC is heated to 250–260 ◦C for a short time, causing all of
the components to be soldered at once. Because of the low melting point of lithium,
180 ◦C, lithium batteries fail when heated to these temperatures. Therefore, some
attempts have been made to replace lithium [36, 38] by sputtered anode materials
such as silicon–tin oxynitride (SiSn0.87O1.20N1.72) and nitrides (Zn3N2, Sn3N4).
However, a significant decrease of the energy delivered (50–60%) is observed [36].
The most promising approach seems to be the use of a lithium-free battery with in
situ plated Li anode [38]. A copper current collector is deposited over the electrolyte
and cycling then involves repeated stripping and plating of lithium under the Cu.
The electrochemical properties of Li-free TFBs compare very well with those of
conventional Li TFBs.

To overcome the drawbacks of conventional heat treatment to get crystalline thin
films, a rapid thermal annealing (RTA) treatment system installed in a vacuum
chamber, the heat source being a halogen lamp, applied at 650 ◦C for 500–900
seconds (Figure 10.6), enables c-LiCoO2 films to be achieved [39]. Attractive results
are reported for LiCoO2 films 2.3 µm thick prepared with an RTA time of 900
seconds since a stable specific capacity close to the theoretical one is obtained
over 100 cycles at C rate and 70% of the maximum capacity is recovered at high
rate (20 C). In addition to less-crystallized samples, a too short RTA time probably
promotes the formation of the LT spinel phase leading to a capacity fading upon
cycling.

Many attempts have been made to decrease the heat treatment temperature or
to suppress this step. For instance, sputtered (104) oriented films can be obtained
after a heat treatment performed as low as 300 ◦C [16]. At the same time, what
is more interesting is the optimization of the substrate bias, which has been
shown to positively influence the electrochemical behavior of 0.35-µm-thick films
[20] thus avoiding a postannealing treatment; a satisfactory specific capacity of
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Fig. 10.7 Charge/discharge curves with the various charge
cutoff voltages (0.1 mA cm−2 at 25 ◦C). From [40].

50 µA h cm−2 µm−1 is reached after 100 cycles. As for thin films used with
liquid electrolytes, one possible way for enhancing the specific capacity consists in
increasing the charge cutoff voltage up to 4.4 V [40, 41]. Using LiPON electrolyte
in the microbattery, it has been shown that the capacity fade of a film oxide 1.2 µm
thick increases a lot from 4.4 V compared to 4.2 V, but still remains acceptable
to deliver 90 µA h cm−2 (Figure 10.7), i.e., 98% of the initial capacity after 100
cycles between 3 and 4.4 V at 1.4 C rate [40]. This degree of capacity retention is
remarkably high, since, in similar conditions, only 50% of the initial capacity is
recovered after 50 cycles with uncoated LiCoO2 powders in liquid electrolyte.

10.2.2
PLD LiCoO2 Films

With RF sputtering, PLD is one of most widely used techniques to prepare thin
metal oxides. The PLD technique has many advantages for producing good-quality
thin films with a high-deposition rate, and for retaining the original stoichiometry
of a target to the deposited films and the capability of making a multilayer film
by exchanging the targets inside a chamber. Moreover, it is possible using PLD
to synthesize solid electrolytes [68, 69]. In the case of LiCoO2, solid-state thin-film
LIBs consisting of crystalline LiCoO2 and amorphous SnO as positive and neg-
ative electrodes respectively with an amorphous Li2O–V2O5 –SiO2 (LVSO) solid
electrolyte were fabricated [42, 43].

The first interesting results obtained in liquid electrolyte indicated that amor-
phous LiCoO2 could be deposited on unheated stainless steel substrates using the
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R3m layered structure as target [44]. Therefore, a postannealing treatment at tem-
perature >500 ◦C in air allows the samples to crystallize but the authors mention
the presence of a mixture of the high- and the low-temperature phases characterized
by a lower capacity and cycle life. Striebel et al. reported the synthesis of LiCoO2

thin films on heated (600 ◦C) stainless steel substrates [45]. These films have thick-
nesses from 0.2 to 1.5 µm and are crystalline without postdeposition annealing. A
200-nm-thick film exhibits a maximum capacity density of 62 µA h cm−2 µm−1 in
the 4.2–3.7 V voltage range, which is very close to the theoretical value, but it has a
poor cycling life with a capacity loss of 50% after 50 cycles. When the target is a pure
sintered LiCoO2 powder, the films are often lithium deficient. An optimization,
i.e., an increase of both the substrate temperature and the oxygen partial pres-
sure, is necessary to decrease the amount of the Co3O4 impurity in this phase [46].
Figure 10.8 illustrates the strong influence of the substrate temperature and oxygen
partial pressure on the film morphology and the grain size of active material.

To compensate the lithium loss in the film, the use of a sintered target made
of LiCoO2+ 15 wt% Li2O has been successfully proposed with a heated substrate
at 300 ◦C [47]. This method has been recently applied with promising results with
films 300–500 nm thick deposited on stainless steel substrates heated at 600 ◦C
[48, 49]. The oxygen pressure has also to be optimized and its influence on the
orientation and morphology is well investigated in [48]. It is shown that a randomly
oriented film induces a higher capacity and coulombic efficiency, and better cycling
stability than the (003)-oriented film. Indeed Figures 10.9 and 10.10 clearly indicate
a capacity of 68 µA h cm−2 µm−1 for the cathode deposited at 50 mTorr of oxygen
(520 nm thick) compared with that of 45 µA h cm−2 µm−1 achieved at 300 mTorr
(320 nm thick) characterized by the stacking of oxide sheets parallel to the substrate.

Actually, two preferred orientations are commonly found [48–51]: the (003)
and the (104) orientations, which correspond to a smooth and a rough surface,
respectively. The different textures can be reached by changing the substrate
(stainless steel or Si, for instance) [49–51] or the partial pressure of oxygen
[48]. Surprisingly, in spite of a lower utilization and a lower Li diffusivity in the
(003)-textured thin films by one order of magnitude than in the (104)-textured films,
the (003)-textured thin films exhibit a slightly better capacity retention upon cycling
(Figure 10.11) [51]. This is attributed by the authors to their better structural stability
and smooth surface. The electrochemical performance of the (003) films is thought
to indicate that fast Li diffusion through the grain boundaries is comparable to or
even faster than that through the grains [51]. One way of possible improvement
in terms of capacity would be to enlarge the potential window for cycling up to
4.5, 4.7, or 4.9 V. Recent studies address the phase transitions, the kinetics of Li
transport of PLD LiCoO2 films in this high-voltage region [52].

Cycling properties of PLD LiCoO2 thin films are relatively rare. A significant
improvement has been made when considering the fast capacity fading reported
in [46] and the recent data in [48, 51]. High capacity values of 60 µA h cm−2 µm−1

(Figure 10.9) or 50 µA h cm−2 µm−1 (Figure 10.11) can be reached in the 4.2–3 V
potential range with a satisfactory stability over 20 cycles at 50 and 20 µA cm−2 for
films in the range 400–500 nm thick. Nevertheless, the effective capacity available
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Fig. 10.8 Influence of the substrate temperature and oxygen
partial pressure on the morphology of PLD LiCoO2 films
grown on (200)-textured SnO2-coated glass; (a) Ts = 700 ◦C,
pO2 = 2000 mTorr; (b) T = 300 ◦C, pO2 = 2000 mTorr; and
(c) T = 400 ◦C, pO2 = 300 mTorr. From [46].

is then only of 30–20 µA h cm−2 due to relatively thin films with thickness ≤500
nm. There is a lack of data on extended cycling properties and on the rate capability
of PLD thin films.

It comes out that the influence of the preferred orientation on the electrochemical
behavior in terms of utilization, capacity retention, and rate capability must be
clarified, since many literature data actually seem contradictory, especially in
regard to Li diffusivity.

Two types of solid-state TFBs, one using an amorphous LVSO solid electrolyte
[42, 43] and the other, an LiPON electrolyte, have been investigated [53]. The battery
consisting of 150 nm SnO/1.1 µm LVSO electrolyte/400 nm LiCoO2 operates at
2.5 V for a capacity of 9 µA h cm−2 that decreases continuously with cycling to reach
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Fig. 10.9 Evolution of the capacity with cycles of two LiCoO2

thin films deposited at 50 and 300 mTorr with current
density of 50 µA cm−2. From [48].

Fig. 10.10 Comparison of discharge curves of two LiCoO2

thin films deposited at 50 and 300 mTorr with current
density of 10 µA cm−2. From [48].

4 µA h cm−2 after 100 cycles at 44 µA cm−2. A thinner LiCoO2 film, 100 nm thick
×0.25 cm2 has been used with LiPON deposited by RF sputtering and a lithium
negative electrode. A discharge capacity of 2 µA h is obtained which shows a high
electrochemical efficiency; however, no cycling data have been given for such a
TFB.



10.2 Lithium Cobalt Oxide Thin Films 269

Fig. 10.11 Charge/discharge curves and capacity versus cycle
number of the (003)-textured LiCoO2 film (a), (b) and the
(104)-textured LiCoO2 film (c), (d). From [51].

10.2.3
CVD LiCoO2 Films

The CVD technique has allowed to synthesize crystalline LiCoO2 thin films in
the range 100–200 nm by controlling deposition parameters such as deposition
temperature (270–450 ◦C) and input Li/Co mole ratio [54, 55]. This does not avoid
the use of a postannealing treatment at 700 ◦C. Nevertheless, the specific capacity
achieved for these thin films does not exceed about only 50% of the theoretical one
with a limited rechargeability leading to a poor cycle life. The CVD process could
be of interest to improve the discharge capacity of cathode films using a trench
structure in place of planar–cathode films.

10.2.4
LiCoO2 Films Prepared by Chemical Routes

Even when the physical deposition methods such as the sputtering and the PLD
techniques are widely used, various chemical methods for the synthesis of thin-film
cobalt oxides have been proposed. The available data are rather recent and the
as-prepared LiCoO2 films have been investigated in liquid electrolyte, but not in a
solid-state microbattery. Ten years ago, some authors demonstrated that thin films
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Fig. 10.12 The galvanostatic cycling properties of ESD
SiO2-modified LiCoO2 films in the 4.3–2.7 V voltage range
at 0.1 mA cm−2; the SiO2 content is indicated in the graphs.
From [58].

0.1–0.3 µm thick could be achieved using a mixture of appropriate sols sprayed
on to heated substrates from 200 to 600 ◦C with, sometimes, a postannealing
treatment [56, 57]. This spray pyrolysis method did not give satisfactory results in
terms of cycling properties. More recently, promising electrochemical properties
of nano-SiO2 modified LiCoO2 films fabricated by the ESD technique have been
reported [58]. A mixture of an SiO2 sol and a solution of lithium and cobalt
salts were used for the deposition on a heated Pt substrate kept at 350 ◦C, and a
postannealing process at 700 ◦C was applied. The promoting influence of the SiO2

content in the as-prepared films is demonstrated and a stable specific capacity of
130 mA h g−1 is recovered over 60 cycles between 4.3 and 2.7 V at 0.1 mA cm−2

current density when the film contains 15 wt% SiO2 (Figure 10.12).
The sol–gel spin-coating method combined with a postannealing process in

the range 650–800 ◦C has been applied by a few groups [59–61]. One of the
major drawbacks of this method is that the above process, the ‘‘deposition-heat
treatment’’, must be repeated, for instance, from three up to 10 times to get a
thickness of 1 µm [59, 61] with the annealing temperature [61] and substrate [62]
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greatly influencing the cycling properties. One of the best results is reported for a
0.5-µm-thick film, prepared with poly(vinylpyrrolidone) as an additive to sol, which
exhibits a stable capacity of 60 µA h cm−2 µm for 10 cycles between 4.3 and 3.5 V
at about 1 C in 1 M LiClO4/EC + DEC [59]. Actually, the true long-term cycling
behavior of sol–gel films is not known.

Under galvanostatic conditions, LiCoO2 thin films can be also produced on
Co substrate from an appropriate aqueous solution of cobalt and lithium ions at
100 ◦C, but only preliminary but interesting voltammetric curves are available [63].
It must be recalled that a LiCoO2 thin film, 0.3 µm thick can be prepared by the
chemical oxidation of metallic Co in molten LiCO3/KCO3 at 650 ◦C [64].

The screen-printing technique could afford a possible alternative to the use of
thick films to significantly increase the specific capacity of the Li-ion microbattery.
Indeed, the feasibility of preparing doped M-LiCoO2 (M = Zr, C) thick films
(6–20 µm) by the screen-printing technique is demonstrated in [65, 66]. A stable
capacity as large as 270 µA h cm−2 is obtained over 40 cycles at 100 µA cm−2

current density with a 5-µm-thick Ag-added Zr-LiCoO2 film printed on to a
platinum-coated alumina substrate [65]. This value corresponds to about 87% of
the theoretical capacity, but the degree of utilization of the electrode material
decreases with increasing thickness; it drops for instance to 43 and 36% for the
same film 10 and 20 µm thick, respectively.

Preliminary interesting results have been obtained for an all solid-state LIB using
a thick electrolyte layer of Li0.33La0.56TiO3 and Li4Ti5O12 and LiCoO2 thin films
deposited by spray pyrolysis as anode and cathode materials [67] but no cycling data
are available for this device.

10.2.5
Conclusion

Most of the fundamental studies on the electrochemical properties of LiCoO2 thin
films have been performed in liquid electrolyte and aim at getting thermodynamic
[15], kinetic [15, 45, 49] and structural [14, 26–28, 52] data. A demonstration of
the influence of the diffusion plane orientation for sputtered films illustrated by
detailed kinetic data is reported in [14, 15]. As far as the cycling performance
is considered, it comes out that the cycling behavior is subject to deterioration.
Some works suggest the capacity loss is attributed not only to the growth of the
SEI layer, which decreases the electrode surface area and poses an additional
barrier for lithium intercalation, but also to a loss of active material or to a peeling
off process even when this phenomenon is not often taken into account in the
literature.

The Li1−xCoO2 system with xmax = 0.5 is usually cycled between 4.2 and
3 V. In spite of the optimization of deposition conditions, the vacuum tech-
niques like RF sputtering and PLD were not successful to systematically produce
high-performance thin films since most of the studies reveal a continuous more or
less pronounced capacity decrease upon cycling in the 4.2–3 V range. A rigorous
optimization of the deposition and crystallization processes must be found to get
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interesting film properties. Among the best results, the capacity of sputtered films
deposited on stainless steel without any postannealing treatment exhibits a decline
of 0.2% per cycle leading to a value of 35 µA h cm−2 µm−1 after 100 cycles between
4 and 3 V [19]. In the 4.2–3 V region, 4-µm sputtered thick films only deliver,
at 50 µA cm−2, 27 µA h cm−2 µm−1 (≈ 50% of the theoretical value) as stable
value of capacity over 150 cycles, i.e., in fact 108 µA h cm−2 [22]. With PLD films,
0.4–0.5 µm thick, stable capacities in the range 50–60 µA h cm−2 µm−1 can be
reached [48, 51] in very close cycling conditions showing that only 25–30 µA h
cm−2 are available. Though the solution techniques cannot be easily applied to the
multilayer step process to fabricate TFBs, they offer new possibilities for deposition
of attractive LiCoO2 films. For instance, the ESD SiO2 modified-LiCoO2 films with
15 wt% SiO2 show a remarkable and stable specific capacity of 130 mA h g−1 over
60 cycles at 100 µA cm−2 between 4.3 and 2.7 V [58]. The sol–gel process also
allows to reach a capacity of 60 µAh cm−2 µm−1, i.e., 30 µA h cm−2 for a 0.5-µm
film, over 10 cycles [59], whereas the screen-printing technique enables a high
value of 270 µA h cm−2 to be stabilized over 40 cycles with an Ag-added Zr-LiCoO2

film, 5 µm thick [65]. One interesting way to improve the cycle life of the LiCoO2

system in the 4.2–3 V range consists in protecting the film by a thin coating layer
of few tens of nanometers. Such trends must also be investigated more deeply to
enable higher capacities to be reached with a cutoff voltage above 4.2 V.

In all solid-state TFBs, the usual cycling behavior of a LiCoO2 thin film is more
stable than in liquid electrolyte showing the particular high reactivity of the active
material toward the liquid electrolyte mainly based on LiClO4 or LiPF6 in PC
or DEC–EC solvents. The available capacities are already high, reaching values
between 200 and 300 µA h cm−2 depending on the current density (20–1000 µA
cm−2) for a cathode 4.2 µm thick. This finding is combined with long cycle life
of over a few hundred cycles in the 4.2–3 V voltage range. The main objective
now concerns the crystallization process of the cathode whose temperature and
time must be lowered, for instance, by using an RTA system, or by optimizing the
substrate bias or the substrate temperature. Of course, the next step for improved
TFBs is to suppress the evaporated Li anode. Lithium-free batteries based on in situ
Li plating have been proposed, but intercalated thin-film compounds constitute a
safer solution and hence an exciting field of research.

10.3
LiNiO2 and Its Derivatives Compounds LiNi1−xMO2

In regard to LIBs, the limited capacity of LiCoO2, its high cost, and toxicity have been
regarded as drawbacks. Moreover, LiNiO2 is usually deposited as nonstoichiometric
Li1−xNi1+xO2 because of the difficult oxidation of Ni2+ to Ni3+. Therefore, not only
LiNiO2 but also LiNi1−xCoxO2 have been recently investigated for all solid-state
TFBs. This class of materials must allow to reach maximum capacities in the range
70–100 µAh cm−2 µm−1.
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10.3.1
Solid-State Electrolyte

Electron-beam evaporated LiNi0.5Co0.5O2 cathode films have been shown to be
suitable in Li microbatteries without any successful application [70].

The best results have been reported for RF-sputtered LiNiO2 [71] and LiNi0.5Co0.5

O2 [72], 1.1 and 0.3 µm thick, respectively, and deposited on Pt substrates. From the
RBS and ICP results, it follows that the as-prepared films are lithium deficient with a
chemical composition of Li0.84--0.86MO2. Figure 10.13 shows the voltage profiles of a
thin-film microbattery corresponding to the stacking of the layers Li/LiPON/LiNiO2

or LiNi0.5Co0.5O2/Pt/MgO/Si. The RTA treatment applied (700 ◦C for 3 minutes in
flowing oxygen) allows to avoid the surface oxide layer (Li-O) to be formed, and a
high specific capacity of about 40 µA h cm−2 µm is stabilized after 100 cycles in the
4.2–2.20 V potential range for LiNiO2 (Figure 10.13), the effective capacity being
only in the order of 20 µA h cm−2 for the Li–Ni–Co mixed oxide, 300 nm thick [72].
The RF sputtering deposition process can be modified to decrease the temperature
of the postannealing treatment by controlling the substrate temperature. For in-
stance well-crystallized thin films, 500 nm thick were prepared on ITO substrates

Fig. 10.13 The discharge capacity (a) and (b) voltage profiles
of a Li/LiPON/LiNiO2 (1.44 cm2/Pt) TFB. From [71].



274 10 Thin-Film Metal-Oxide Electrodes for Lithium Microbatteries

Fig. 10.14 Initial charge/discharge curves for a PLD
LiNi0.8Co0.2O2 film; p(O2) = 150 mTorr and Ts = 450 ◦C.
From [75].

heated as low as 350–450 ◦C which is approximately half the usual postannealing
temperature for Li–Ni–O and Li–Ni–Co–O thin films [17].

10.3.2
Liquid Electrolyte

Other compositions in the LiNi1−xCoxO2 system have been proposed and tested
in liquid electrolytes. In particular, pulsed laser deposited LiNi0.8Co0.2O2 and
LiNi0.8Co0.15Al0.05O2 are of interest [73–75]. These cathode materials deposited
on heated Ni substrates (450 ◦C) exhibit a (00 l) preferred orientation and attrac-
tive capacities of 83 and 92 µA h cm−2 µm−1, respectively (Figure 10.14). The
Al-containing film is reported to deliver high capacities with a good rate capability
since 95, 92, and 80 µA h cm−2 µm−1 are recovered in liquid electrolyte after 36
cycles at C/20, 2 C, and 10 C discharge rate (C/2 charge rate). This behavior is
reported to be related with the decreasing particle size provided by the Al-doping
effect [74]. These works are in good accord with previous data established on PLD
LiNi0.8Co0.2O2 films, 0.6 µm thick [76]. Finally, some preliminary results outline the
possible interest of ESD to prepare LiNiO2, LiNi1−xMxO2 (M = Co, Al) films which
are relatively thick from at least 1 µm to a few micrometers [77]. Soft chemistry
routes like the sol–gel synthesis and the electrochemical–hydrothermal method
have been considered for deposition of thin films in the range 10–115 nm [78, 79].

10.3.3
Li – Ni – Mn Films

RF magnetron sputtering has been successfully applied to synthesize Li–Ni–Mn
oxide films 1.5 µm thick [80, 81]. The cathode with the Li1.12Ni0.44Mn0.44O2
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Fig. 10.15 Cycle 1 and 10 of the Li/LixNi0.44Mn0.44O2 battery
between 4.8 and 2.5 V at C/20 rate. From [81].

composition was deposited on an Au/Ni/alumina substrate from a target with the
composition Li1.23Mn0.37Ni0.40O2 and needed a further heat treatment at 750 ◦C
under O2 for 3 hours. After charging up to 4.2 V in an all solid-state battery using
LiPON as electrolyte, the discharge capacity was only 63% of the charge capacity.
The authors proposed to enhance the capacity with the enlarged 4.8–2.5 V potential
window (Figure 10.15) and a specific capacity of 90 µA h, i.e., 60 µA h cm−2 µm−1

has been achieved with a good stability on 10 cycles at C/20 rate.

10.3.4
Conclusion

From the use of the layered host lattices, LiNiO2, LiNi1−xCoxO2, and LiNi1−xMnxO2,
large specific capacities in the range 40–60 µA h cm−2 µm−1 in solid electrolyte
and 60–90 µA h cm−2 µm−1 in liquid electrolyte can be expected with a good com-
promise on the working voltage, which indicates a possible improvement compared
to LiCoO2 thin-film oxides. However, basic data related with the electrochemical
and structural behavior of the film in the LiNiO2, LiNi1−xMxO2 systems are not
available as yet in spite of the promising results described above.

10.4
LiMn2O4 Films

Assuming a fully dense film, the maximum specific capacity is 63 and 50 µA h
cm−2 µm−1 for the reversible extraction/insertion of 1 Li and 0.8 Li per mole of
oxide, respectively. First attempts for LiMn2O4 film deposition have involved the
electron-beam evaporation. The reactive electron-beam evaporation of the preheated
bulk oxide in a low oxygen pressure followed by an annealing procedure as low as
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400 ◦C leads to the formation of well-crystallized films, 1 µm thick, deposited on
stainless steel substrate [36, 82]. Promising results were obtained between 4.3 and
3 V with capacity close to the theoretical one and 0.8 Li reversibly intercalated in
liquid electrolyte. At 100 µA cm−2, such films produce specific capacities of about
130 mA h g−1 (≈ 88% of the theoretical capacity) and 100 mA h g−1 even after 220
cycles at 55 ◦C. Surprisingly, in spite of its attractive properties, no further work
using this technique has been published. LiMn2O4 thin films, 0.5 µm thick, have
been evaluated in all solid-state batteries using LiPON as solid electrolyte. Over the
very large potential window 5.3–1.5 V, 1 Li per mole of oxide is extracted at high
potential but no clear cycling data is available [83]. The cell delivered a low capacity
of 8–10 µA h cm−2 between 4.5 and 3.8 V.

10.4.1
Sputtered LiMn2O4 Films

Contrary to the LiCoO2 and V2O5 thin-film cathodes, LiMn2O4 has been little
investigated and prepared using RF magnetron sputtering. Indeed, only a few
papers have dealt with the electrochemical properties of sputtered LiMn2O4 thin
films in liquid [84–87] and solid-state electrolytes [88–91]. A promising behavior
has been reported for 200-nm thick LiMn2O4 films working in the 4.3–4.2 to
3.7–3.8 V potential range in liquid electrolyte [84, 85]. A rapid postannealing
treatment at 750 ◦C for 60 seconds (RTA) in an oxygen atmosphere is required to
optimize the cycling behavior of the film oxide. The rechargeability of these films
has been demonstrated with a stable capacity of 50 µA h cm−2 µm−1 recovered
after 1000 cycles (Figure 10.16) at 200 µA cm−2 [84]. This capacity value shows
that 0.8 Li could be deintercalated reversibly at a nearly constant voltage of 4 V.
An electric bias applied on the substrate during deposition with or without a
postannealing treatment can be used to modify the morphology, the crystallinity,
and the discharge/harge profile of the LiMn2O4 film [86]. Surprisingly, the possible
use of the spinel Li–Mn–O thin film in the enlarged potential window 4.3–2.0 V
has been reported for 400-nm-thick films treated for 1 hour in O2 at 600 ◦C [87].
Indeed, a capacity stable over at least 20 cycles and estimated at 200 mA h g−1 is
obtained, whereas the cycling behavior of the oxide powder is poor due to the large
volume change of about 5.6% during lithium insertion in the 3.0-V plateau region.

All solid-state rechargeable TFBs were fabricated with the cell structure of
LiMn2O4/LiPON/Li using sequential thin-film deposition techniques [88–90]. For
amorphous films obtained as-deposited, 660 nm × 1.2 cm2, the cell delivers a
capacity of 40 µA h at low current density (2 µA cm−2) between 4.5 and 2.5 V and
18 µA h at 40 µA cm−2 [88]. Some works indicate that crystalline sputtered films
are Mn deficient and that the lithium content can widely vary with the experimental
deposition and annealing conditions [89]. A solid-state cell (LiMn2O4/LiPON/Li)
working at a nearly constant potential of 4 V and using crystallized LiMn2O4 films,
300 nm thick, deposited on Pt current collectors and heat-treated at 750 ◦C in O2

can sustain current densities from 50 to 800 µA cm−2 for a specific capacity of
50–45 µA h cm−2 µm, respectively [90], with a small ohmic drop across the solid
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Fig. 10.16 Typical charge/discharge curves of a 0.2-µm
LiMn2O4 spinel film prepared by RF magnetron sputtering
followed by RTA at 750 ◦C in O2. From [84].

electrolyte. This indicates fast lithium-intercalation kinetics within the LiMn2O4

spinel structure. A remarkable capacity retention of 96% is reached after 100 cycles
at 100 µA cm−2. Moreover, by interconnection of eight unit cells in series, higher
voltages were successfully obtained with two voltage plateaus at 33 and 31 V. A new
approach has been recently proposed by Park et al. [91] with a cell using a thin-film
polymer electrolyte PEO–LiClO4 directly deposited on the LiMn2O4 cathode film
≈0.3 µm thick by spin coating; 0.83 Li ions can be removed from the film oxide
during the charge process and the capacity decreases slowly to 85% of the initial
value (53 µA h cm−2 µm−1) after 100 cycles at 6 C rate. Hence the spin-coated solid
polymer electrolyte PEO–LiClO4 was shown to be as stable as the liquid electrolyte.

10.4.2
PLD LiMn2O4 Films

The first work on LiMn2O4 thin film as positive electrode produced by PLD reports
on a thin (0.3-µm) and a thick (1.5-µm) crystallized film obtained without any
postannealing treatment but using a heated substrate at 600 ◦C [92]. While the
cycling behavior in liquid electrolyte was rather poor for the thicker film since only
28 µA h cm−2 µm−1, i.e., 50% of the maximum capacity is recovered after 100 cycles
between 4.25 and 3.8 V, promising results were found for the 0.3-µm-thick film
with a stable capacity near 50 µA h cm−2 µm−1 over 300 cycles. At the same time,
very thin films, 100 nm thick, were examined as positive electrode and lithium-ion
sensor [93]. The synthesis of stoichiometric LiMn2O4 thin films requires to carefully
adjust the temperature substrate, the oxygen partial pressure, and the composition
of the target [94–96]. For instance, the oxidation state for Mn determined by RBS
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and XAS is 3.5 ± 0.1 for an oxygen pressure of 0.2 mbar on a Pt substrate heated at
500 ◦C [94], but the well-crystalline and stoichiometric form of the spinel oxide can
also be prepared using a target with Li in excess, LiMn2O4 + 15% Li2O, on a silicon
substrate heated as low as 300 ◦C in an oxygen pressure of 0.13 mbar [95]. In the
latter case, a 300-nm film exhibits only a capacity of 33 µA h cm−2 µm, which is
about half the maximum capacity expected for the extraction of one Li ion from the
spinel structure. This capacity slowly declines at very low current density to reach
30 µA h cm−2 µm after 35 cycles between 4.2 and 3 V.

Structure, morphology, and electrochemical properties are strongly dependent
on the temperature of the heated substrate during film growth [95–97]. It follows
that a moderate substrate temperature of 400 ◦C at 200 mTorr of oxygen leads
to a very dense film made of nanocrystals of about 100 nm with relatively rough
surfaces (Figures 10.17 and 10.18) and constitutes a good compromise between
the amorphous oxide and the highly crystallized compound with the best cycling
behavior (�) as shown in Figure 10.19 [96, 97]. Indeed, a nearly stable capacity of
60 µA h cm−2 µm−1 is observed at 20 µA cm−2 for a 360-nm-thick film deposited
on a stainless steel substrate and a capacity of nearly 45 µA h cm−2 µm−1 is still
available at 100 µA cm−2 over 200 cycles. An interesting point raised by results of
[98] is the possible use of such films at 55 ◦C in liquid electrolyte. Figure 10.20
shows an attractive capacity retention from cycle 1 to cycle 100 at 20 µA cm−2 and
from cycle 101 to cycle 500 with an average capacity loss rate of 0.07% per cycle.

Fig. 10.17 XRD patterns of the as-deposited LiMn2O4 thin
films on stainless steel substrates at different temperatures
and oxygen pressures; (a) 625 ◦C and 200 mTorr, (b) 600 ◦C
and 100 mTorr, (c) 400 ◦C and 200 mTorr, and (d) 200 ◦C
and 200 mTorr; ∗, substrate. From [96].
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Fig. 10.18 Surface topography of a PLD LiMn2O4 thin
film deposited on stainless substrate grown at 400 ◦C and
200 mTorr of oxygen. From [97].

No structural damage is found from XRD and Raman examination after 500 cycles
between 4.5 and 3 V. The nanocrystalline film is thought to inhibit the Jahn–Teller
effect and to limit the structural stress induced by the Li extraction/insertion
reaction, and is not very sensitive to overdischarge cycles. The crucial aspect of the
interface between the liquid electrolyte and the film oxide has been investigated by
AC impedance spectroscopy [99, 100]. The charge-transfer resistance first decreases
with increasing voltage before reaching a minimum value near 4 V, then increases
up to a potential of 4.2 V; however, the meaning of such Rct variation versus the
potential has not been established [99]. Another impedance analysis as a function of
time, state of charge, and cycling history suggests the disproportionation reaction
of part of LiMn2O4 into Li2Mn2O4 at the surface and a lithium deficient oxide Li1−δ

Mn2O4 in the rest of the film that explains the degradation of LiMn2O4 electrodes
[100].
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Fig. 10.19 Evolution of the discharge capacity versus cycle
number of PLD LiMn2O4 thin films, 360 nm thick, as a
function of the substrate temperature and oxygen pressure;
j = 20 µA cm−2. From [96].

Fig. 10.20 Charge/discharge curves of LiMn2O4 thin films
during cycling experiments at 55 ◦C between 4.5 and 3 V;
j = 20 µA cm−2 for cycles 1–100 and 100 µA cm−2 for cy-
cles 101, 300, and 500. From [98].
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Only one paper indicates that LiPON electrolyte can be successfully used with a
PLD LiMn2O4 thin film, only 60 nm thick in an all solid-state battery [101]. A stable
capacity of 2.5 µA h cm−2 (41 µA h cm−2 µm−1) is achieved over 500 cycles at 1 µA
cm−2 in the 4.25–3.25 V potential range.

An LIB prepared only by PLD has been fabricated using an LiMn2O4 thin
film with a postannealing treatment (600 ◦C), an amorphous LVSO electrolyte
(Li2.2V0.54Si0.46O3.2), and an amorphous SnO anode respectively 0.1, 1, and 0.15 µm
thick [102]. The rechargeability of the battery was shown only for three cycles with
a low capacity of about 1.5 µA h cm−2 (15 µA h cm−2 µm−1) obtained between 3
and 1 V at a current density of 4.4 µA cm−2.

10.4.3
ESD LiMn2O4 Films

It is clear that ESD did not induce electrochemical performance as high as that
exhibited by PLD or sputtered films but this technique strongly contributes toward
obtaining well-characterized films used for fundamental studies in terms of kinetics
and mechanism.

In spite of a great effort to develop the ESD synthesis of LiMn2O4 films, only a few
works deal with the cycling properties of such films and, once again, no structured
discussion or comparison of experimental data with the data from other techniques
can be found. Moreover, the number of papers devoted to the preparation of
LiMn2O4 thin films is significantly higher than that observed for other 4- and
3-V metal oxide films. The electrochemical quartz crystal microbalance (EQCM)
has been successfully applied to demonstrate [103–105] (i) the reversibility of the
lithium insertion/extraction reaction in LiMn2O4 films, 200 nm thick, deposited on
Pt or Au; (ii) the formation of a passivating layer during charge/discharge; and (iii)
manganese dissolution during storage at 50 ◦C in liquid electrolyte. By combining
the results of the EQCM technique and the in situ bending beam method (BBM) to
measure the strain of the oxide, it has been possible to show that after removing
of the initial surface film, the formation of a new surface film takes place in the
potential range 4.03–4.1 V and during cycling [105].

Well-crystallized dense films can be obtained when deposition takes place on
substrate heated at 400 ◦C or by using a heating treatment in the range 300–800 ◦C
when the substrate temperature is as low as 300 ◦C. The main kinetic parameters of
the Li-insertion reaction into ESD LiMn2O4 thin films have been widely investigated
at room temperature and at 55 ◦C using EIS and cyclic voltammetry [106–111].
The exchange current intensity does not significantly change with the Li content
and the chemical diffusion coefficient for lithium decreases when charging up to
a minimum value for x ≈ 0.5 before increasing up to the end of the charge. The
variation of DLi versus Li content, in particular, the higher value found for Li-rich
compositions, is not explained or discussed in terms of structural response. The
ESD technique allows to prepare crystalline LiMn2O4 films with a thickness in
the range 0.1–1 µm with a rapid growing rate of 2 µm h−1. Figure 10.21 displays
the cyclic voltammograms at 0.5 mV s−1 for various film thicknesses and a linear
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Fig. 10.21 Cyclic voltammograms at several thicknesses of
LiMn2O4 films cycled between 3.4 and 4.4 V at 0.5 mV s−1

in 1 M LiClO4/PC solution. From [110].

relation that almost passes through zero is observed for the 4-V anodic and cathodic
peaks with a 98% efficiency in terms of rechargeability for all thicknesses [110].

The suppression of structural fatigue in films, which consists in the onset of the
Jahn–Teller effect at the surface particles, can be performed by using substituted
spinel oxides LiMn2−yMyO4 where y = 0.05; 0.10 and M = Ni, Co [112]. Another
solution consists in the deposition of a thin layer of LiCoO2, a few tenths of
nanometers thick, on the film to preserve the surface of the spinel oxide from the
electrolyte and then to impede Mn dissolution during cycling at 50 ◦C, allowing a
capacity gain of about 40–50% [113].

10.4.4
LiMn2O4 Films Prepared Through Chemical Routes

The solution-based route is an alternative procedure fort the deposition of thin-film
LiMn2O4 cathodes owing to its simple, easy, and low-cost process. The solution
containing the Li and Mn precursors is spin coated on Pt substrate and several
layers are successively deposited and dried in the range 250–400 ◦C before a final
annealing treatment between 600 and 750 ◦C takes place. Well-crystallized lithium
manganese spinel oxide films are then obtained in the ranges 200–300 nm and
1–2 µm thick and a stable specific capacity corresponding to only ≈ 60% of that
expected for the extraction of 0.8 Li is obtained over 100 cycles between 4.3 and
2.8 V [114–117].

A significant improvement in terms of electrochemical efficiency has been
recently proposed by spin coating a chitosan- [118] or a polyvinylpyrolidone- (PVP-)
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[119] containing precursor solution on a Pt or Au substrate followed by a two-stage
heat treatment procedure. In both cases, attractive capacities close to the theoretical
one are achieved; in particular 50 µA h cm−2 µm−1 can be recovered after 200
cycles at 50 µA h cm−2 with a 1-µm-thick film [119]. This represents a significant
capacity loss of 16% after 200 cycles. Close values are obtained with very thin film of
Al-doped material [120]. From a mechanistic point of view, an in situ spectroscopic
ellipsometry study has revealed the SEI layer thickness increased in proportion to
a linear function of the number of cycles [121].

10.4.5
Substituted LiMn2−xMxO4 Spinel Films

As shown for bulk materials, one excellent method for improving the cycle
performance of LiMn2O4 is the substitution of other transition metals for Mn
at the expense of the initial capacity. In other respects, it allows to significantly
increase the working potential of the spinel material. Therefore, some attempts
to improve the capacity and the cycle life of films have been made with the
preparation of substituted spinel thin films with the composition LiMn1.90Ni0.10O4

and LiMn1.75Co0.25O4 using the PLD [122]. More interesting results can be achieved
with 0.3–0.5 µm thick PLD LiMn1.5Ni0.5O4 deposited on stainless steel substrate
heated at 600 ◦C [123, 124]. Nonstoichiometric LiMn1.5Ni0.5O4−δ exhibit a stepwise
voltage profile near 4.7 V and a small plateau in the 4-V region (Figure 10.22), and
then an attractive stable specific capacity of 55 µA h cm−2 µm available between
5 and 3 V. The good rate capability of these films is illustrated by Figure 10.23,
indicating a high kinetics for Li diffusion, which is comparable to that of layered
LiCoO2. Thinner films (0.2 µm) can be synthesized by the ESD technique on gold
substrate with a further annealing treatment at 700 ◦C [125]. In that case, a higher
utilization is found, but the capacity retention seems slightly lower than with PLD
films. A thin-film lithium-ion microbattery using a Ag thin-film anode coupled
with a Li1.2Mn1.5Ni0.5O4 thin film in liquid electrolyte has been reported to deliver
a stable capacity of ≈ 25 µA h cm−2 at 4.8 V over 2500 cycles [126].

10.4.6
Conclusion

LiMn2O4 thin films are characterized by relatively low practical capacity in the
order of 30 µA h cm−2 during cycling, whatever the deposition technique. This is
mainly due to the thickness of the deposited films, which rarely exceeds 0.3 µm.
ESD and spin-coating methods have been used to investigate the electrochemical
Li-insertion mechanism, but the cycling behavior of as-deposited films is rather
poor and calls for deeper investigation. The best cycling performances in liquid
electrolyte are provided with RF-sputtered and PLD films, 200–360 nm thick, with
60 µA h cm−2 µm−1 stable over 1000 cycles and 100 cycles for the RF-sputtered
and PLD films, respectively. Hence the practical capacity is found to be limited to
only 10–20 µA hcm−2. Most of the thin films prepared by RF sputtering or PLD
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Fig. 10.22 Cycling stability of a PLD LiMn1.5Ni0.5O4 between
3 and 5 V in 1 M LiPF6/EC/DEC electrolyte. From [124].

Fig. 10.23 Rate capability of a LiMn1.5Ni0.5O4 thin-film electrode. From [124].

techniques exhibit low electrochemical efficiency, the reason for which needs to be
investigated. Moreover, the poor cycling properties of films deposited by ESD and
solution techniques are not yet understood even if the theoretical value of capacity
is reached with these materials.

In terms of solid-state TFB, once again, very thin films (300 nm) have been
integrated into a device using LiPON as electrolyte with a capacity of 50 µA h
cm−2 µm−1 between 4.3 and 3.7 V and only 4% of capacity loss after 100 cycles
at a current density of 100 µA cm−2; such a cell can sustain high discharge rate
up to 800 µA cm−2 without significant capacity decrease. One of the key factors
that enhance the capacity of TFBs based on films is to make thicker films at least
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in the range 1–2 µm to compete with other thin-film electrode materials and to
deeper study the fundamental aspects of the Li-insertion reaction and the cathode
reactivity versus the electrolyte.

One attractive stimulating trend stems from the use of PLD LiMn1.5Ni0.5O4 films
characterized by a larger thickness (0.5 µm), a higher working voltage (4.5 V), and
a good rate capability allowing to get 92% of the maximum capacity at 3 C rate. A
stable capacity of 55 µA h cm−2 µm−1 over 100 cycles is thus obtained at 100 µA
cm−2 between 5 and 3 V in liquid electrolyte.

10.5
V2O5 Thin Films

Vanadium pentoxide is probably the most widely investigated cathode material
for TFB. Its layered and open structure (Figure 10.24) makes this oxide well
suited for electrochemical insertion reactions with Li ions owing to the equation:
V2O5 + xe + xLi+ ↔ LixV2O5 with 0 < x ≤ 3. Indeed vanadium pentoxide is at-
tractive because of its large specific capacity (theoretical value: 440 mA h g−1)
in the potential range 3.8–1.5 V and a postannealing treatment, which, when it
is required, takes place at moderate temperatures (<300 ◦C). For one lithium
ion reversibly inserted and extracted, the maximum specific capacity of a V2O5

thin film is in the range 49–37 µA h cm−2 µm−1 whether the film is very dense
or porous. Another reason is that this oxide can be prepared using various
chemical and physical synthesis routes including RF and DC sputtering, PLD,
thermal evaporation, CVD, atomic layer deposition, electrodeposition, thermal
oxidation, and the sol–gel method. Finally, both the amorphous and crystalline
phases are of interest with different potential ranges and specific electrochemical
properties.

Fig. 10.24 Crystal structure of orthorhombic V2O5 in the
ac plane. The stacking of V2O5 layers can be viewed in the
00 l direction; the Li diffusion takes place between the ox-
ide layers along the b-axis, perpendicular to the plane of the
sheet.
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10.5.1
Sputtered V2O5 Thin Films

Vacuum processes such as sputtering are known to allow low-temperature deposi-
tion of vanadium oxides, which is considered to be beneficial to on-chip application.
Sputtered V2O5 thin films are of great interest since the most attractive solid elec-
trolyte, LiPON is also deposited by RF sputtering for fabricating all solid-state
devices.

10.5.1.1 Liquid Electrolyte
In spite of scarce data, several works dealing with electrochemical properties
of crystallized V2O5 (c-V2O5) thin films prepared by RF or DC sputtering and
investigated in liquid electrolytes clearly demonstrate the practical interest of
crystalline films [127–135]. Some discrepancies in the results outline the need to
rigorously control the experimental deposition conditions owing to their influence
on morphology, structure, and electrochemical performances of c-V2O5 films.
Some data about the influence of the preferred orientation and morphology can be
found in [129, 132, 133, 135].

Here we describe our recent results, which illustrate the influence of the preferred
orientation for vanadium oxide films deposited on a nickel substrate by DC or RF
magnetron reactive sputtering using a vanadium metal target [132–134].

The experimental DC sputtering conditions for the deposition of four vanadium
oxide films are summarized in Table 10.1. The thickness of all samples was
800 nm except for sample A, 550 nm thick. The V2O5 mass was determined by
weighing experiments and by analysis for vanadium content (atomic absorption
spectrometry) after dissolution of the deposit in 2 M H2SO4. Figure 10.25 shows
the XRD diffraction patterns of vanadium oxide films as obtained. Depending on
the sample, seven diffraction lines corresponding to the orthorhombic V2O5 phase
(space group Pmmn) appear [JCPDS 41–1426], the 200, 001, 101, 110, 400, 002
and 600 diffraction peaks. In Table 10.2, the values of the lattice parameters of
the orthorhombic cell for the different samples are reported. These values are
consistent with that found for the bulk oxide. However, a comparison with the
bulk data shows that the films have an enlarged c parameter (interlayer separation)
of ≈4.42 Å which could indicate a mechanical stress built into the film during
its cooling to room temperature and/or a small deviation from the ideal V2O5

stoichiometry [136].

Table 10.1 Preparation conditions for DC sputtering of V2O5 thin films deposited on Ni foils.

Sample DC power (W) O2 flow rate (sccm) O2 partial pressure (Pa)

A 1000 40 0.16
B 1000 80 0.45
C 500 40 0.28
D 500 80 0.50
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Fig. 10.25 XRD patterns of 800-nmV2O5 thin films de-
posited on Ni foil by DC sputtering (DC power = 1000 W
for samples A, B and 500 W for samples C, D; ∗ (asterisk),
Ni substrate). From [133].

Table 10.2 Lattice parameters of the orthorhombic unit cell of
V2O5 thin films deposited as described in Table 10.1.

Sample a (Å) b (Å) c (Å) I(200)/I(001)

A 11.495 – 4.425 0.07
B 11.520 3.558 4.443 0.14
C 11.514 3.567 4.396 0.53
D 11.513 3.569 4.414 2.92
Polycrystalline
powder

11.516 3.565 4.372 0.33

Whatever the oxygen flow, the use of a DC power of 1000 W leads to the formation
of well-crystallized V2O5 films strongly oriented with the ab planes parallel to the
substrate (samples A and B). Conversely, in regard to samples C and D, the
unusually high intensity of the 200 and 400 lines compared with that of the 001,
as well as the presence of the 110 line, clearly indicate another kind of preferred
orientation of the deposited thin film. The ratio in intensities I(200)/I(001) for
samples C and D increases from 0.33 for the bulk material to 0.53 and 2.9,
respectively. In that case, the crystallites of V2O5 films preferentially grow with the
a direction and the ab planes perpendicular to the substrate.

The specific morphology of each thin film elaborated at a DC power of 1000
and 500 W and corresponding to the two different preferred orientation, (00 l) for
samples A, B and (h00) for C and D, is seen in Figure 10.26. At high power
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Fig. 10.26 SEM micrographs of 800 nm V2O5 thin films
(samples A, B, C, and D). From [133].

(samples A, B), the deposit consists in a stacking of more or less long platelets
200 nm × 50 nm all arranged parallel to the substrate; the surface is made of
platelets homogeneous in size. In that case, the deposit appears as relatively dense.

Samples C and D are viewed as platelets standing perpendicular to the surface
of the substrate and from which the thin cross section, in the order of 20 nm, can
be observed (Figure 10.26). This specific morphology is in good accord with XRD
data presented above (the (h00) orientation) and induces a high porosity. The films
preferentially have grown along the a direction, perpendicular to the substrate, and
the stacking of the ab planes is probably performed on a very short distance that
never exceeds 10–20 nm in the c direction.

The strong influence of the morphology and the preferred orientation is clearly
demonstrated when the chronopotentiometric behavior of the h00 and 00 l deposits
with the same thickness are compared at different current densities (Figure 10.27).
Taking the deposit mass available into account, the faradaic yield achieved at slow
rate corresponds to about 0.84–0.87 F mol−1. The capacity exhibited by the h00
deposit is not significantly sensitive to the current density and is larger than that
of the 00 l deposit when the C rate increases. Of practical interest is the capacity
of 24 µA h cm−2 still available at 20 µA cm−2 without any significant polarization.
Conversely, in the case of the 00 l deposit, both the working potential and the
specific capacity strongly depend on the C rate with a drastic decrease in the
capacity from 28 to 19 µA h cm−2 when the current density increases from 2 to 10
and 20 µA cm−2. The promoting role of the (h00) preferred orientation was also
pointed out by H. Miyazaki et al. [129] for 250-nm thin films.
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Fig. 10.27 Influence of the current density on the first
discharge/charge cycle of 800 nm V2O5 thin films char-
acterized by a (h00) and a (00 l) preferred orientation.
(3.8–2.8 V). From [133].

Another important point of the specific properties of the V2O5 thin films is their
structural response summarized in Figure 10.28. Indeed, while the electrochemical
Li-insertion reaction in a V2O5 bulk sample is known to induce successive phase
transitions corresponding to the α, ε, δ phases with the composition ranges 0 ≤
x ≤ 0.15, 0.3 ≤ x ≤ 0.7, 0.9 ≤ x ≤ 1 respectively, separated by two-phase regions
[137], the emergence of a new phase when the electrochemical lithiation proceeds
in the V2O5 thin film is not observed. Li insertion in (h00) oriented V2O5 thin
film induces a linear expansion of the interlayer spacing from 4.396 to 4.68 Å as x
increases from 0 to 0.95. At the same time, the a parameter decreases from 11.51
to 11.37 Å. Finally the δ phase characterized by a and c/2 parameters of 11.25 and
4.95 Å is not observed. All these results clearly show the structural response of
the (h00) thin film, a solid solution behavior, differs from that exhibited by bulk
materials. These results are consistent with scarce data reported on sputtered and
sol–gel thin films characterized by a (00 l) preferred orientation [136, 138–140].
This finding is consistent with results obtained from a Raman study recently
performed in our group (see the chapter 6 by R. Baddour-Hadjean et al.).

Raman microspectrometry has been used to investigate the local structural
changes induced by the electrochemical lithium-intercalation reaction in crystalline
sputtered V2O5 thin films in liquid electrolyte. The use of pure V2O5 thin film
without any conductive and binding agent allows a homogeneous Li insertion in
the material and a high quality of Raman signatures to be obtained. The Raman
spectra of LixV2O5 compounds for 0 < x < 1 are examined as a function of the
lithium content and discussed in relation with the XRD data pertinent to these
(h00)-oriented thin films and literature data. An assignment of all Raman bands is
proposed and the Raman fingerprint of the ε-type phase whose interlayer distance
continuously increases with x, is clearly evidenced all along the Li-insertion process:
lithium ions rapidly produce an orthorhombic ε phase characterized by a vanadyl
stretching mode at 984 cm−1 for 0 < x < 0.5 and further Li accommodation induces
a splitting into two stretching modes, the first one shifting from 984 to 975 cm−1,
the second from x = 0.7 being located at a fixed wavenumber of 957 cm−1. Both
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Fig. 10.28 Variation of the unit-cell parameters c and a of
(h00) oriented LixV2O5 thin film as x increases for 800- and
600-nm-thick films. From [133].

modes are consistent with the local structure of the ε lithium-rich phase called ε′

and reflect the existence of two different lithium sites. This work illustrates that the
structural changes, in terms of long- range order and local structure, are strongly
dependent on the microstructure and morphology of the material.

This structural response induces a high-rechargeable behavior for 800-nm-thick
deposits investigated in liquid electrolyte. Such deposits exhibit specific capacities
of 25 and 40 µA h cm−2 after 50 cycles at C/5 rate in the potential windows
3.8–2.8 and 3.8–2.15 V, respectively. One common method for optimizing the
capacity available with V2O5 films consists in the use of the largest depth of
discharge, allowing samples to reach a capacity between 2 and 3 Li per mole of
oxide, i.e., by cycling in the potential windows 4–3.8 to 2–1.5 V. Nevertheless,
this approach has never been successful [127, 128, 130, 141] and has resulted in a
strong capacity decrease, especially for thickness higher than 1 µm [127, 128]. For
instance, some authors report that for thick films (1.6 and 3.2 µm) the capacity
dramatically decreases by 60% after only 30 cycles in the potential range 3.8–1.5 V
at a moderate discharge/charge rate [128]. Furthermore, the sputtered films with
thickness of over 800 nm are easily taken off from the substrate after a few cycles,
which impedes the development of high-capacity thin-film electrodes. In short, no
satisfactory electrochemical behavior has been reported as yet for crystalline V2O5

thin film with thickness higher than 800 nm [127, 128].
The possibility of using high-capacity thin films has been detailed in [134]

for deposited films in the range 0.6–3.6 µm thick working in the 3.8–2.8 V
voltage range. Whatever the thickness, the efficiency of the charge process is
100% and the specific capacity obtained linearly increases with the thickness,
changing from 22 µA h cm−2 for 0.6 µm to 124 µA h cm−2 for 3.6 µm without any
polarization.

The influence of the thickness and the discharge/charge rate on the capacity
recovered is reported in Figure 10.29. The capacity value of ≈ 35 µA h cm−2 µm
obtained at C/15 rate is very close to the theoretical value expected for these oriented
and porous films. The specific capacities achieved are only slightly dependent on
the C rate. This indicates that the kinetics of lithium transport into these oriented
films is very high. At C/5 and C/15 rates, the maximum uptake of 0.94 Li+ per
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Fig. 10.29 Influence of the thickness and the
discharge/charge rate on the capacity recovered in the
voltage window 3.8–2.8 V. From [134].

Fig. 10.30 Comparison of the discharge/charge profile of
the sputtered V2O5 films in the extended potential range
3.8–2.15 V at C/2 rate. From [134].

mole of oxide is reached. The evolution of the specific capacity as a function of the
thickness for various discharge/charge rates can be represented by a straight line
and this linear relationship demonstrates that the high electrochemical efficiency
of the films is due to a good homogeneity and a high porosity, which ensures a
good contact between electrolyte and particles of active material. The same effect
is practically observed in the enlarged 3.8–2.15 V potential window in an attempt
to increase the specific capacity (Figure 10.30) since it regularly increases with the
thickness from 40 µA h cm−2 for 0.6 µm up to 237 µA h cm−2 for 3.6 µm at C/5 rate.

Cycling tests on the thickest film (3.6 µm) between cycling limits 3.8–2.8 V
at 100 µA cm−2 and between 3.8 and 2.15 V at 1 mA cm−2 have been reported
(Figure 10.31). After a slow capacity decline, a high and stable capacity of 100 µA
h cm−2 is achieved after 90 cycles at high voltage. The capacity of 150 µA h cm−2



292 10 Thin-Film Metal-Oxide Electrodes for Lithium Microbatteries

Fig. 10.31 Evolution of the specific capacity as a func-
tion of cycle number for a 3.6-µm-thick V2O5 film in two
voltage ranges; (o) 100 µAcm−2; 3.8–2.8 V (D) 1 mA cm−2;
3.8–2.15 V. From [134].

found to be stable from the 50th cycle in the extended voltage range illustrates
the performance of such a material at high current density (8 C), as expected from
the good rate capability demonstrated in Figure 10.28. These results overcome
those reported for thin or thick crystalline V2O5 films investigated in the same or
wider potential window in liquid electrolytes [128, 142] and indicate an excellent
adherence to the substrate. Between 3.8 and 2.15 V, at least half the capacity loss
can be explained by Li trapping in the material [131, 133].

Figure 10.32 reports two typical Nyquist plots for the 2.4-µm thick and the
thinnest film (0.6 µm) with the same composition Li0.4V2O5. Two major points
must be outlined: (i) the charge-transfer resistance decreases by approximately a

Fig. 10.32 AC impedance diagrams for LixV2O5 films 600 nm
(�) and 2.4 (�) µm thick; x = 0.40. (Our work.).
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factor two but the characteristic frequency does not greatly change. (ii) For each Li
content, the limiting frequency has practically the same value for the thin (0.6 µm)
and the thick (2.4 µm) film. Therefore, it can be thought that the diffusion pathway
does not correspond to the height of the platelets but to the length of the edges, i.e.,
as expected along the b direction (L ≈ 1 µm) (see Figure 10.26). Assuming the Li
diffusion takes place along the thickness would imply that for the same Li content
in the film, the limiting frequency (f ∗

L = DLi/L2) for the 0.6- and 2.4-µm thick
films should be different by a factor 16, whereas, in fact, practically the same value
is found for f ∗

L. The little change in the capacity and the polarization reported for
these films can be then understood to be due to a fast mass transport phenomenon
that always takes place along the b direction, i.e., along the direction parallel to the
edges of V2O5 platelets which practically have the same size whatever the thickness.
In that case, the time required for Li to homogeneously diffuse in the host material
is the same for the sputtered films investigated here in the range 0.6–3.6 µm thick.
This could explain the excellent rate capability and good cycling properties of these
(h00) and (110) oriented films. The activation energy for Li diffusion has been
calculated from the slope of the straight line – Ln DLi = f (1/T) and a value of
0.98 eV is found. This value is in good agreement with previous studies on the
diffusivity of lithium in V2O5 crystal using molecular dynamics simulation [143].
Indeed, the activation energy for the Li diffusion along the b-axis was found to be
equal to 0.87 against 2.47 eV along the c-axis.

Depending on the deposition parameters, a heat treatment can be required from
200 ◦C [130] to get crystalline V2O5 films. The effect of total gas and oxygen partial
pressure can allow to get amorphous or crystallized films from a V2O5 target under
various Ar–O2 atmospheres [144–146] without heat treatment. Amorphous films
exhibit a smooth surface and are quite dense in comparison with the crystalline
films. The typical chronopotentiometric behavior for amorphous films consists in
a featureless shape and the cycling limits are 3.8–1.5 V for a maximum uptake
of 2 Li per mole of oxide. A better stability of the capacity with cycles is reported
for amorphous films with about 200 mA h g−1 over 50 cycles (Figure 10.33).

Fig. 10.33 Evolution of the discharge capacity versus cycle
number between 3.7 and 1.5 V for sputtered crystallized and
amorphous thin films; j = 15 µA cm−2. From [145].
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XPS analyses of crystallized and amorphous V2O5 (a-V2O5) films indicate that an
interface is growing upon the discharge and partially dissolves during the charge,
the layer being composed by Li2CO3 and alkyl carbonate. Amorphous MoO3 –V2O5

and In2O3 –V2O5 composite films have been prepared by the cosputtering method
using two different corresponding targets [147, 148]. Some results are of interest
with MoO3 –V2O5 composite films, 200–250 nm thick [147]; for instance, a stable
capacity of 80 µA h cm−2 µm−1 is obtained after 70 cycles between 3.9 and 1.5 V at
20 µA cm−2.

10.5.1.2 Solid-State Electrolyte
Rechargeable thin-film microbatteries were first fabricated with sputtered V2O5

thin films 10 years ago [88, 149, 150]. As far as the c-V2O5 thin films are concerned,
evaluation of such cathodes has been directly performed in all solid-state devices
using LiPON as electrolyte at room temperature or PEO-based electrolytes at 100 ◦C
[88, 149–151]. In both cases, the results probably included transport problems
across the electrolyte–cathode interface. In the case of the c-V2O5 –LiPON system,
an excessive polarization was observed in comparison with that achieved with
amorphous V2O5 (a-V2O5). Therefore, most efforts were focused on a-V2O5 thin
films. In the case of the c-V2O5/PEO–LiCF3SO3 system at 100 ◦C, the discharge
capacity reported in the potential range 4–1.5 V strongly decreases by 50% and more
after 25 cycles at C/15 rate at a current density of 50 µA cm−2. The authors reported
crystallized solid films do not possess the necessary compliance to accommodate
changes in volume of the electrode material during deep cycling.

In the typical TFB constructed in Oak Ridge National Laboratory, LiPON is
used as solid electrolyte. The solid electrolyte LiPON corresponds to the chemical
compositions Li3.1PO3.8N0.16, Li3.3PO3.8N0.22, and Li2.9PO3.3N0.46 characterized by
a conductivity of about 2 × 10−6 S cm−1. The amorphous cathode material and
solid electrolyte are 1 µm thick and the thickness of the evaporated lithium anode
is about 5 µm. A discharge capacity of ca 30 µA h cm−2 is obtained between 3.75
and 2.75 V but it can be extended to 130–140 µA h cm−2 µm−1 when the potential
range is enlarged to 3.6–1.5 V [150]. Typical discharge curves for a 0.13-µm-thick
film are reported in Figure 10.34 as a function of current density. Long-term cycling
experiments with a thinner film, 0.13 µm thick × 1.21 cm2, give capacities that
strongly depend on the depth of discharge: 12 and 4 µA h cm−2 in the potential
windows 3.4–1.5 V and 3.1–2 V with a capacity loss decreasing from 0.15 to only
0.034% per cycle [88]. This continuous capacity loss was reported to be associated
with the entrapment of Li into the film oxide. More recently XRD and TEM
examinations have demonstrated that the gradual degradation of the capacity of
TFBs was induced by the occurrence of V2O5 crystallites embedded in the LiPON
and V2O5 materials [152].

The doping effect of a-V2O5 thin film by silver using the simultaneous cosputter-
ing of V2O5 and silver from a pure vanadium metal and pure silver metal targets
has been evaluated [153, 154]. The as-prepared films are amorphous and a gain in
the specific capacity by 30% per V2O5 is claimed for the compound containing 0.8
Ag per mole of oxide leading to 80 µA h cm−2 µm−1, i.e., about 13 µA h cm−2 for



10.5 V2O5 Thin Films 295

Fig. 10.34 Initial discharge/charge cycle and influence
of the current density on the discharge curves of a
Li/LiPON/a-V2O5 (0.13 µm thick). From [88].

Table 10.3 Electrochemical characteristics of some solid-state
Li/LiPON/a-V2O5 TFBs as a function of the V2O5 film
thickness.

Film thickness Potential Current density Capacity Ref.
(µm) range (V) (µA cm−2) (µA h cm−2)a

1 3.75–2.75 20 30(n20) [150]
1 3.60–1.50 15 130(n8) [150]
0.13 3.40–1.5 10 10(n100) [88]
0.13 3.1–2 10 3(n300) [88]
0.3 3.6–1.5 20 15(n450) [152]
0.27 3.6–2.7 20 3.5(n250) [155]
0.16 3.6–1.5 20 13(n200) [154]

an is the cycle number for which the capacity is given.

a 0.16-µm-thick film [154]. In fact, the active material is made of a mixture of AgO
and Ag2O embedded in the V2O5 framework. Table 10.3 summarizes the main
data related with the electrochemical performance of amorphous V2O5 thin films
used with LiPON as solid-state electrolyte.

Rocking chair TFBs have been proposed with the use of two amorphous V2O5

and LixV2O5 thin films used as cathode and anode materials, the anode being
electrochemically lithiated before operating the cell [156]. Such a cell with positive
and negative electrodes 0.3 µm thick exhibits a stable but limited capacity of
6 µA h cm−2 over a few hundreds of cycles between 3.5 and 1 V. Another kind
of lithium-free metal TFB has been successfully fabricated using a V2O5 film
0.3 µm thick as a negative electrode and a Li2−xMn2O4 film 0.8 µm thick as a
positive electrode [157]. Large-sized TFBs batteries 100 mm × 100 mm can be then
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Fig. 10.35 Cycling behavior of a c-V2O5 (1 µm)/LiPON
(1.4 µm)/Li (3.5 µm) TFB between 3.8 and 2.15 V at
100 µA cm−2. (Our work).

fabricated with a typical charge/discharge capacity of about 0.9 mA h with a good
rechargeability between 3.5 and 0.3 V.

Figure 10.35 illustrates the cycling performance of a V2O5 (1 µm)/LiPON
(1.4 µm)/Li (3.5 µm) battery at 100 µA cm−2 in the potential range 3.8–2.15 V,
with a crystalline V2O5 dense deposit obtained by RF magnetron sputtering using
a vanadium target. The stable specific capacity of 26 µA h cm−2 compares very well
with the results quoted for the best amorphous phases. In other respects, at a lower
current density of 10 µA cm−2, a large capacity of 50 µAh cm−2 can be obtained
upon cycling in a higher voltage range than the amorphous phase, which makes
c-V2O5 also attractive for TFBs.

10.5.2
PLD V2O5 Thin Films

Crystalline (h00) or (00 l) oriented V2O5 thin films can be prepared at temperature
as low as 200 ◦C in an oxygen environment when a V6O13 target [141, 158] or
a V2O5 target [159–161] is used while an amorphous phase is obtained at room
temperature. However the efficiency of the Li-insertion process in (h00) textured
films tested in liquid electrolyte in the range 0.15–0.8 µm thick does not seem
as high as in h00 sputtered films since the maximum capacity is between 50 and
80% of the theoretical value [141, 158] depending on the potential range. However,
amorphous films exhibit an attractive and stable capacity corresponding to 1.2 F
mol−1 when cycled between 4.1 and 1.5 V.

Surprisingly, no attempt to apply the PLD V2O5 films in a TFB has been
undertaken except with a thin composite AgV2O5 film cathode, 100 nm thick,
using LiPON electrolyte prepared by electron-beam reaction evaporation and
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evaporated Li as anode [162]. A low capacity of 40 µA h cm−2 µm−1, i.e., only 4 µA
h cm−2 µm−1 is recovered after 20 cycles at low current density.

10.5.3
CVD V2O5 Films

CVD has been rarely used to deposit V2O5 thin films [163–165]. Of interest is the
fabrication of LiV2O5 thin films with a high stable capacity of about 200 mA h
g−1 over a lot of cycles. V2O5 films are synthesized by CVD from pure or diluted
VO(OC3H7)3 precursors and in most cases a heat treatment of the deposits is
needed, for instance at 500 ◦C, to get well-crystallized oxides. Nevertheless, the
films suffer from a low electrochemical efficiency, of about 50% of the expected
value, in spite of a good reversibility in the 3.8–2.8 V range.

Atomic layer epitaxy which is a technique derived from CVD, consists in a
sequential introduction of the reaction precursors. This procedure allows to control
the growth on the substrate at the atomic layer level, hence leading to an excellent
coverage and uniformity of the deposit. As-grown films are amorphous. This
method has been applied to prepare c-V2O5 films 700 nm thick, obtained after
an appropriate heating at 400 ◦C in air and they can incorporate Li reversibly
(Figure 10.36) between 3.8 and 3 V [166, 167].

10.5.4
V2O5 Films Prepared by Evaporation Techniques

Of the evaporation techniques, thermal evaporation seems to be more appropriate
[168–172] than the electron-beam evaporation which has received little attention
[173]. As-deposited V2O5 films obtained by thermal evaporation of a pure oxide
powder are amorphous. A 200-nm-thick film deposited on ITO substrate is reported
to exhibit an important capacity fading when operating between 4 and 1.8 V in
conventional liquid electrolyte [168]. This strongly contrasts with the cycling stability
claimed in [145] for a sputtered amorphous film evaluated in liquid electrolyte. A
protective LiAlF4 layer of similar thickness also deposited by thermal evaporation
on the cathode material allows a considerable improvement of the cycle life. Indeed,
a high capacity of 60 µA h cm−2 µm−1 (i.e., 12 µA h cm−2) is reached over 800
cycles. A deep insight into the kinetics of Li insertion has been performed for
crystallized films, 1.6 and 3.6 µm thick, obtained after annealing at 400 ◦C in air
and the high reversibility of the reaction has been established [169, 170].

Two original examples of producing a TFB device with the idea of avoiding the
presence of the lithium metal anode for many reasons explained in the introduction
section are known. A rocking chair TFB device has been proposed with a V2O5

cathode (100 nm) on Au and an Li-rich V2O5 anode (8 Li/V2O5), 300 nm thick,
prepared by thermal evaporation of lithium onto V2O5 layers at room temperature
[171]. Only the LiPON solid electrolyte was deposited by RF magnetron sputtering
and a stable but low capacity of 3.33 µA h cm−2 is obtained between 3.5 and 1 V
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Fig. 10.36 Cyclic voltammetric curves of c-V2O5 films
700 nm thick deposited by atomic layer epitaxy and
heat-treated at 400 ◦C. From [166].

over a few thousands of cycles at 10 µA cm−2. A TFB with an initial configuration
stainless steel/LiPON, 1.5 µm/Li1.3V2O5, 500 nm/Cu avoids the presence of Li
anode since metallic Li is electroplated at the Cu current collector during the first
charge [172]; a stable capacity of 40 µA h cm−2 µm−1 is obtained between 3.8 and
1.8 V at 0.1 mA cm−2.

10.5.5
V2O5 Films Prepared by Electrostatic Spray Deposition

The ESD technique has been applied to synthesize V2O5 films evaluated as cathode
materials [174]. Such films are amorphous and require a heat treatment in the
range 200–275 ◦C to crystallize. Good cyclability and high capacity (270 mA h g−1)
are claimed at C/5 rate in liquid electrolyte but their discharge/charge profile does
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Fig. 10.37 Cyclic voltammetric curves of sol–gel V2O5

films obtained from the heat treatment of VXG at 400 ◦C
(10 µV s−1) from [139], 270 ◦C and 130 ◦C (at 1 mV s−1).
From [176].

not correspond to that expected for a c-V2O5. The thickness not being indicated,
any comparison with other films made by other techniques is difficult.

10.5.6
V2O5 Films Prepared via Solution Techniques

The sol–gel process allows to get films of the xerogel V2O5, 1.6 H2O (VXG) from the
dehydration of the corresponding gel at room temperature. The thermodynamic,
structural and kinetic study of the Li-insertion reaction in the VXG [175] and
heat-treated forms [176] has been reported, but the low electronic conductivity of
the former hinders the use of high current densities. This method, using aqueous
or organic medium, has been demonstrated to be suitable for producing thin
films of crystalline V2O5 with attractive properties. The crystallinity of the films
is dependent on the temperature of heat treatment applied to the VXG film as
illustrated by the cyclic voltammetric curves in Figure 10.37. Structural changes in
the LixV2O5 films have been characterized in detail by XRD and XPS studies [139,
140, 177].

Films of V1.8Mo0.2O5.1 xerogel were fabricated by spin coating or casting tech-
nique using a solution of molybdenum-doped polyvanadate [178]. This material
(0.4 µm thick) shows a capacity of 14 µA h cm−2 at the current density of
25 µA cm−2 between 3.5 and 2.2 V and cast films allow to prepare thick films
up to 18 µm for high specific capacities of about 480 µA h cm−2 stable over
30 cycles.

The oxidative way has been used to produce thin films of vanadium pentoxide
from a vanadium foil [179–182]. The electrochemical oxidation of vanadium metal
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performed in aqueous medium first at high constant current density and at
controlled potential in a second step leads to an amorphous compound and a
heat treatment at 400 ◦C is required to get c-V2O5 films, 100–200 nm thick [179].
Li-insertion kinetics in such films has been studied in detail. The chemical oxidation
of V at 500 ◦C at a high oxygen pressure results in the growth of vanadium oxide
(200 nm thick) with an outer layer made of c-V2O5, 100 nm thick, and the inner
oxide layer being constituted of VO2 and V6O13 [179–182]. An extensive XPS study
of the Li-insertion mechanism has been performed and the reasons for capacity
fading in long-term cycling experiments between 3.8 and 2.8 V are examined. Li
insertion is shown to be partially irreversible with an considerable amount of
vanadium ions remaining in the V4+ state after charging at 3.8 V [182] and which
increases with cycles. The formation of a SEI layer including lithium carbonate and
Li-alkoxides and/or Li-alkyl carbonates is pointed out. Hence cycling properties of
such films are affected by Li trapping in the film at the grain boundaries combined
with a loss of material by grain exfoliation.

10.5.7
Conclusion

From the wide range of techniques applied for V2O5 thin-film deposition, such
as ESD, PLD, solution techniques, thermal evaporation, etc, a number of relevant
results have been obtained by using DC or RF sputtering. All the works performed
with other techniques suffer from a thickness ≤0.5 µm, which greatly limits
the maximum capacity that is reached and this is associated with poor cycling
properties. Conversely, by controlling the deposition rate, RF and DC sputtering
allows deposition of (h00) or (110) oriented crystalline films in the range 0.6–3.6 µm
with a high electrochemical efficiency and rate capability that does not depend on
the thickness. Thus without any postannealing treatment, a stable capacity of
100 µA h cm−2 is achieved in the 3.8–2.8 V range at 100 µA cm−2 and 150 µA
h cm−2 are recovered at 1 mA cm−2 in the enlarged 3.8–2.15 V region. Kinetic
and structural data combining an XRD and Raman investigation of structural
changes induced by Li insertion show an electrochemical and structural response
that differs from that of bulk samples used in composite electrodes. This finding
can be explained by their specific microstructure. However, the capacity decrease
in the range 3.8–2.15 V has not been elucidated as yet even when some works
suggest the growth of an SEI layer as the main factor. The use of this large potential
window is a real challenge which opens, if met successfully, the possibility to get
higher capacity values. Some attempts must be also made to establish the interest
of the amorphous material versus the crystalline film owing to contradictory
published data. In addition to relatively old data reported in TFBs using LiPON
electrolyte, more recent work shows the possibility to get stable capacities, for
instance 26 µA h cm−2 with a c-V2O5 film, 1 µm thick, between 3.8–2.15 V at
100 µA cm−2.
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10.6
MoO3 Thin Films

MoO3 is an attractive candidate from several standpoints. Indeed, the MoO3

orthorhombic α phase exhibits a unique layered structure characterized by
weak van der Waals attraction between the layers. This oxide can reversibly
insert via a topotactic reaction up to 1.5 Li ions per mole of oxide corre-
sponding to a specific capacity of 280 mA h g−1 for a discharge cutoff volt-
age of 1.5 V. Assuming fully densified films, a theoretical specific capacity of
≈130 µA h cm−2 µm can be expected compared with 69 µA h cm−2 µm−1 for
LiCoO2 available at higher potential. However, in spite of these interesting prop-
erties, MoO3 thin films have been mainly investigated for their electrochromic
properties. The synthesis of MoO3 thin-film cathodes combined with an elec-
trochemical evaluation as cathode material in a liquid or solid electrolyte is
reported using PLD [183], sputtering [10, 184–187], and flash evaporation [12, 188,
189].

10.6.1
Liquid Electrolyte

PLD MoO3 films in the range 300–500 nm thick have been recently prepared on
silicon wafers heated between room temperature to 500 ◦C [183]. The crystalline
α phase is obtained from 200 ◦C. There is a great influence of the substrate
temperature (Ts) on the shape of the discharge/charge curves and the capacity;
for Ts = 400 ◦C, the first discharge/charge profile in liquid electrolyte is close that
of the bulk oxide and the specific capacity changes from 53 µA h cm−2 µm for
Ts = 200 ◦C to 90 µA h cm−2 µm−1 for Ts = 400 ◦C.

Interesting cycling data are available for sputtered thin films, 300 nm thick,
containing Pt nanoparticles [184]. In fact MoO3 –Pt composite films have been
deposited on Pt-coated Si substrate by RF cosputtering MoO3 and Pt targets
simultaneously. From the shape of their discharge curves, it can be thought that
amorphous phases are obtained. Such composite films show a high capacity of
100 µA h cm−2 µm after 30 cycles between 3.5 and 1.2 V at a current density
of 20 µA cm−2 and a more stable cycling behavior than the single MoO3 film
without Pt particles, for which a sharp capacity decline is observed, to reach 25 µA
h cm−2 µm after 30 cycles. This improvement of MoO3 electrochemistry can be
explained by the presence of Pt nanophases which might serve as spacers to reduce
volume change by alleviating the mechanical stress and could also decrease the
sheet resistance by a factor 10.

The feasibility of using flash-evaporated MoO3 films, 500–600 nm thick, on
heated substrate as Li-insertion material has been shown with, of course, an
influence of the growth temperature [188, 189]. At 250 ◦C, the synthesis of the
stable crystalline α phase is allowed, whereas a mixture of both molybdenum
oxides MoO3 and MoO2 is obtained at 120 ◦C and an amorphous compound at
lower temperature. A surprising flat discharge curve is reported at 3 V for the
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crystalline form obtained at 250 ◦C which contrasts with most of the data available
on bulk and film electrodes; a maximum Li uptake of 1.5 Li per mole of oxide is
obtained. However, no useful related cycling data are available for flash-evaporated
films.

10.6.2
Solid State Electrolyte

In the case of MoO3, three different solid electrolytes have been used to fabricate a
microbattery: Li2O/V2O5/SiO2, LiPON and Li1.4B2.5S0.1O4.9.

In the case of all solid-state batteries, the most promising results have been
obtained with Li2O/V2O5/SiO2 as solid electrolyte [10, 185, 186]. The electrical
conductivity of the film electrolyte was high and equal to 10−4 S m−1. The
sputtered cathode, 1 µm thick, is reported to be a reduced form of the oxide,
MoO3−x = MoO2.75, deposited in an Ar atmosphere on a heated substrate of
stainless steel. Cycling between 3 and 1 V led to a stable capacity of 60 µA h
cm−2 µm−1 over 250 cycles but the as-prepared cells suffer from a high rate of
self-discharge [10, 185]. A significant gain of capacity is possible by using thicker
RF-sputtered MoO3 films [186]. A 4.66-µm-thick film of molybdenum oxide,
probably MoO2.875, exhibits S-shaped discharge curves upon cycling between 3.5
and 1.5 V with an average working voltage of 2.3 V. The capacity rapidly decreases
during the first 10 cycles to about 80% of the initial capacity, then reaching 300 µA
h cm−2. Thereafter, the capacity fading is slow and 260 µA h cm−2 (i.e., 56 µA
h cm−2 µm−1) are achieved after 40 cycles at 10 µA cm−2 (Figure 10.38). Such
capacity values are the highest among those reported for TFBs.

For some specific applications like batteries on low earth orbiting (LEO) space-
craft, a possible critical limitation of TFBs could be their sensitivity to long-term
elevated temperature cycling (around 120 ◦C). Therefore, sputtered MoO3, 0.3 µm

Fig. 10.38 Discharge and charge curves of a
Li/Li2O/V2O5/SiO2/MoO3−x TFB at the 20th cycle. From
[186].
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thick, have been examined in all solid-state batteries using an LiPON electrolyte
(Li3.3PO3.8N0.22) in the potential range 5–1 V at 150 ◦C at a current density of
0.7 mA cm−2 [187]. The MoO3 films, heat-treated in air at 280 ◦C reveal a mixture
of the α and β phases. The practical discharge capacity of 140 µA h cm−2 µm−1

for thousands of cycles is reported to be twice that of LiCoO2 cells. However, it
is worth noting that the films examined were relatively thin and that the results
described above have to be extended to thickness in the range 1–2 µm in order to
significantly exceed 40 µA h cm−2.

A thin-film microbattery has been constructed with a glassy Li1.4B2.5S0.1O4.9

electrolyte film and a flash-evaporated MoO3 cathode film, which, in fact, is a
mixture of MoO3 and MoO2 [12]. A discharge capacity of 75 µA h cm−2 µm−1 is
given at a 1-V cutoff voltage for the positive electrode, but no data are given on the
reliability and the cycling performance of the cell.

10.6.3
Conclusion

In spite of a limited number of reports, MoO3 raises some interest as thin-film
cathode owing to a good compromise between the working voltage around 2.5 V
and a high capacity, practically twice that of LiCoO2. Best results, obtained with
sputtered films in liquid electrolyte, indicate a stable capacity as high as 33 µA h
cm−2 (100 µA h cm−2 µm for a 0.3-µm-thick film) over 30 cycles with composite
Pt–MoO3 films. With a Li2O/V2O5/SiO2 solid electrolyte, a capacity of 60 µA h
cm−2 is demonstrated to be stable over 250 cycles, while the capacity can be
improved by using thicker films up to 4.66 µm with 260 µA h cm−2 after 40 cycles.
These high capacities prompt us to intensively investigate the deposition and the
electrochemical properties of high-performance MoO3 thin films in liquid and
solid electrolytes.

10.7
General Conclusions

In this chapter, we have tried to illustrate the recent achievements with materials
with corresponding electrochemical properties for thin-film metal oxides that are
usable as electrode materials in TFBs. Several trends of research can be drawn
from this analysis. Before implementation of an electrode thin-film material in
a TFB, a systematic approach of its electrochemical behavior in liquid electrolyte
is required. Whatever the deposition method used, most of the studies deal with
the effect of experimental conditions on the structure, morphology, chemistry,
and electrochemistry of the deposited film. The sputtering technique and PLD
are the most widely applied methods to get thin-film metal oxides with optimized
properties, the sputtering method being by far the most appropriate and consistent
for fabricating TFBs with the sputtered LiPON solid electrolyte.
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The well-defined composition, structure, microstructure, and dimensions of
the deposited layers without any binding or electronic additive make the thin
films suitable for fundamental electrochemical and structural studies of the
lithium-intercalation process. This approach to investigate the intrinsic proper-
ties of thin-film materials constitutes a very exciting field of research with possible
applications for TFBs and also for the understanding of conventional composite
electrodes of secondary Li batteries and LIBs. For instance, the demonstration of the
influence of the preferred orientation on the electrochemical behavior of LiCoO2

and V2O5 thin films has been allowed by the thin-film configuration. A key factor
for highly reversible Li-insertion reaction into the host lattice of the metal oxide is
contained in the nature and the magnitude of its structural response. The thin-film
geometry using pure active material promotes high-quality structural investigations
using ex situ and in situ approaches. Of course, the electrode–electrolyte interface
plays a major role in the behavior of the film in terms of discharge capacity,
chemical stability, and cycle life. It appears clear that the reactivity of thin-film
cathode in usual liquid electrolytes is higher than with a solid electrolyte like the
LiPON electrolyte, thus implying a lower cycle life for the film oxide tested in liquid
electrolyte. This specific reactivity of 4- and 3-V materials originates a significant
capacity loss with the possible occurrence of dissolution phenomenon and/or the
growth of an SEI layer. Another challenge consists in the deposition of films thick
enough to be characterized by a homogeneous electrochemical efficiency to benefit
from a significant enhancement of the capacity combined with a satisfactory rate
capability.

The best results are obtained with LiCoO2 films for which the theoretical capacity
(0.5 Li) of 69 µA h cm−2 µm−1 can be reached for relatively thick films of a few
µm, its cycling behavior being stable in solid-state electrolyte. However, the use of
well-crystallized thin film with a high-temperature treatment after deposition can
induce severe interfacial reaction between a cathode, a current collector film, and
an Si substrate. Therefore, new processes (RTA, bias, optimization of the power,
lower annealing temperature etc.) have still to be developed and improved to solve
this problem. The stability of the cycling behavior in liquid electrolyte must be
addressed. The other 4-V cathode materials like LiNiO2 and its derivative com-
pounds LiNi1−xMO2, LiMn2O4, and its substituted forms, offer good opportunities
for improving the discharge capacity, but basic data on their electrochemical and
structural properties are still lacking. In addition, a considerable increase of film
thickness, at present limited to about 0.3–0.5 µm at the best, is needed. The PLD
technique has proved to be particularly attractive for obtaining LiNi1−xMO2 with
capacity in the range 60–90 µA h cm−2 µm−1 in liquid electrolyte. In the case of
LiMn2O4, the spin-coating and other solution techniques compete with sputtered
and PLD-prepared films, leading to interesting capacities in the range 50 µA h
cm−2 µm−1, but the demonstration of a stability guaranteed over a large number
of cycles in liquid electrolyte has not been performed.

Low crystallization temperature, as low as 300 ◦C, makes the V2O5 film oxides
very attractive since they are prepared without any postannealing treatment via
sputtering and PLD techniques, the sputtering method giving the best results. The
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sputtered V2O5 film oxides have been clearly shown to offer large capacities (100 µA
h cm−2 for a 3.6-µm-thick film, i.e., 30 µA h cm−2 µm−1), good adherence to the
substrate, high rate capability, and good cycle life at high potential (3.8–2.8 V) in
liquid electrolyte and larger capacities up to 150 µA h cm−2 in the extended range
3.8–2.15 V. Their cycling stability in this potential range needs to be improved
and greater effort in the understanding of the Li-insertion process is needed for
obtaining enlarged voltage cycling limits. Even when amorphous compounds are
reported to be more suited to ensure a stable cycling behavior in both types of
electrolytes, crystallized V2O5 thin films are thought to be considered with interest
even in all solid-state TFBs. Amorphous and crystalline V2O5 films with thickness
>1 µm are still under investigation for application in all solid-state TFBs. Advances
in discharge capacity can be also expected if other cathode materials like MoO3 are
considered.

Owing to the solder reflow assembly in which the IC is heated to 250–260 ◦C for
a short time causing all of the components to be soldered at once, some attempts
must be made to replace the evaporated Li negative electrode by stable intercalation
compounds. Hence low-voltage materials such as Li4Ti5O12 [60, 67], TiO2 [190,
191], LiNiVO4 [192], or SnO2 [62] can be considered with interest that opens new
attractive targets for solid-state chemists searching for better thin-film positive and
negative electrodes for TFBs.
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11
Research and Development Work on Advanced Lithium-Ion
Batteries for High-Performance Environmental Vehicles

Hideaki Horie

11.1
Introduction

The possibility of applying lithium-ion batteries to environmental vehicles, espe-
cially electric vehicles (EVs) and hybrid electric vehicles (HEVs), has been actively
and continuously studied since the early 1990s from the standpoint of fully uti-
lizing the high-performance potential of these batteries. This chapter discusses
the characteristics required of a power source for such environmental vehicles
and considers the configuration of an environmental vehicle system based on the
distinctive features of lithium-ion batteries.

11.2
Energy Needed to Power an EV

EVs have been expected to be a very effective means of preserving the environment,
but several serious issues have prevented their widespread use. The first major
issue is the high cost of the vehicle itself, and a second major issue is the short
driving range of EVs on a single battery charge. Various other problems have also
been pointed out. Vehicle performance and interior space are insufficient. Batteries
lack sufficient reliability, and the battery service life is sometimes shorter than
expected. The charging operation is troublesome and time consuming. Moreover,
the number of EV charging stations is severely limited.

The amount of energy obtainable by burning gasoline is approximately 450 ×
105 J kg−1. By comparison, the energy density of a typical lead-acid battery is
approximately 1.26 × 105 J kg−1. There is roughly a 50-fold difference, even though
the average energy conversion efficiency of an internal combustion engine is only
14%. Accordingly, an EV must be fitted with a large number of batteries to travel
a long distance. This results in a vicious circle, however, in that more batteries not
only increase the vehicle weight, which degrades power performance, but they also
reduce the available interior space and increase the battery cost.

Lithium Ion Rechargeable Batteries. Edited by Kazunori Ozawa
Copyright  2009 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim
ISBN: 978-3-527-31983-1
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With regard to vehicle propulsion, the resistance component can be ex-
pressed as

Fresist = µr · g · M + 1

2
ρ · CD · A · V2 + g · M · sin θ

where M is the vehicle weight in kilograms and V is the vehicle velocity. For
example, if we consider the equation in terms of the basic units of meters,
kilograms, and seconds, a figure of 17.7 m s−1 would be substituted for V at
a driving speed of 60 km h−1. The first term on the right-hand side of the
equation is the rolling friction resistance of the vehicle, including the tires. The
friction coefficient µ typically has a value of around 0.025. The gravitational
constant g has a value of 9.8 m s−2. Assuming a vehicle weight of 1500 kg, the
calculation becomes 0.025 × 9.8 × 1500 = 367.5 N (or 0.025 × 1500 = 37.5 kg f).
The second term is the air resistance, which is proportional to the projection
area (A expressed in meters squared) of a plane perpendicular to the vehicle’s
longitudinal direction and it is also proportional to the square of the vehicle
velocity. Air density ρ has a value of 1.2 kg m−3 and the drag coefficient (CD) of
an ordinary vehicle is around 0.35. For example, assuming a vehicle projection
area of 2 m2 and the same vehicle velocity of 16.7 m s−1, the calculation becomes
0.5 × 1.2 × 0.35 × 2× (16.7 × 16.7) = 117 N (or if converted to the unit of kg f,
117 N/9.8 = 11.9 kg f).

The third term represents the hill-climbing resistance relative to the vehicle
weight when the vehicle is traveling up an incline having a gradient of θ . While the
first and second terms are energy dissipation terms, the third term is conserved
as positional energy. Adding up these terms yields the vehicle’s total resistance
Fresist expressed in newtons. Letting Fpowertrain denote the energy input by the
vehicle’s power source, the balance obtained by subtracting the total resistance
Fresist from Fpowertrain can be regarded as the actual power expended to accelerate
the vehicle. The vehicle is accelerated if the value is positive and decelerated if it is
negative.

dV

dt
= Faccel

M
= Fpowertrain − Fresist

M

= Fpowertrain − (µr · g · M + 1
2 ρ · CD · A · V2 + g · M · sin θ )

M

We let L denote the distance the vehicle has moved in the direction of force F
by the energy (in joules) input from the power source. From their product, we can
express the power output as the energy per unit time as follows:

P =
∫

Fpowertrain · dL =
∫

Fpowertrain ·
(

dL

dt

)
dt

=
∫

Fpowertrain · Vdt = Fpowertrain · V

∴ P = V ·
(
µr · g · M + 1

2
ρ · CD · A · V2 + g · M · sin θ + M · dV

dt

)
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If the acceleration pattern V(t) is set, vehicle acceleration can also be found.
Substituting that value into the equation above yields the necessary power output.
In terms of the example above we obtain the following:
1. Power output consumed in overcoming rolling friction:.

367.5 N × 16.7 m s−1 = 6137 W = 6.1 kW

2. Power output consumed in overcoming air resistance:.

117 N × 16.7 m s−1 = 1954 W = 1.9 kW

At a steady driving speed of 60 km h−1, power output of approximately 8 kW
is needed to propel the vehicle. In other words, the amount of energy consumed
in one hour of driving is 8 kW h (= 8000 × 3600J = 28.8 MJ). Since the distance
traveled in that time is 60 km, the energy loss by the vehicle in traveling a unit
distance of 1 km can be calculated as

8000 W h/60 = 133 W h km−1

From the energy that can be extracted from the battery, it is necessary to consider
the energy losses that occur in the power transmission system, the motor controller
system, and in battery charging/discharging operations. Considered from the
standpoint of power output, rolling friction resistance is proportional to the vehicle
velocity V and air resistance is proportional to V3. Accordingly, rolling friction
resistance is the main power-consuming factor at low speeds, and the share of
power consumption accounted for by air resistance increases at high speeds. By
performing the calculations noted above, the number of batteries that must be
fitted on a vehicle can be determined from the single-charge driving range required
of the vehicle.

11.3
Quest for a High-Power Characteristic in Lithium-Ion Batteries

HEVs specifically require batteries with a high power output characteristic. If the
output characteristic of the battery could be further improved, the number of
batteries required could be reduced by a corresponding extent and a substantial
cost reduction could be expected as a result. In the past, the power density of a
battery was around 0.2 k W kg−1 at the most. Taking an HEV fitted with a 30-kW
motor as an example, a battery weight of approximately 150 kg would be needed
to provide the power for propelling the vehicle. In terms of the actual vehicle
design, the battery pack alone would account for as much as or more weight and
volume than a conventional internal combustion engine. For this reason, there was
a long period of time when batteries were not considered to be practical for vehicle
propulsion systems. However, if power density could be markedly improved to
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provide higher performance as a result of improvements made to new types of
batteries, the number of batteries needed could be reduced, providing a way to
reduce the weight and size of the battery pack.

Before discussing the improvement of power density, let us briefly consider
the relationship between the internal resistance of a cell and (i) maximum power
output, (ii) energy efficiency in charging/discharging operations, and (iii) reduction
of cell heat generation. The reason behind this is that the absolute value of battery
output in an environmental vehicle is exceptionally large, so if the energy efficiency
of the battery is low, the vehicle’s energy efficiency will decline sharply. Moreover,
as is described later, the large size of the battery means that heat generation
becomes a much more critical issue than in the case of small batteries, making it
necessary to suppress the amount of heat generated by the battery itself.

Figure 11.1 illustrates cell voltage behavior during charging and discharging.
Cell voltage falls during discharging and rises during charging in proportion to the
cell’s open-circuit voltage. The difference relative to the open-circuit voltage during
charging/discharging is thought to be due to the internal resistance intrinsic to the
cell. In other words, the voltage difference �V is determined by the current (I)×
internal resistance (R) in accordance with Ohm’s law.
1. Maximum power output: The maximum dischargeable current value is

determined such that the cell voltage during discharging does not fall below the
lower limit voltage set for each type of cell. Assuming that overvoltage
accompanying cell reactions can be ignored, the maximum current IMAX is

Fig. 11.1 Cell voltage profile and internal resistance in charging/discharging operations.
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determined by Ohm’s law as follows:

IMAX = [{
cell open-circuit voltage

} − {
lower limit voltage

}]
/R

Hence, the maximum power output of a cell can be calculated as IMAX ×
lower limit voltage. Increasing the maximum power output requires a
reduction of internal resistance R.

2. Cell charging/discharging efficiency: The electrical energy transferred during
charging/discharging can be calculated as �Q × V , where �Q is the
transferred charge and V is the terminal voltage at that time. Accordingly, the
electrical energy expended externally during charging is the area between the
charge curve and the horizontal axis (Q axis) in Figure 11.1. Similarly, during
discharging, it is the area between the discharge curve and the horizontal axis.
Charging/discharging efficiency is simply the ratio of this area during
discharging to the area during charging. Therefore, minimizing the difference
in these areas along the horizontal and vertical axes is effective in improving
charging/discharging efficiency. In other words, it is necessary (i) to reduce
internal resistance and (ii) to bring Coulomb efficiency (the ratio of the
discharge to the charge) close to 100%.

3. Charging/discharging operations cause the cell temperature to rise. It is
essential to suppress this heat generation because high temperatures above
50 ◦C generally induce cell degradation. Since cell reactions are reversible
processes, they are not considered here. (The heat generated and heat absorbed
accompanying cell reactions in one charging/discharging cycle balance out to
be zero, and the values themselves are not particularly large.) It is assumed that
the entire portion lost from 100% charging/discharging efficiency becomes
heat in the end and is represented in Figure 11.1 as the difference in area
between the charge-curve area and the discharge-curve area. Stated the other
way around, internal resistance must be reduced to suppress battery heat
generation.

To sum up the foregoing discussion, reducing internal resistance is necessary to
improve battery power output, to increase charging/discharging efficiency, and to
suppress heat generation; and there is a one-to-one correspondence between them.
In short, reducing internal resistance is equivalent to improving cell performance
characteristics.

Let us briefly consider the internal resistance of a cell. The resistance component
is related to ion conductivity, electron conductivity, and energy exchanges in cell
reactions, among other things. For example, electron conductivity is related to the
materials and geometrical structures of the metal parts such as the collectors and
terminals, the network between active-material particles, and electron conductivity
within the crystals of the active materials. With regard to ion conductivity, the flow
of ions can be given by the following diffusion equation:

∂c

∂t
= D

(
∂2

∂x2
+ ∂2

∂y2
+ ∂2

∂z2

)
c
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Because lithium-ion batteries use an organic solvent having low ion conductivity,
it was previously believed for a long time even among learned societies and the
battery industry worldwide that these batteries were intrinsically incapable of high
power output. However, the author was very dubious of that view, because if it
were true, then the lithium-ion diffusion process would be considered the principal
rate-determining factor. Accordingly, it should be possible to improve power density
substantially by taking the opposite approach of promoting lithium-ion diffusion.

This line of thinking provided the motivation for initiating a theoretical study
around 1993 with the aim of reducing internal resistance. To pursue all sorts of
conceivable possibilities, Mathematica was used to make several-dozen simulation
programs that were run on a personal computer in a process of trail and error. In
this way, success was achieved in identifying the factors that seemed to contribute
the most to performance. As a result, it became clear that lithium-ion transport
was the key factor, as had originally been suspected.

The ion current, representing the total quantity of lithium ions transported, can
be expressed by the following equation:

I =
∫

jdS =
∫

D
∂c

∂x
dS

Calculations are performed at three locations for the separate media that the
lithium ions pass through:
1. ion conduction in the separator electrolyte;
2. ion conduction in the electrolyte between the active materials; and
3. ion conduction within the solid particles of the active materials.

The simultaneous equations for these locations can be solved by determining a
specific diffusion coefficient and diffusion equation for each one and by assuming
an equation for continuity at the boundary layers.

The results of this study revealed that much greater power output could be
obtained by adjusting lithium-ion transport in the electrolyte and in the active
materials. A lithium-ion cell operates on the basic principle of intercalation in the
crystalline structure of the positive and negative electrodes. Therefore, the changes
in volume and strain that occur in the cell materials accompanying charging and
discharging can be substantially suppressed to allow the use of an exceptionally
thin electrode structure. Using a broader electrode surface area and a narrower
gap between the electrodes can be expected to promote much greater lithium-ion
diffusion.

Figure 11.2 shows an example of the simulation results. The vertical axis indicates
the power density ratio, letting the power density of conventional lithium-ion
batteries equal one. In this simulation, the material properties and geometrical
structures were arranged such that the ion current in each cross section would
basically have the same value and the rate-determining parts restricting lithium-ion
transport would be eliminated. Specifically, the quantity of lithium ions transported
though the electrolyte and the quantity transported through the active materials
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Fig. 11.2 Potential of lithium-ion cells for higher power
output. (Source: Horie, H. (1998) Development of a PHEV
Source System using High-power Lithium-ion Batteries.
Preprints of the Autumn Scientific Lecture Series of JSAE,
No. 80, pp. 5–8 (Oct. 1998) (in Japanese)).

were adjusted by reducing the size of the active-material particles and expanding
the total solid-surface area. The simulation results made it clear that power density
could be significantly improved by optimizing the parameters in this way.

Naturally, there are many factors that hamper the attainment of higher power
output. If the things that were learnt through much repeated trial and error in
the mid-1990s were to be summarized, it would be that an especially crucial point
is to adjust lithium-ion diffusion between the electrolyte and the active materials
(Figure 11.3). Essentially, there is an enormous difference in diffusion constants
between the active materials and the electrolyte. In spite of that huge difference,
the lithium-ion flux can be brought to the same or nearly the same order in the end
by optimizing the electrode thickness and the particle size of the active materials.
Since ion movement is governed by the diffusion equations, the large difference in
diffusion constants can be compensated for by the effect of squaring the inherent
dimensions.

In line with the foregoing concept, we pushed ahead with our research and
constructed a cell simulation program for examining cell performance more
quantitatively. The basic concept of this cell performance simulation program is
outlined in Figure 11.4. This simulation program consists of two main elements:
1. lithium-ion transport equations: diffusion equations; and
2. electron transport equations: electric field and electron conduction equations.

Let us take a brief look at some of the calculation results obtained with this simula-
tion program. In Figure 11.5, the vertical axis shows the obtainable capacity (percent)
in a continuous discharge for three different positive electrode thicknesses. The
experimental data (indicated by the triangles, squares, and diamonds) and the
simulation results (shown by the curves) coincide closely.
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Fig. 11.3 Attainment of higher power output by adjusting
lithium-ion diffusion constants. (Source: Horie, H. (2006)
Development of High Power Lithium-ion Batteries. The 23rd
Battery Seminar, Fort Lauderdale, FL, p. 3).

Figure 11.6 shows the obtainable capacity (percent) in large-current discharges
as a function of the thickness of the composite positive electrode. These results
also indicate that the simulation program can calculate cell discharge behavior with
remarkably high accuracy.

An attempt was also made to simulate voltage drop behavior at various current
values for different electrode thicknesses, and the results are shown in Figure 11.7.
As the data presented here indicate, this simulation program can accurately predict
cell performance.

To validate the concept explained here, a prototype cell of an ordinary size was
fabricated and evaluated. Figure 11.8 shows the data that were made public in
2004 for this ultrahigh-power prototype cell. When fully charged, the cell displayed
specific power of more than 10 k W kg−1, thus breaking the 10 k W kg−1 barrier
for the first time anywhere in the world.

Figure 11.9 shows the specific power displayed by the prototype cell in laboratory
evaluations. The results unmistakably indicate that a significant improvement in
power output was achieved with this cell. Although it was previously believed
that lithium-ion batteries were intrinsically incapable of producing high power, we
were the first to discover that lithium-ion batteries have the potential to provide
exceptionally high power output. In validation tests conducted on actual cells
during the last 10 years, we have continued to break our own world record for the
highest power output of lithium-ion cells and have created and led this research
field almost independently.
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Fig. 11.4 Configuration of cell performance simulation
program. (Source: Abe, T. et al. (2001) Simulation of a
High-Power Lithium-ion Battery. ECS 2001 Joint International
Meeting, San Francisco, California).

Using the cell performance simulation program, predictions were made of the
lithium-ion cell performance needed to satisfy the performance requirements of
EVs, plug-in HEVs, and HEVs. As the results in Figure 11.10 indicate, lithium-ion
cells can be optimized over a wide performance range to provide the energy density
and power density required by each type of vehicle.
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Fig. 11.5 Obtainable capacity in large-current discharges.

Fig. 11.6 Obtainable discharge capacity as a function of positive electrode thickness.

11.4
Cell Thermal Behavior and Cell System Stability

In this section, we will calculate the heat generation behavior of a lithium-ion cell
for environmental vehicle use. Heat generation by the cell can be divided between
joule heat and the heat of reaction produced by the cell reactions.

ω = ⌊
wjoule + wreact

⌋
T=const

=
∫

Rdirect · I2dt +
∫

TdS
∣∣∣
T=const

=
∫

Rdirect · I2dt −
∫

T
dV

dT
dq

In the quasi-static limit, thermal values are identical during charging and
discharging but have opposite signs. In principle, heat generation and absorption
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Fig. 11.7 Voltage drop characteristics for different discharge
current values. (Source: Shimamura, O., Abe, T., Watanabe,
K., Ohsawa, Y., and Horie, H. (2006) Research and Develop-
ment Work on Lithium-ion Batteries for Environmental Vehicles.
Electric Vehicle Symposium 22, Yokohama, p. 10).

Fig. 11.8 Large-current discharge characteristics. (Source:
Horie, H., Shimamura, O., Saito, T., Abe, T., Ohsawa,
Y., Kawai, M., and Sugawara, H. (2004) Development of
Ultra-high Power Lithium-ion Batteries. 12th International
Meeting on Lithium Batteries, Nara, Japan, June 27-July 2,
2004).

cancel each other out in one charging/discharging cycle, as was mentioned earlier.
Joule heat is determined by internal resistance and the current in relation to the
demanded output. The reaction volume per unit of time can be derived from the
current value, making it possible to determine the quantity of heat generated. In
the case of an EV or HEV, the level of power demanded is high, the cell size is large,
and the materials making up the cell have a small heat transfer coefficient. For
these reasons, the cell temperature is apt to rise owing to heat that stays inside the
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Fig. 11.9 Improvement of power output of lithium-ion
cells. (Source: Horie, H., Shimamura, O., Saito, T., Abe, T.,
Ohsawa, Y., Kawai, M., and Sugawara, H. (2004) Develop-
ment of Ultra-high Power Lithium-ion Batteries. 12th Inter-
national Meeting on Lithium Batteries, Nara, Japan, June
27-July 2, 2004).

Fig. 11.10 Cell performance simulation results. (Source:
Shimamura, O., Abe, T., Watanabe, K., Ohsawa, Y., and
Horie, H. (2006) Research and Development Work on
Lithium-ion Batteries for Environmental Vehicles. Electric
Vehicle Symposium 22, Yokohama, p. 10).

cell. Since cell degradation generally occurs under exposure to high temperatures,
steps must be taken to keep the cell temperature at a low level.

Figure 11.11 shows the maximum temperature inside a cell in relation to the
cell thickness. Doubling the cell thickness results in a fourfold, not a twofold,
increase in the maximum temperature inside the cell. This indicates that even a
slight increase in cell thickness can cause the maximum temperature inside the
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Fig. 11.11 Cell thickness versus maximum temperature inside cell.

cell to rise considerably. This temperature rise is a potential problem that must be
addressed in developing batteries for environmental vehicles.

Finally, let us consider the stability of a cell system in terms of thermal perfor-
mance. This issue is explained here using a simple toy model that has been devised
by the author. In the case of cells with an aqueous solvent electrolyte, electrolysis of
water also accompanies charging/discharging reactions (Figure 11.12). A small cell
has only one equilibrium solution for heat generation and heat radiation from the
cell surface, so it is possible to tell if the system has thermal stability. However, as
seen in the graph in Figure 11.12(a), medium-size to large cells have three points
where there is an equilibrium solution for heat generation and heat radiation
from the cell surface. Among them, the middle intersection point is an unstable
one. This means that if the cell temperature rises, it may jump suddenly to the
equilibrium solution in the high-temperature region. Cell systems with an aqueous
solvent electrolyte thus have thermally stable and unstable internal states. The
author was the first researcher to discover the relationship between the branching
of the equation solution and this jumping behavior of the equilibrium temperature.

In contrast, lithium-ion cells do not have such thermal instability because the
organic solvent does not undergo electrolysis, and only the cell reactions consume
electrical charge. This is true even for medium-size to large cells for plug-in HEVs
and also for EV cells. The thermal stability of lithium-ion cells gives them a superior
advantage for constructing battery systems. Therefore, in terms of thermal stability
as well, lithium-ion cells can be used to build optimal battery systems for HEVs,
plug-in HEVs, and EVs.
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Fig. 11.12 Thermal instability of medium-size to large cell
systems with an aqueous solvent electrolyte.
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v
vanadium pentoxide
– as cathode-active material 127
– crystal structure of 127f, 285
– Raman spectrum of 130
– Raman-active modes of 128f
– sputtered crystalline film 137f, 286
vanadium pentoxide thin film
– composite films 294
– crystal structure of 286
– CVD film 297
– doped with silver 294f
– effect of crystal orientation on TFB

characteristics 288f
– ESD film 298
– influence of film thickness on the

electrochemical behaviour of 290f
– morphology of 288
– PLD film 296f
– prepared by evaporation techniques

297
– spin-coated film 299
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vanadium pentoxide thin film (contd.)
– sputtered films 286
– synthesis of 285
12-V battery 31f
vinylene carbonate (VC) 164, 192f
2-vinylpyridine 189f
Volta cell 11
voltamperometric curve 111

w
wettability 173
wetting agent 180

Williams-Landel-Ferry (WLF) equation 224f
working electrode for thermodynamic studies

73
Wulff’s theorem 24f

x
X-ray absorption near edge spectroscopy

(XANES) 41f
X-ray diffraction (XRD) 84

z
zero-strain insertion mechanism 28f
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