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Euromat is the biennal meeting of the Federation of European Materials Societies (FEMS) con-
stituted by its 24 member societies in Europe. The 2003 meeting took place in Lausanne, 
Switzerland, and was organised by the French, the German and the Swiss member societies:

Société Française de Métallurgie et de Matériaux (SF2M)
Dezutsche Gesellschaft für Materialkunde (DGM)
Schweizerischer Verband für Materialtechnik (SVMT)

The scientific programme of the EUROMAT 2003 congress was divided into 16 topics that in 
turn were substructured into 47 symposia. There will be no publication of a complete set of pro-
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symposia

Fabrication, Control and Properties of Nano-Architectured Materials (E1)

and

Nanostructured Materials (E4)



III

Nano-Architectured and 
Nanostructured Materials

Fabrication, Control and Properties

Edited by
Y. Champion and H.-J. Fecht

Deutsche Gesellschaft 
für Materialkunde e.V.



IV

Editors:
Dr. Yannik Champion
Centre d’Etudes de Chimie Métallurgique (CECM)
UPR 2801-CNRS
15, rue Georges Urbain
F-94407 Vittry-sur-Seine
France

This book was carefully produced. Nevertheless, editor, authors, and publisher do not warrant the information 
contained therein to be free of errors. Readers are advised to keep in mind that statements, data, illustrations, 
procedural details or otheritems may inadvertently be inaccurate. 

Library of Congress Card No.: applied for

British Library Cataloguing-in-Publication Data:
A catalogue record for this book is aailable from the British Library

Bibliografic information published by Die Deutsche Bibliothek
Die Deutsche Bibliothek lists this publication in the Deutsche Nationalbibliografie; 
detailed bibliografic data is available in the Internet at <http://dnb.ddb.de>.

ISBN 3-527-31008-8

© 2004 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim 

Printed on acid-free paper

All rights reserved (including those of translation in other languages). No part of this book may be reproduced in 
any form – by photoprinting, microfilm, or any other means – nor transmitted or translated into machine language 
without written permission from the publishers. Registered names, trademarks, etc. used in this book, even when 
not specifically marked as such, are not to be considered unprotected by law.

Composition: W.G.V. Verlagsdienstleistungen GmbH, Weinheim
Printing: betz-druck GmbH, Darmstadt
Bookbinding: J. Schäffer GmbH, Grünstadt

Printed in the Federal Republic of Germany

Prof. Dr. Hans-Jörg Fecht
Werkstoffe der Elektrotechnik
Universität Ulm
Albert-Einstein-Allee 47
D-89081 Ulm
Germany



V

Preface

Nanotechnology is the creation and utilisation of materials, devices and systems through the 
control of matter on the nanometer-length scale. This is of great interest for science and engi-
neering since fundamental physical properties change dramatically when the characteristic 
length scale of a particular property coincides with the structural length scale of the nanostruc-
ture of a material. This fundamental behaviour can generally be found for objects with different 
dimensionalities: 0-D (nanosized clusters), 1-D (nanowires), 2-D (thin-film-multilayers) and 3-
D (bulk nanostructures) when the length scale of a microstructure is on the order of a few na-
nometers.

In all these cases, interfaces and surfaces which separate the different particles, layers and 
crystalline or non-crystalline domains from each other play the crucial role in controlling the 
properties and stability of nanostructures. Two effects are critical here:

• The atomic structure of the interface separating two domains and increasing the disorder in a 
nanostructure and

• Finite size effects of the domains themselves.

These two structural aspects are in general inherently coupled with each other. Thus, it is 
necessary to develop a fundamental understanding of the correlation between a property and the 
characteristic length scale of a nanostructure in order to improve a particular property and de-
velop specific applications, such as for example, sensors, actuators, safety systems etc.. Though 
extremely promising, the use of nano(structured) materials is still marginal because the fabrica-
tion of devices remains a challenge. 

The table below summarises a few examples regarding the particular property of interest (in 
alphabetical order), the relevant physical phenomena and possible technological applications.

Size effects in interface controlled nano-architectured and nanostructured materials

To attain these special properties, a complex architecture of the materials is generally neces-
sary, obtained through unusual synthesis techniques and specific processing. Complexity stems 
from the nanometric size and the related surface and grain boundary energies, producing phe-
nomena such as reaction, grain growth, interdiffusion, sintering, coalescence, agglomeration 
and that the process has to deal with.

This book contains 19 papers, selected from two symposia devoted to the science and engi-
neering of nanomaterials and presented at the Euromat 2003 conference held in Lausanne 
(1-3 September).

Properties Size dependent phenomena
in a nanostructure

Applications

Atomic transport Interface-to-volume ratio Sensors, batteries
Electronic Screening length of an electron Nanoelectronics
Magnetic Exchange coupling distance Magnetic storage
Mechanical Strain field of a dislocation High-strength materials
Optical Electronic band gap Lasers / Scintillators
Thermodynamic Surface-to-volume ratio Hydrogen storage
Tribological Radius of curvature of the tip Microsurgical knifes
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The symposium « Nanostructured Materials » (organised by Hans-Jörg Fecht, Universität 
Ulm and Forschungszentrum Karlsruhe / Institute of Nanotechnology, Germany) was focused 
on materials and devices with a characteristic length scale (for example grain or cluster size, 
thickness of multilayer structures, quantum dots or wires) of less than 100 nanometers. The 
symposium aimed at reviewing the progress in the field of nanostructured materials and materi-
als for nanotechnologies in terms of their synthesis and processing, as well as their structural, 
electronic, optical, mechanical, chemical and biological properties and, thus will further pro-
mote contact between basic research efforts and technological needs.

More specifically, objectives of the symposium « Fabrication, Control and Properties of 
Nano-Architectured Materials » (organised by Yannick Champion, CNRS, Vitry-sur Seine, 
France) were to identify new nanometric architectures that would be of particular interest for 
applications and the technological route to reach them. Nano-architectures of interest are for op-
tical, electrical, magnetic, mechanical properties and reactivity as well as for specific applica-
tions such as catalysis and medical diagnostic and drug delivery. Nano-architectures are metals, 
alloys, ceramics, semi-conductors, polymers or hybrids inorganic-polymers materials. The sym-
posium placed special emphasis on crucial technical aspects of the fabrication, the control and 
the characterisation of complex nano-architectures. One session was devoted to the synthesis 
and properties of carbon nanotubes and Yannick Champion gratefully acknowledges Philippe 
Poulin, from the Centre de Recherche Paul Pascal (CNRS-Bordeaux) for organising this part of 
the symposium.

Fields and communities concerned by symposia were: - Synthesis and processing for the fab-
rication of complex architectures - Properties controlled by the architectures - Characterisation 
and instruments - Simulation and Modelling. Related aspects were: - exploitation of the new 
properties of nanomaterials - versatility and ease of adaptation - nanostructure control for opti-
misation of properties - stability, manufacturing, ageing. 

Articles in this book cover main topics discussed during the symposia and bring a good in-
sight of our commitment which is to always produce more outstanding, well controlled and 
more realistic nano-architectured and nanostructures materials.

The editors wish to thank the authors for their contributions and the publishers for their help 
in organising the book.

Yannick Champion, Hans-Jörg Fecht

September, 2004
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Multiwall Carbon Nanotubes Produced by Underwater Electric 
Arc

Zsolt E. Horváth, Lajos Szalmás, Antal A. Koós, Krisztián Kertész, György Radnóczi, László P. 
Biró
Research Institute for Technical Physics and Materials Science, Hungarian Academy of Sciences, Budapest
Zsolt Kerner
KFKI Atomic Energy Research Institute, Hungarian Academy of Sciences, Budapest
Dóra Méhn, János B.Nagy
Laboratoire de RMN, Facultés Universitaires Notre-Dame de la Paix, Namur

1 Introduction

The submerged arc discharge in liquid media seems to be a cost effective and possibly upscala-
ble method for growth of high quality multiwall carbon nanotubes (MWCNTs) and other nan-
omaterials. Using liquid nitrogen [1], water [2–8] or aqueous salt solution [2,5] instead of the 
traditional low pressure neutral gas atmosphere as reaction medium no sealed vacuum chamber 
is needed, the removal of the product and the replacement of the consumed electrodes is much 
easier.

In a previous paper [6] we reported an implementation of a continuous MWCNT production 
method based on underwater AC electric arc. The benefit of AC method compared to DC arc is 
that there is no deposition on the cathode, the product can be removed from the reaction con-
tainer by the streaming water if suitable filtration is applied. Computer controlled stepper mo-
tors regulated the distance of the electrodes in order to maintain the arc, the voltage between the 
electrodes was used as feedback signal.

The problem of elimination of the impurities and side products occurs in case of most nano-
tube production methods. The suitable purification procedures usually depend on the method of 
nanotube production. High yield, low cost production methods of carbon nanotube raw material 
have only limited industrial significance if the selectivity can not be achieved or a cheap purifi-
cation method is not available.

In this contribution we report some further observations on the properties of the underwater 
AC arc as nanotube synthesis method and the produced carbon nanostructures. Our efforts in 
purification of the raw material led to conclusions on the limitations of the conventional meth-
ods and the possible directions of further optimization of the process.

2 Experimental

An AC electric arc was generated between two identical electrodes submerged in deionised wa-
ter in a glass vessel. In one case the electrodes were high purity graphite, in other case high pu-
rity carbon rods with 6 mm diameter. Two different geometries were compared, one is 
described in [6], in the other case the electrodes were in one line aligned horizontally. The tem-
perature of the water in the vessel was monitored far from the arc. The arc was stable in the di-
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scharge current range of 40–80 A with discharge voltage between 20–24 V. The stability was 
achieved after an initial period lasting 10–20 minutes depending on the supplied power if we 
started with room temperature water. Pre-heating the water up to 80 °C the period of initial in-
stability was shortened down to a few minutes. It was possible to keep the apparatus running for 
1–2 hours continuously. The current fluctuation was not more than 10 %. 

The product was filtered and dried at 100 °C for an hour. The weight of the dried product and 
the remained pieces of the electrodes was measured. 

Three different chemical purification procedures were tried and we made some preliminary 
experiments for separation of the MWCNTs by sedimentation. Before these treatments, the 
product powder was carefully ground in agate mortar. The first method of purification was oxi-
dation in flowing air at different temperatures. In the second case, 500 mg powder was dis-
persed in 100 ml of 1 M H2SO4. Then 1.75g KMnO4 was gradually added to the mixture. The 
solution was boiled for 5 hours then filtered. During the reaction MnO2 condensed, which was 
eliminated by dissolution in hydrochloric acid. Finally the sample was washed with distilled 
water, filtered and dried. Another way to purify the crude sample was the following: 150 mg 
powder was dispersed in mixed solution of 60 ml H2SO4 (98 %) and 40 ml of HNO3 (70 %). 
The solution was ultrasonicated then heated and kept at 150 °C and refluxed for 2 and 4 hours in 
two different experiments, respectively. Then the solution was filtered, the sample was washed 
with distilled water and dried. For the sedimentation experiments, 20 mg of crude product was 
added to 50 ml distilled water in a cylindrical glass flask. The flask was sonicated in an ultra-
sound bath with 70 W power for an hour then left to sediment for 1, 2 and 4 hours in three dif-
ferent experiments, respectively. The upper 2/3 of the suspension was carefully removed by 
pipette and examined separately.

Crude samples produced with different arc parameters, chemically purified samples and a 
control sample of the applied graphite electrode were analyzed with a differential thermo-
gravimeter (Luxx NETZSCH STA 409 PC). The measurements were carried out at temperature 
rate of 2.5 °C/min from 20 °C to 1000 °C in 40 ml/min air and 20 ml/min He mixture flow.

The as prepared, purified and separated samples as well as the material of the graphite and 
carbon electrodes after grinding were characterized by Transmission Electron Microscopy 
(TEM) using a Philips CM 20 (Twin) microscope operating at 200 kV. For TEM investigations 
the powders were suspended in ethanol by ultrasonication and drop-dried on holey carbon film 
coated copper grids.

3 Results and Discussion

The TEM study showed no obvious difference in the composition of the material floating on the 
water surface, suspended in the water and the sediment product. The MWCNTs occur always 
agglomerated with carbon nano-onions, the so-called bucky onions. These agglomerations of 
MWCNTs and bucky onions (AMBs) ranging from a few hundred nanometers to several 
microns are bonded together chemically, presumably due to the presence of extra atomic oxy-
gen and hydrogen in the arc plasma [7] as compared to the conventional arc growth technique. 
It is highly probable that the formation of agglomerated MWCNTs and nano-onions took place 
in the same time close to each other. The MWCNTs are well graphitized, closed at the ends with 
typical outer diameter of 10–35 nm and length of a few microns, however, the outer 1–2 walls 
are often damaged and they are partly covered with thin disordered material. This can also be 
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the consequence of the reactive formation ambient. Most of the bucky onions are nearly spheri-
cal with more or less polyhedral character; their typical dimensions are in the 20–50 nm range. 
Some nanoparticles are elongated, showing transitional shape towards MWCNTs. A TEM 
image of a part of a typical AMB is presented in Figure 1.

In case of the graphite rods as starting material the samples consist also of graphite flakes 
with a wide range of dimensions: from a few ten nanometers to several ten microns. There are 
some clusters of amorphous carbon (soot) present in the samples but their amount is relatively 
small. While the proportion of MWCNTs and bucky onions in AMBs was found to be nearly 
constant (50–50 vol%) by TEM observations in all cases, the graphite flake content of the sam-
ples depends on the production conditions. Figure 2 shows a TEM image of an area where 
graphite flakes are dominant. Beyond the dependence on the arc current [6], we found that the 
instability of the arc leads to increased graphite flake amount. When the growth process was in-
terrupted in the initial, unstable period, the rate of graphite was found as high as 80–90 % in the 
sample. This fact had raised the idea that graphite flakes were simply crumbled from the elec-
trodes. Comparing the TEM images of the starting graphite electrode material to the underwater 

Figure 1: TEM image of an agglomeration of MWCNTs and bucky onions from a sample grown using 40 A arc 
current
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arc product samples the graphite flakes seem to be very similar, they are not distinguishable. 
Using carbon electrodes instead of graphite ones, no such graphite particles occur in the prod-
uct. However, smaller and larger pieces of the carbon electrode material consisting of disor-
dered carbon forms as well as polyhedral graphitic carbon nanoparticles (see Figure 3) appear in 
significant amount depending on the process parameters. All these lead to the conclusion that a 
part of the product can be identified as the fragments of the starting material. Nano-onions sim-
ilar to the ones presented in figure 3 were reported in the literature as results of arc growth proc-
ess. To decide the origin of these objects in a safe way, the starting material has to be 
satisfactorily characterized.

Practically no selectivity of the oxidation in flowing air was found. At lower temperatures, 
no difference was observed in the rate of the different constituents compared to the initial one. 
At higher temperatures, when the mass loss was above 50 %, the powder was enriched in graph-
ite grains, the amount and average size of the AMBs gradually decreased. In the last experiment 
when 1 % of the starting material remained, only graphite flakes were found in the sample. Sim-
ilarly, no selectivity was found in case of the H2SO4/KMnO4 and the H2SO4/HNO3 treatment 
except that the amorphous carbon was eliminated completely. The very similar chemical char-
acter of the graphite, the arc grown MWCNTs and the bucky onions makes these oxidative 
processes not suitable for proper purification of the corresponding samples. The longer survival 
time of the graphite can be the consequence of the different grain sizes and the bigger surface 
area of the AMBs and due to the fact that graphite is the most stable form of carbon under ambi-

Figure 2: TEM image of an underwater arc grown sample with 60 A arc current made of graphite electrodes. 
AMBs (agglomerations of MWNTs and bucky onions) are denoted by arrows. The other, bigger objects are gra-
phite flakes. The graphite electrodes contain similar flakes.
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ent conditions. The oxidation of the largest graphite pieces several ten microns in diameter takes 
longer time as compared with the MWCNTs.

Some selected results of the Differential Thermo-gravimetry measurements are presented in 
Figure 4. Spectra of the applied graphite electrode, an as prepared sample (arc current: 40 A), 
the same sample after H2SO4 / HNO3 treatment for 2 hours and, as comparison, a catalytic, puri-
fied MCWNT sample (see details of production in [9]) are shown. It is obvious that the oxida-
tion properties of the as prepared sample and the graphite electrode are very similar. Their 
oxidation takes place between 600 and 830 °C. The acidic treatment makes no significant 
changes; the slight shift of the peak to lower temperatures can be the consequence of some sur-
face effects and/or the decrease of the particle size. The similarity of the chemical character of 
the as prepared sample and the graphite electrode can be related to the different behavior of the 
catalytically grown nanotube sample, the oxidation of which completely finishes below 600 °C.

Sedimentation experiments showed the possibility of separating the particles of the sample 
by their size. Most of the biggest graphite flakes situated in the lower part of the suspension 
even after the shortest 1 hour time of sedimentation. However, most of the big AMBs, contain-
ing considerable part of the produced MWCNTs were also in this fraction. Effective decrease of 
the graphite content of the sample by sedimentation can be achieved only if the big AMBs can 
be broken up to much smaller pieces. A suitable way of this can be the chemical elimination of 
the functional groups responsible for the binding of the agglomerates and/or a more powerful 
ultrasonication.

Figure 3: TEM image of the material of the carbon rod used as electrode in the underwater arc nanotube growth 
experiment. The samples made of this starting material contain similar forms of carbon including polyhedral car-
bon nano-onions.
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4 Conclusion

The underwater AC arc discharge was demonstrated to be a cost effective and possibly up-
scalable method for growth of high quality multiwall carbon nanotubes. However, side products 
and impurities like polyhedral carbon nano-onions, amorphous carbon and the material of the 
starting electrodes occur always in the samples. Nano-onions grow together with the MWCNTs, 
but the material crumbled from the electrodes can contain other nano-objects. This makes the 
proper characterization of the starting material necessary for the correct understanding of the 
processes.

Oxidative methods of the crude nanotube material purification are unsuccessful because of 
the very similar chemical behavior of the MWCNTs and the impurities, sedimentation fails be-
cause most of the MWCNTs are in big and strongly bonded agglomerates. The combination of 
chemical and physical treatments can be the way of producing high purity MWCNT material.

5 Acknowledgement

This work was supported by Hungarian OTKA grant T043685. Krisztián Kertész acknowledges 
the financial support provided through the European Community's Human Potential Programme 
under contract HPRN-CT-2002-00209, (Fullmat).

Figure 4: Differential Thermogravimetry curves of the applied graphite electrode, the as prepared sample (arc 
current: 40 A), the same sample after H2SO4 / HNO3 treatment for 2 hours and, as comparison, a catalytic, purified 
MCWNT sample
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Synthesis of Polyaniline Nanotubes in the Channels of Anodic 
Alumina Membrane

S. M. Yang, K. H. Chen and Y. F. Yang 
Department of Chemical and Materials Engineering, National Central University, Chung-Li, Taiwan

1 Introduction    

Recently, there is a considerable interest in nanoscale materials, since they are expected to pos-
sess unique properties. These properties lead to wide range application to variety of areas inclu-
ding chemistry, physics, electronics, optics, material science and biomedical sciences. 
Nanotubes and nanowires of conducting polymer are interesting due to the potential application 
for nano-electronic device and biosensers [1]. Conducting polymer nanotubes synthesized by 
template method and template free methods were reported in the literature [2–14]. Martin et al. 
[2–6] have synthesized polypyrole, polythiophene and polyaniline by using commercial particle 
track-etched (PTM) polycarbonate membranes and anodic alumina membranes as templates. 
They reported that oxidative polymerization of aniline in the pore of PC particle track-etched 
membrane by sodium vanadate form more uniform tubes than using ammonia persulfate as the 
oxidant [6]. By controlling the polymerization time they can obtain hollow polypyrrole tubules 
or solid fibrils, but only hollow polyaniline tubules can be obtained even at long polymerization 
time. Previous results show enhancements in conductivity were obtained for polypyrrole, po-
ly(3-methylthiophene), polyacetylene and polyaniline synthesized in PC membrance. Polarized 
infrared absorption spectroscopy results show that the polymer deposited directly on the pore 
wall is highly ordered relative to subsequently deposited polymer [15]. Demoustier-Champagne 
et al. reported the chemical and electrochemical synthesis of polyaniline nano-tubules in partic-
le tract-etched PC membrance [10]. The conductivity increases sharply when the diameter of the 
nano-tubules decreases below 100 nm. Most of the previous works are reported on the synthesis 
of conducting polymer in the channels of PC membranes. No comparison between the nano-tu-
bules formed in different templates. In this study, we report the synthesis of polyaniline nano-
tubules in anodic alumina membrane and particle track-etched PC membrane by chemical and 
electrochemical method. We also study the degree of delocalization of polarons in nano-tubules 
of different sizes by electron paramagnetic resonance spectroscopy (EPR).

2 Experimental

2.1 Synthesis of Anodic Alumina Membrane

Synthesis procedure is similar to Masuda’s two-step anodizing process. Aluminum foil 
(99.99 %~99.999 %) was annealed at 500 °C for 4 hours and was then rinsed with acetone or 
methanol to clean the surface. In the first step, the aluminum foil was anodizing at 40V at 17 °C 
for 5 hours in a solution containing 0.3 M oxalic acid. The product was immersed in 6 % phos-
phoric acid at 50 °C for 2 hours to remove the alumina layer. In the second step, the aluminum 
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foil was then anodizing at 60 V at 17 °C for 5 hours. Saturated mercury (II) chloride solution 
was used to remove the barrier layer and alumina membrane was immersed in 6 % phosphoric 
acid at 30 °C for 1.5 hours for pore widening. Alumina membrane of 60 nm pores can be obtai-
ned by the above condition. Alumina membrane of 200 nm was purchased from Whatman un-
der the trade name AnodiscTM 13 which is 13 mm diameter and 60 ìm thickness with 200 nm 
pore diameter.

Polycarbonate membranes of pore diameter 200 nm, 100 nm and 50 nm were obtained from 
Whatman.

2.2 Synthesis of Polyaniline in the Templates

Polyaniline synthesized by chemical method was obtained by immersing the membrane in 100 
mL 1M HCl containing 0.03 mol aniline ( purified by distillation over Zn powder). After stir-
ring for 20 min., 0.01 mol ammonia peroxydisulfate (APS) was added and stirred for 3 hours. 
Remove the membrane and rinse the membrane several times with distilled water. Anodic alu-
mina membrane was removed by dissolving in  6M NaOH. Polycarbonate membrane was remo-
ved by dissolving in dichlomethane. The product was dried at 60 °C under vacuum.

Electrochemical synthesis was performed by attaching the membrane to a Pt electrode with a 
little bit of Ag paste, another Pt electrode was used as the counter electrode and Ag/AgCl was 
used as the reference electrode. The electrolysis solution contains 0.3 M annilinium ions in 1 M 
HCl. A voltage of 0.7 V was applied. After the electrochemical synthesis, the electrode was 
rinsed with distilled water and was immersed in acetone to remove the membrane from the elec-
trode.

2.3 Characterization

The products are characterized by FE SEM (Hitachi S-800), TEM (Jeol JEM-2000 FXII), FTIR, 
and EPR (Bruker ER 200D-SRC). 

2.4 Conductivity Measurement

Conductivity measurement follows the procedure reported previously. Two-probe method is 
used. After polishing off most of the polyaniline synthesized outside the channel, a thin layer of 
polyaniline (less than 100 nm) is left for the electric contact. After washing with deionized wa-
ter and acetone, the sample is redoped with 1M HCl. After drying at 60 °C in a vacuum oven, 
the sample was put on a flat Pt sheet. Two probes are connected to the Pt sheet and the sample 
and 0.3 V dc voltage is applied, the current is measured. The conductivity of the template itself 
is negligible. 1/R = n/Ri, where Ri is the resistance of a single tube, n is the number of tubes in 
measured area. The conductivity is calculated from = L/ Rið[( o

2 – 
I

2)/4], where L is the 
thickness of the template, o and I is the outer and inner diameter of the pore measured from 
SEM photographs. 
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3 Results and Discussion

3.1 Morphology

SEM photographs of polyaniline synthesized in commercial anodic alumina membrane of 
200 nm pore diameter by chemical methods are show in figure 1. Broken tubes are observed in 
the photograph of large magnification. On the other hand polyaniline tubes synthesized by elec-
trochemical method show better morphology as indicated in figure 2. SEM photographs of self-
made alumina membrane are shown in figure 3. Uniform pores of 60 nm diameter in hexagonal 
arrangement are observed. The pore density is around 1010 pores/cm2. Polyaniline synthesized 
inside the channels of self-made alumina membrane are shown in figure 4. Better tubes (or wi-
re) are observed by electrochemical synthesis. TEM photographs of polyaniline tubes synthesi-
zed in 200nm alumina membrane show tubular structure, but those synthesized in 60 nm 
alumina template show rod-like structure as shown in figure 5. 

Polyaniline tubes synthesized electrochemically in PC PTM of pore diameters of 200 nm, 
100 nm and 50 nm are shown in figure 6. Similar to the results reported previously that tubes of 
cigar shape are formed with smaller diameter ends and larger diameter in the middle part. 
Stripes are also found on the wall of the tube. These irregularities of the tube shape came from 
the channel of commercial polycarbonate PTM membranes. Sections of polyaniline were 
formed from chemical synthesis.

Comparison of the polyaniline synthesized in alumina membrane and polycarbonate PTM 
membrane of similar pore diameter show better morphology are obtained for those synthesized 
in alumina membrane.

Figure 1: SEM photographs of polyaniline formed in 200 nm anodic alumina membrane by chemical method

(a)                         (b) 15 μm 1 μm
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Figure 3:  SEM photographs of self-made alumina membrane, (a) side in contact with solution, (b) side in contact 
with electrode

(a)                        (b) 0.5 μm 0.5 μm

Figure 2: SEM photographs of polyaniline formed in 200 nm anodic alumina membrane by electrochemical 
method

(a)                           (b) 10 μm 0.3 μm
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Figure 5: TEM photographs of polyaniline formed in (a) 200 nm commercial, and (b) 60 nm self-made anodic 
alumina membrane by electrochemical method

(a) (b)

Figure 4: SEM photographs of polyaniline formed in 60 nm self-made anodic alumina membrane by electroche-
mical method

(a)                      (b)1.5 μm 0.6 μm
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3.2 Structure

FTIR spectra of polyaniline synthesized chemically or electrochemically in anodic alumina 
membrane all show the structure of emeraldine salts. The sample synthesized electrochemically 

Figure 6: SEM photographs of polyaniline formed in (a) (b) 200 nm, (c) (d) 100 nm, (e) (f) 50 nm polycarbonate 
particle track etched membranes by electrochemical method

          (a)                           (b) 

         (c)                           (d) 

         (e)                          (f) 

1 μm 0.6 μm

0.6 μm0.6 μm

0.6 μm1 μm
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for 6000 sec show an additional sharp peak at 1380 cm–1 but after synthesis for 9600 sec, this 
peak disappeared. The result indicates that polymerization is not complete after electrochemical 
synthesis for 6000 sec. 

EPR spectra were studied in order to compare the degree of delocalization of polarons. A 
single peak is observed at g value close to that of free electron for all the samples measured. The 
peak to peak linewidths and g values of polyaniline tubes by electrochemical synthesis in chan-
nels of PC PTM of different pore diameters are shown in table 1. The linewidth decreases with 
decreasing pore diameter of the template channels. The results indicate better delocalization of 
polarons in polyaniline chain synthesized in smaller pore channels. More regular conformation 
of the polymer chain in small pore channel are expected which agrees with the results reported 
previously by Raman spectra. The linewidth of polyaniline by electrochemical synthesis in 
200nm diameter channels of anodic alumina membrane is smaller than those in 200 nm PC 
PTM membrane. From SEM photographs, more uniform and regular tubes are obtained in 
anodic alumina membrane than PC PTM. Polyaniline synthesized for 6000 sec show larger 
linewidth than those synthesized for 9600 sec. FTIR spectra show incomplete polymerization 
for 6000 sec sample. On the other hand chemical synthesized samples in PC PTM show larger 
linewidth than those synthesized by electrochemical method as shown in table 2. Segments of 
polyaniline are obtained by chemical synthesis in PC PTM. In anodic alumina membrane, the 
difference in linewidth for chemical and electrochemical synthesized samples is small. Al-
though broken tubes are also obtained, but the continuity is much better than those samples in 
PC PTM. The linewidth of polyaniline tubes is slightly larger than those of bulk material. Po-
lymerization of aniline in a confined channel may result in smaller molecular weight than those 
in the bulk material.

Table 1: Peak to peak linewidth and g value of polyaniline synthesized electrochemically

Table 2: Peak to peak linewidth and g value of polyaniline synthesized chemically

Hpp (Gauss) g value

polyaniline in 200 nm PC PTM 2.398 2.0039

polyaniline in 100 nm PC PTM 2.035 2.0034

polyaniline in 50 nm PC PTM 1.235 2.0032

polyaniline in 200 nm alumina membrane 1.012 2.0037

polyaniline in 60 nm alumina membrane 1.017 2.0035

polyaniline in 200 nm alumina membrane (synthesis for 6000 sec) 1.529 2.0032

polyaniline bulk material 1.09  2.0033

 Hpp (gauss) g value

polyaniline in 200 nm PC PTM 5.087 2.0052

polyaniline in 100 nm PC PTM 4.070 2.0047

polyaniline in 50 nm PC PTM 4.100 2.0041

polyaniline in 200 nm alumina membrane 1.526 2.0034

polyaniline bulk material 1.09 2.0038
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3.3 Conductivity 

The conductivities of polyaniline synthesized as bulk material or in the channels of the templa-
tes are listed in table 3. Samples synthesized by electrochemical method in the templates usually 
show higher conductivity than the bulk material. However, the samples synthesized by chemi-
cal method in templates show lower conductivity than the bulk material. The results may come 
from more uniform tubes are formed by electrochemical method than chemical method. Accu-
rate conductivity measurement is difficult due to the estimation of thickness of the pore wall, 
pore density, irregularity of the tube shape and two probe method. More accurate measurement 
of the conductivity is under development.

Table 3: Conductivity of polyaniline
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Electrical Properties of Single-Walled Carbon Nanotube Fiber 
under Electron Irradiation

Cs. Mikó, M. Milas, J.W.Seo, E. Couteau, N. Barišiæ, R. Gaál, L. Forró
Institute of Physics of Complex Matter, Ecole Polytechnique Fédérale de Lausanne, Lausanne, Switzerland

1 Introduction

Carbon nanotubes have allured much attention because of their unique physical properties. In 
the last decade, literature has reported considerable progress in the large-scale synthesis [1–3] 
as well as the purification of CNTs using different techniques. In order to exploit their feasible 
application, one of the major challenges is the processing of CNTs on macroscopic scale, for in-
stance into a macroscopic fiber. 

For an individual single-walled carbon nanotubes an exceptionally high Young’s modulus 
has been demonstrated both in theory and in experiments; therefore, the CNT-based composite 
materials are expected to have extraordinary mechanical properties as well. Unfortunately the 
single-walled nanotubes (SWNTs) preferentially form bundles, where tubes interact via van der 
Waals force, and therefore easily slide along their axis. Hence, the mechanical strength of a 
macroscopic SWNT fiber is dominated by their shear modulus and not by their Young’s modu-
lus, accordingly not as high as expected.

Recently, it has been demonstrated that electron beam irradiation can create covalent bonds 
between surfaces of SWNTs [4] just as cross-linked CNTs within SWNTs rope resulting in a 
considerable increase of Young's modulus. 

Kis et al. [5] pointed out that both 80 and 200 kV beam energy could displace carbon atoms, 
and induce cross-links between the single CNTs, enhancing the shear modulus for low electron 
irradiation dose.

In this contribution, we report on effect of electron irradiation on electrical properties of 
macroscopic fibers consisting of SWNTs. From electrical point of view, CNT can show either 
semiconducting or metallic behavior depending on their chirality’s. Ropes of SWNTs assem-
bled to a macroscopic fiber show semiconducting properties due to the predominant presence of 
semiconducting nanotubes ( 70 ). As single CNTs are much shorter than the contact elec-
trodes on the fiber it can be considered as random resistor network of many weakly connected 
nanotubes.

2 Experimental Details

SWNT bundles were assembled to a macroscopic fiber according to Gommans et al. [6] For in-
situ transport measurements, a sample of 3 mm length was cut from a long rope and mounted on 
a TEM Cu ring with four gold electrodes, which were glued by conducting silver paint and elec-
trically isolated from the supporting Cu ring by mica. This configuration enabled the in situ 
measurement of the resistance in a TEM (Hitachi TE 700 operating at 200 kV) during irradiati-
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on as well as ex situ measurements by interrupting the irradiation and placing the sample in a 
He cryostat for resistivity vs temperature measurements in the 4.2–300 K temperature range. 

The irradiation was carried out for approximately 29 h at a constant electron flux of about 
2.4  1013 electrons cm–2 s–1. In order to avoid long exposure time, the incident beam was fo-
cused to a diameter of 15 m, increasing the flux to 2  1016 electrons cm–2 s–1, and this spot was 
moved step by step along the fiber between the two center electric contacts.

3 Results and Discussion

Our result of the in-situ measurement is shown in figure 1, presenting the resistivity of the 
SWNT fiber vs irradiation time. 

Before the irradiation the ropes had a typical 4-probe resistivity of 0.2 cm ± 0.08 cm, 
which agrees with Vigolo et al [7]. At the beginning, the resistivity fell approximately to 
0.07 cm ± 0.02 cm and reached a minimum after about 35 minutes of  irradiation time. Past 
this minimum, the resistivity increased linearly with the irradiation time with a slope of about 
1.15 /min. This dependence remained the same for many hours. We focused then the beam to 
a 15-micron diameter spot and irradiated each part until the resistivity saturated, then we moved 
to a neighboring section along the fiber axis. This gives rise to the step-like time dependence 
shown in figure 1.

Figure 1: The resistivity of a SWNT fiber as function of electron irradiation time. The schematic drawing in the 
inset shows the contact arrangement and the irradiated spot size with respect to sample dimensions. The step-like 
variation towards the end of the irradiation is the result of the stepwise moving of the irradiated zone along the 
sample.
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Besides measuring the resistivity during irradiation, we measured the resistance as function 
of temperature before the irradiation, at the minimum resistivity point and after the irradiation. 
Figure 2 shows these three curves. As it can be seen, except for the magnitude of the resistance, 
there is no significant change in their behavior. 

The temperature dependence of the resistivity is well described by   exp(T0/T )1/2 indicat-
ing Coulomb-repulsion limited hopping conduction like in many granular carbon materials [8]. 

The results of the measurements can be explained as follows. The electron irradiation creates 
displacements of the carbon atoms in nanotubes, leading to very reactive broken chemical 
bonds. This has a two-fold effect on the resistivity: one process is the cross-linking of nanotubes 
in a bundle, improving its electric conductivity by decreasing the individual tube-tube distance. 
The other effect however is the damage of the graphite layer by these point defects, increasing 
the resistivity with increasing incident electron as well as defect concentration. This increase is 
linear at the beginning, but it gets saturated when the system is completely transformed into 
amorphous carbon. Consequently, for low damage level, the creation of covalent bonds between 
two nanotubes dominates and leads to an improvement in the conductivity while the point de-
fects have little effect on the on-tube conduction.

4 Summary

We carried out in-situ resistivity measurements on macroscopic oriented ropes of single wall 
carbon nanotubes in a transmission electron microscope. 

Figure 2: The resistivity of pristine and irradiated nanotubes as a function of temperature. The temperature 
dependence indicates hopping like conduction.
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Our results suggest that the cross-links created by electron irradiation also change the elec-
tronic conductivity of the fiber significantly yielding a dramatic decrease of the resistance. As 
electron irradiation continues, the irradiation is destructive to the CNT wall structure and leads 
to an increase of the resistance.
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1 Abstract

In this paper, we investigate the transport and magneto-transport properties of polymethylme-
tacrylate/singlewalled carbon nanotubes nanocomposite thin films. Intrinsic localization of the 
charge carriers at the bundle size is evidenced from the conductivity measurements. Magnetore-
sistance measurements reveal two different regimes which depends on the temperature and on 
the field range. The analysis of the data confirms that the localization length is about 7 nm. 

2 Introduction

Singlewalled carbon nanotubes (SWNT) are nanomaterials which possess remarkable physico-
chemical properties thanks to their nanometric size. The potential application field of these na-
nosystems is very broad, ranging from nanodevices to MEMS, actuators or sensors, chemical 
reactors… Still most of the practical sensing applications will involve an ensemble of SWNT 
rather than isolated nano-objects. To understand the evolution of the properties when putting the 
SWNT together is thus essential. This is the purpose of this paper in which we investigate the 
electrical transport and magneto-transport properties of an ensemble of SWNT embedded into 
an insulating polymer matrix in order to build a nanocomposite.

3 Experimental

The SWNT have been obtained by arc discharge [1]. Transmission electron microscopy shows 
that they are of high quality with an average diameter close to 1.3 nm and a typical bundle size 
between 7 and 10 nm. They have been ultrasonically dispersed with polymethylmetacrylate 
(PMMA) in toluene. The nanocomposite 10 μm thick films are formed by drop casting the solu-
tion onto a glass plate. Composites with a SWNT volume fraction f = 0.1–8 % have thus been 
obtained. All the electrical measurements (resistivity, magneto-resistance, non linear field ef-
fects) have been performed within a planar four probe configuration with gold evaporated elec-
trodes. Non linear I(V) characteristics have been obtained with a standard pulse technique in 
order to avoid self-heating.
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4 Electrical Conductivity and Transport Mechanism

The temperature dependence of the electrical conductivity (T) of three different samples 
(f = 0.4, 0.9 and 4 % respectively) is shown in Fig. 1(a) as solid lines. Indeed, it is found that the 
room temperature conductivity strongly depends on the SWNT content. In Ref. 2, we show that 
it follows a critical percolation behavior with a percolation threshold fc = 0.33 ± 0.03 %. Here, 
only three examples are shown.

It is clear from Fig. 1(a) that the conductivity  is not metallic like. Actually, it follows a 
hopping law   exp[–(T0 / T)1/2] at low temperature which means that conduction occurs by 
hopping in presence of Coulomb interactions [3]. It suggests that the charge carriers are strongly 
localized on a length  in the nanocomposites. The T0 characteristic temperature increases from 
200 to 1000 K when f decreases from 8 % to 1 %, then it saturates for lower f values. It is possi-
ble to extract the localization length from the T0 parameter and by using the effective density of 
states of the SWNT. 7 nm  is found whatever the SWNT content (i.e. whatever the sample) 
[4]. It shows that localization does not depend on the tube tube contact distance (and thus on f ) 
as it might have been expected. Conversely, it suggests that localization is intrinsic to the 
SWNT conducting network.

The intrinsic character of the localization length is confirmed by the non linear I(V) isother-
mal characteristics of the composites. An example of these characteristics at T = 4.2, 8, 12, 15 
and 20 K is shown in Fig. 1(b) for the f = 0.4 % sample where the conductivity J / E (J the cur-
rent density, E the electric field) is shown to increase by up to 5 orders of magnitude when the 
electric field increases from 10 to 6000 V/cm. The same kind of isothermal characteristics are 
obtained at T = 4.2, 6, 10, 20 and 40 K for sample f = 0.9 % and at T = 4.2, 10, 20 and 40 K for 
sample f = 4 % respectively. 

In Ref. 4, we suggest that the non linearities originate from a redistribution of the (localized) 
conduction electrons energy induced by the electric field. Such an effect is analog to a thermal 
effect if one defines an electrical temperature Tel =  E =   E / kB where  is a numerical pa-
rameter close to 1, kB the Boltzmann constant. At finite temperature and large electric field, in-

Figure 1: (a) Ohmic conductivity  (lines) and (isothermal) non ohmic conductivity J/E (dots) versus Teff
–1/2 for 

the samples f = 0.4, 0.9, 4 %. For the ohmic conductivity curves, Teff = T is the thermal bath temperature while for 
the non ohmic conductivity curves, Teff = T + E is the effective temperature (see text). (b) Non linear conducti-
vity J/E versus electric field E characteristics of the f = 0.4 % sample at T = 4.2, 8, 12, 15 and 20 K respectively.
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stead of the thermal bath temperature we should consider an effective temperature [5] for which 
the simplest expression is given by:

 (1)

A fit of the curves of Fig. 1(b) gives  = 0.035 K.cm/V for all the investigated temperatures. 
Since  depends only on the localization length  which was found to be intrinsic to the SWNT 
network, we plot all the ohmic conductivity curves (Teff = T) and the non ohmic isothermal 
characteristics J / E (Teff = T +  E) versus Teff

 –1/2 with a fixed value of  = 0.035 K.cm/V in 
Fig. 1(a). For a given sample, all the curves merge into a single one which accounts for the va-
lidity of the effective temperature model. The fact that a unique  parameter allows to do this 
confirms that the localization length is independent of the SWNT content. The linearity of the 
curves shows also that conduction occurs by hopping in presence of Coulomb interactions even 
in the non ohmic regime. The Coulomb interactions likely come from the Coulomb charging 
energy which is required to transfer a charge from a SWNT bundle to another in the transport 
process. This charging effect is progressively screened when the amount of SWNT increases 
which accounts for the decreases of T0 when f increases [4]. From  = 0.035 K.cm/V, a localiza-
tion length ~ 25 nm is extracted with = 1. This value is three times bigger but still of same 
order of magnitude than the length which is extracted from the (T) dependencies. 

5 Magnetotransport and Localization

Magnetoresistance (MR) in the strongly localized regime can provide an independent estimate 
of the localization length. Above 10 K, the magnetoresistance R(H) / R (H = 0) is essentially 
negative and small in the magnetic field range H = 0–12 T as shown in Fig.2 for samples 
f = 4 % and f = 8 % where R(H) is the sample resistance at field H. Above 40 K, the MR is qua-
dratic in field with a maximum effect of 2–2.5 % at 40 K and 12 T. In the 10–40 K temperature 
range, the MR is negative and linear in field up to a characteristic field Hm (arrows in Fig. 2) 
above which it becomes positive. 

eff el B   = /T T T T E T E k

Figure 2: Magnetoresistance R(H) / R(H = 0) versus magnetic field H for the samples f = 8 % (left pannel) and 
f = 4 % (right pannel) between 10 K and 147 K. R(H) is the sample resistance at field H. The arrows indicate the 
field Hm above which a positive contribution to the MR sets in. The solid lines correspond to a quadratic depen-
dence of the MR with the field.
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A negative MR is quite usual in strongly localized hopping systems. It is due to the partial 
destruction of the quantum interferences which occur along the hopping path due to forward 
scattering. This phenomenon is the strong localization counterpart of the negative MR observed 
in weak localization systems. It leads to a linear or quadratic negative MR in absence of spin or-
bit coupling as found here [6,7]. It is interesting to note that the transition from a linear to a 
quadratic dependence occurs in a temperature range where the temperature is high enough to 
wash out the Coulomb interaction effects leading thus to a ln( )  T –1/4 instead of ln( )  T –1/2

temperature dependence. 
The maximum negative MR effect is observed when the magnetic flux enclosed in the hop-

ping area scales with the flux quantum 0 i.e. when Hm  Shop = 0 where Shop is the hopping area. 
By making use of the standard formula for Shop, Hm is thus related to the localization length in 
the Efrös Shklovskii regime through Eq. (2).

(2)

Application of Eq. (2) allows to estimate the localization length where the experimental val-
ues of T0 and Hm are obtained from the conductivity curves and from the MR dependencies re-
spectively. The results are listed in Table 1. 

Table 1: Localization length of the different samples obtained from the magnetoresistance data

We find values in the range 5-8 nm which corroborates the result obtained from the con-
ductivity measurement. Indeed, Eq. (2) shows also that Hm increases with the temperature. It 
may explain why we do not observe the negative to positive MR transition in our field range at 
higher temperatures.

When the magnetic field H exceeds Hm, a positive contribution to the MR becomes visible. 
This positive MR is easier to observe at low temperature where Hm is smaller and the effect big-
ger in magnitude. It is shown in Fig. 3 for samples f = 8 % and f = 2 % respectively, where 
ln[R(H) / R(0)] is plotted versus H2. The effect reaches 70 % at H = 14 T and T = 1.5 K for sam-
ple f = 8 % and 25 % at H = 13 T and T = 2.2 K for sample f = 2 %.

In the strongly localized regime and above Hm such a positive MR may come from the orbit 
shrinkage induced by the high magnetic field which reduces the transfer from site to site. In the 
Efrös Shklovskii regime, it results in a positive MR described by [3]:

Temperature From Eq. 2 From Eq. 3
(ohmic)

From Eq. 3 
(non ohmic)

T = 20 K 8.6 nm

T = 10 K 7.8 nm

f = 8 % T = 4.2 K 6.3 nm

T = 1.5 K 7.2 nm

f = 4 % T = 10 K 5.0 nm

T = 3.0 K (Teff = 8.6 K) 4.5 nm

f = 2 % T = 2.2 K (Teff = 5.1 K) 4.9 nm

T = 3.0 K 5.3 nm

T = 2.2 K 5.1 nm

3/ 4 1/ 2
0 0 m~ [ ( / ) / ]T T H
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(3)

with tES ~ 0.0015. In Fig. 3 the linearity of ln[R(H) / R(0)] with H2 is verified at low H values 
(thick lines) which suggests that this model is valid. The slope of the linear part gives localizati-
on lengths which are reported in Table 1 for both samples in the ohmic regime (E < 1 V/cm). 
Once more,   is found to be in the range 5–8 nm.

We have also tried to investigate the MR behavior in the non ohmic regime. This is shown 
for sample f = 2 % at T = 2.2 K and 3 K and for electric field strength of E = 90 V/cm and 170 
V/cm respectively in Fig. 3. The same behavior is observed with a reduced magnitude which is 
associated to an effective temperature higher than the thermal bath temperature. The associated 
effective temperatures are found to be Teff = 5.1 K and 8.6 K respectively by extrapolation of 
the conductivity temperature dependence (Eq. (1) with  = 0.035 gives 5.3 and 8.9 K). The 
slope of the linear part of the curves yields ~ 5 nm (see Table 1) in agreement with previous 
results.

6 Conclusion

In this paper, we investigate the electrical transport and magnetotransport properties of nano-
composites SWNT/PMMA thin films. In this nanocomposites, transport occurs by hopping of 
localized carriers in presence of Coulomb interactions due to the Coulomb charging effect 
[2, 4]. The analysis of the ohmic conductivity temperature dependence suggests an intrinsic lo-
calization on a typical length of 7 nm. The non ohmic behavior confirms the intrinsic localizati-
on however the estimated length scale is three times bigger. 

Here, we show that the magnetoresistance behavior is in agreement with the strong localiza-
tion picture. Different regimes are encountered in the magnetoresistance depending on the mag-
netic field strength and on the temperature. In small fields, a negative and small MR is 

3/ 24
20

ES 2ln ( ) / (0)
( / )

T
R H R t H

Te

Figure 3: Low temperature magnetoresistance behavior of sample f = 8 % (left pannel) and sample f = 2 % (right 
pannel). For the f = 2 % sample, the curves with E = 90 or 170 V/cm are obtained in the non ohmic regime. It cor-
responds to an effective temperature of 5.1 and 8.6 K respectively. 
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encountered which is attributed to the partial destruction of the quantum interferences occuring 
along the hopping path. This negative MR saturates when the magnetic flux enclosed into the 
hopping area scales with the flux quantum. In higher field, orbit shrinkage occurs which induces 
a positive MR. These two regimes yields a typical localization length in the range of 5–8 nm. 

An interesting point is the intrinsic character of the localization which is found to be inde-
pendent of the SWNT volume fraction into the nanonomposite. Since the localization length is 
comparable to the typical bundle size, we suggest that localization occurs at the bundle bounda-
ries. Indeed, it suggest as well that transport along the bundle is not limiting. It may reveal the 
ballistic nature of the charge transport in the SWNT.
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1 Abstract

Test specimens with nanostructure of pure copper were fabricated using the Equal-Channel An-
gular Pressing (ECAP) method. After nine passes under of Severe Plastic Deformation (SPD), 
at 90° between two channels of the die, grain size was reduced to 40 nm. We describe the me-
chanism of transformation related to the structure and properties in the ECAP deformed region 
at the first pass. Special experiments covered the structure, physical and mechanical properties 
of nanostructure materials. The paper compares the effect of different structure conditions on 
the mechanical properties of copper.

2 Introduction

Metallic materials are composed of crystalline grains whose arrangement and characteristics 
can be altered by casting, deformation or/and heat treatment. Structurally, these materials are 
mostly mono-, micro- or nanocrystalline. Structural features, including size, shape, distribution 
and orientation of grains and grain boundaries in the structure, determine the properties of the 
metals. It is obvious that structure has a major influence on the values of state parameters of a 
material. For example ”whiskers” strengths will reach the theoretical strength of their metals. 
Real engineering metals and alloys have microcrystalline structure with relatively lower mecha-
nical properties. Hot, warm or cold deformation under severe plastic deformation (SPD) of a 
metal is commonly used to form a nanocrystalline structure, required for a directional change of 
metal properties. 

Segal [1] was the first to manufacture fine-grained and nanocrystalline metals and alloys in 
1977. By help of the Equal Channel Angular Extrusion (ECAE) or – Pressing (ECAP) method, 
a technique of the Severe Plastic Deformation (SPD), fine-grained or nanocrystalline structures 
in metals can be obtained. 

Kopylov [2] used this method for large billets manufacturing and showed that grains refine-
ment depends on the ECAP process temperature and strain rate conditions. He also showed that 
after the ECAP treatment, the mechanical properties of materials, such as hardness, yield stress, 
ultimate strength, elongation and reduction of area, increase up to three-four times. Kim et al. 
[3] used the elastoplastic finite element method to estimate the effect on the overall elastic and 
plastic properties of nanocrystalline copper. In his calculations he used the properties of crystal-
lites and grain boundaries. He showed that the yield stress of copper can be increased up to 760 
MPa, with a decrease in grain size to 2 nm. The microsample [4] tensile testing of nanocrystal-
line copper with high-angle grain boundaries shows the identical yield strength and low ductili-
ty. Therefore, it is surprising that nanocrystalline materials have a lower elastic modulus (E) 
than coarse-grained materials. Depending on the decrease in grain size, the ratio of the bounda-
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ry region in the structure increases, resulting in a lower elastic modulus and higher yield 
strength than that in the coarse-grained materials. Using a classical molecular dynamics simula-
tion and a many-body potential function of the second-moment approximation of the tight-bind-
ing scheme by Jeong Won Kang et al. [5, 6], the thermal properties of ultra-thin copper 
nanobridges and atomic-scale simulations of copper polyhedral nanorods were investigated. Pa-
pers [7, 8] describe the influence of the ECAP on the structure and properties of pure copper 
forming, and their evolution during SPD. Maximal increases in the indentation modulus and 
elastic parts of the indentation work can be obtained during the first ECAP pass. These parame-
ters do not increase so rapidly during the next passes. 

Thus, based on previous investigations [1–8], nanocrystalline metallic materials have rela-
tively higher mechanical properties at relatively low temperatures than simple microstructures. 
In nanostructure forming, the route scheme [9] has an influence on the properties. In [10] it was 
shown that an increase in the deformation temperature depends on the ECAP processing param-
eters, i.e., deformation route scheme and the preheating temperature of die.In [11] the tensile 
and shear stress, strain path and in [12] large-strain work hardening/softening during the cyclic 
deformation of nanocrystalline pure copper with and without heat treatment were studied. These 
properties were compared with the properties of coarse-grained pure copper. The structure evo-
lution during the formation of the nanostructure state by SPD in the atomic scale and dynamic 
atomic displacements of a material were described in [13]. In [13] it was shown that the Debye 
temperature is lower, up to 22–23 %, in the nanostructure of Cu and Ni. In [14] the triple junc-
tion of nanocracks forming in nanocrystalline materials was discussed and a theoretical model 
of grain boundary sliding through these junctions was suggested.

In conclusion, ultra-fine grained metallic materials (high strength and plastic material) can 
be used for different purposes. Examples [15] include medical implants manufactured from 
pure titanium, the properties of which are comparable to the alloyed titanium alloy Ti-6Al-4V. 
Experimental [1, 2, 4–13] and theoretical [3, 14] investigations of the state of nanomaterials pa-
rameters are very complex. No satisfactory solution has been reached. 

Therefore, by help of experiments, we attempt to describe the structure and properties of na-
nocrystalline pure copper fabrication and control. The aim is to discuss changes in the structure 
and mechanical properties, such as micro-, plastic- and universal hardness, indentation work 
(total, plastic and elastic parts), creep and relaxation in the ECAP deformed region during the 
first pass and after five passes. The data of the tested mechanical properties of materials are pre-
sented to compare the structure up to its nanocrystalline state. The properties of the ECAP-proc-
essed up to the nanocrystalline structure are compared with those of coarse-grained cold-drawn 
and recrystallized pure copper.

3 Experimental

3.1 Fabrication Features of Nanocrystalline Copper 

We used a pure copper rod with a diameter of 16 mm and a length of 150 mm. Cold-drawn and 
annealed state of pure copper had a coarse-grained structure with grain sizes up to 150 m and 
250 m, respectively. These specimens served for comparison. For the ECAP processing, an-
nealing at 650°C during 1.5 hours was used. The chemical composition of the material was de-
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termined by help of the atomic-emission spectroscopy (SPECTROLAB-M). Our analysis 
showed that the material contained Fe = 0.0238 wt.% and Al = 0.0084 wt.%.

The diameter of the channels in the ECAP die was 16 mm and the angle between the two 
channels was 90°. During the ECAP processing under pressure of the hydraulic press, the load 
was in the range of 400 to 560 kN. The actual speed of the uniaxial pressure was 5 mm/s. In this 
work, the route BA scheme [9] was chosen. At room temperature, a maximum of up to twelve 
passes were conducted. During the first pass of the processing, three specimens and during the 
fifth pass, two specimens of the ECAP processing were stopped to determine the mechanisms of 
structure and the properties formed at SPD in the ECAP deformation region. The other pure 
copper rods number 30 were divided into three main groups for specimen manufacturing. The 
first group included specimens after recrystallization annealing at 650 °C during 1.5 hours, the 
second group contained specimens in the cold-drawn condition (for comparison), and in the 
third large group, the specimens had a different SPD microstructure condition up to 40 nm of 
grain size. To determine the structure and mechanical properties, the same specimens were 
used.

3.2 Testing Apparatus

During the first pass of the ECAP processing, the microstructural features in the ECAP defor-
med region were determined by means of the optical microscope (OM) Nikon CX. The scan-
ning electron microscope (SEM) Gemini LEO Supra-35 was used for nanostructure 
investigation. The X-ray diffractometer (XRD) D5005 Bruker AXS with the Win-Crysize (in 
the Single Line method) computing program was used to define the mean grain size of nanocry-
stallites. To find out changes in material hardness and mechanical properties in the ECAP defor-
med region, the universal hardness tester (HU) Zwick Z2.5/TS1S was used, and microhardness 
was analyzed by the measuring load 50 gr and test time 12 s on the microhardness tester (HM) 
Mikromet-2001. The tensile stress, ratcheting rate, and viscoplastic behavior (during HCV [12] 
deformation) of pure copper specimens with different structure conditions were tested on the In-
stron Corporation Series IX Automated Materials Testing System 8.15.00.

4 Mechanism of Transformation of the Microstructure in the ECAP 
Deformed Region 

First, for the ECAP processing, the annealed bulk bars of pure copper were used. In the ECAP 
deformed region (thickness is 2.6 mm on the optical picture) in Figure 1, during the first pass at 
the ECAP processing, the microstructure changes by SPD took place. In this part in the ECAP 
deformed region the „clear ECAP“ [2] of metal was formed.On the left side of the optical pic-
ture (Figure 1), the equiaxed structure is shown. The structure consists of white, brown and dark 
grains, accordingly. The color of grains depends on the impurity levels (Fe, Al), like with doped 
crystals, and on the orientation of crystals to the polished surface. The impurities of Fe and Al 
content in black grains are maximal.
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In the middle part of the photo, equiaxed structure changes in the grains occurred. On the 
right side of the photo, the grains have a different axis, as a result of SPD and their orientation 
corner (directivity angle) increased up to 45° to specimen axis, in alignment to metal plastic 
flow. SPD took place by grain deformation, with their thinning. After the first pass, the lamellar 
microstructure of a metal had a very directional character. Depending on the rotation scheme 
and passes number [8]; the mechanism of microstructure transformation may be different. 

5 Mechanism of Transformation of Mechanical Properties of 
Recrystallized Copper in the ECAP Deformed Region 

Microstructure investigations showed that up to eight ECAP passes the metal had a compulsory 
crystallization structure. The white grains of copper had a smeared image and therefore they 
were first refined. Light grains had lower microhardness than black ones. The results of micro-
hardness test of copper in the ECAP deformed region during the first pass and after five passes 
are shown (Figure 2). The thickness of the indentation test region in metal is 20 mm. On avera-

Figure 1: The microstructure transformation in the ECAP deformed region on optical micrograph during first 
pass is shown. The thickness of this region is 2.6 mm on this optical photo. 

Figure 2: Effect of the SPD in the ECAP deformed region at the first pass and at the fifth passes on copper micro-
hardness change. Curves: 1 pass, white grains, 1 pass, brown grains and 5 ECAP passes.
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ge, the measured microhardness of recrystallized copper was about 63HV0.05. Grain micro-
hardness differed in the limits of ±4HV0.05 to ±10HV0.05. The microhardness of the dark 
grains of coarse-grained cold-drawn copper was up to 110HV0.05.
 A maximal increase in microhardness was reached during the first pass. After pressing in the 
ECAP die by strength 2800 N/mm2 until emergence of SPD (left side of the graph in Figure 2, 
curves 1 pass, white grains and 1 pass, brown-black grains, respectively), the average value of 
microhardness increased up to 77HV0.05 for white grains and up to 82HV0.05 for dark (brown 
and black on color photo)grains. During the first pass, the microhardness of annealed copper 
increased to 116HV0.05–120HV0.05 on the centre line of the ECAP region. During the first 
pass, microhardness increased on 2-3 mm from the centre line of the ECAP region up to maxi-
mal values 136HV0.05 and then decreased slightly (Figure 2). We mean that the decrease of 
microhardness depends on the relaxation process at the temperature of deformation [11] increa-
se. 
After five passes, microhardness of pure copper increased up to 137HV0.05 and after ten ECAP 
passes, the maximal measured value of hardness was maximal (average value), only 
145HV0.05 in this work. The measured values of microhardness depend on the direction of spe-
cimen sections and the ECAP pass number. As the number of passes increases, the differences 
of microhardness levels in sections decrease from 10HV0.05 to 4HV0.05, after the first pass 
and after ten passes, respectively. 
 The universal (HU) and plastic (HUplast) hardness (load application point 30 N) of copper (Fi-
gure 3) and microhardness (Figure 2) were identical in terms of distribution in the ECAP defor-
med region. These parameter increases were maximal during the first pass, from HU 30 = 908 
N/mm2 up to HU 30 = 1494 N/mm2 at a distance of about 4 mm from the centre line of the 
ECAP deformed region. 

The indenter indentation work (W total) changes during testing at the first ECAP pass show 
(Figure 4) that the elastic properties of copper increased. This parameter shows the changes on 
the level of the atomic scale of the material [13]. Test results show that during the SPD of cop-
per, in the ECAP deformed region, the elastic part of indentation work was formed (Figure 4, 

Figure 3: Effect of the SPD in the ECAP deformed region at the first pass on the universal (HU) and plastic 
(HUpl) hardness of copper increase
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curve W elastic). As a result of this testing, the ratio of the elastic part to the total indentation 
work or the ratio of elasticity ( HU) was determined. The ratio of elasticity has a pulsating 
character of changes, and the average curve during the first pass of the ECAP is shown in Fig-
ure 5. Up to seven passes of the ECAP, plasticity and elasticity increases were very small. For 
nanocrystalline copper, this parameter increased up to 5–6 %. The ratio of elasticity (Figure 5) 
of copper during SPD increased up to 2-3 times and had a maximum value on the centre line of 
the ECAP region. This parameter of the material is different and changes during the deforma-
tion of the material at the ECAP region. 

Figure 4: Indentation work (W total, W plastic and W elastic parts) increases at the ECAP deformed region 
during first pass
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Figure 5: The elastic part of indentation work ( HU) change in the ECAP deformed region at the first pass
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The effect of the first pass on the changes of material relaxation (RHU) and creep (CHU) at 
the ECAP deformed region is shown on the diagram (Figure 6). These parameter changes have 
a pulsating and increasing character, which depends on the distribution of slip plains of the met-
al on the test point. The micro- and universal hardness decreases after their maximal value. 
Properties decreasing depend on the relaxation increase on this distance from the centre line of 
ECAP deformed region. 

Figure 6: Creep (CHU) and relaxation (RHU) changes in the ECAP deformed region at the first pass
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Figure 7: Effect of ECAP processing up to nine (with cold forging) passes on relaxation (RHU) and creep (CHU) 
of pure copper is shown. The recrystallized and cold-drawn copper for comparison is shown.
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To compare creep and relaxation recrystallized and cold-drawn coppers were used 
(Figure 7). Creep and relaxations properties of recrystallized copper were about two times low-
er than the ECAP-9 processed copper with post-cold forging (Figure 7, ECAP-9, def). Under 
high pressure, relaxation decreases were maximal (Figure 7, ECAP-0, pres.). During the ECAP 
at compressive stress 2800 N/mm2, relaxation decreased to 3.1 %. The relaxation of cold-drawn 
copper was RHU = 3.8 % and that of recrystallized copper RHU = 5.6 %, respectively. During 
SPD, the maximum value of relaxation RHU = 4.4 % was obtained. After nine passes of the 
ECAP, followed by cold forging from the diameter of 16 mm to the diameter of 9 mm (Figure 7, 
ECAP-9, def.), the relaxation of nanocrystalline copper and maximal values of creep were 
6.2 % and 3.3 %, respectively. Relaxation increases during SPD influence the mechanical prop-
erties, decreasing after each ECAP passes. To decrease the relaxation of nanocrystalline struc-
ture material, heat treatment was used.

6 Structure and Mechanical Properties of Nanocrystalline Pure 
Copper

As was shown above, the structure and mechanical properties forming at SPD occur in the 
ECAP deformed region. The grain size of the nanostructure of pure copper was reduced to 40 
nm. As shown in the SEM picture (Figure 8, cross-section of the specimen), during ten ECAP 
passes, step-by–step the coarse-grained microstructure of recrystallized copper (Figure 1, left 

Figure 8: SEM picture of the nanocrystalline copper on cross-section of specimen is shown
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side) was turned to the nanocrystalline form, with the mean grain size less than 40 nm (Figure 9, 
axial section of the specimen). The white areas in the picture are defect zones (without 
sticking). This grain size was also determined in the direction of the plane (111) at 43.4° in the 
2-Theta-scale of the X-ray picture. During ten ECAP passes at the room temperature, in the 
condition of SPD, the nanostructure (Figure 9) was formed in copper. The nanocrystals of this 
structure are elliptical. In the axial section of the specimen, the angle of grains is identical to the 
metal plastic flow during the ECAP processing.The metal nanostructure in the axial section has 
a directional character. As shown in the SEM pictures, the nanostructure on all the surfaces in 
the direction of specimen cross-section contains blocks with different angles between their ori-
entations (Figure 8). The inside of the blocks with nanocrystals of ellipsoid are not of a different 
orientation. The biggest axes oriented mainly in the direction of the metal plastic flow. These 
crystals have the highest interatomic attraction energy [13] in a nanocrystalline metal. 

As a result of this nanograins forming, the tension stress of nanocrystalline copper was in-
creased up to 430 MPa. As was shown (Figures 6 and 7), the relaxation of the metal (during the 
ECAP processing at the increased deformation temperature 220 °C) increased too. The relaxa-
tion of the material increasing with a decrease in grain size depends on intergranular interaction 
and friction [14].

To stabilize the mechanical properties obtained during SPD, the metal was subjected to a 
heat treatment. The low heating speed at 1 °C/min up to 200 °C and at 2°C/min up to 400 °C 
was used. After heat treatment, nanograins size was increased only up to 2.5 times. For exam-

Figure 9: SEM picture of the nanocrystalline copper on axial section of specimen is shown
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ple, after heat treatment up to 400 at the heating rate 2 °C/min, an average grain size was 100.6 
nm, whereas the tension stress decreased about 15 % only. The test results at the hard cyclic 
viscoplastic (HCV) deformation [15] show that the deformation hardening of metal was maxi-
mal after heat treatment at 400 °C. The coarse-grained cold-drawn metal showed only deforma-
tion softening and coarse-grained recrystallized copper deformation hardening. The highest and 
excellent stable mechanical properties during the HCV deformation show the metal, which was 
heat treated at the temperature up to 200 °C by the heating rate at 1 °C/min [12].

7 Discussion

The microstructure of recrystallized pure copper had an average equal-axed grain size up to 250 
m. During the first pass, grains were deformed in the view of thin laminations (Figure 1). They 

were oriented under 45° to specimen longitudinal axis, in the direction of the metal flow at SPD. 
The mechanical properties of the material were identical to the mechanical properties of a cold-
drawn material. During nine passes at the ECAP processing, the grain size of the structure was 
refined to nanomeasures.The increase in micro- and universal hardness in the ECAP deformed 
region and the tension strength [4–8] of the material were identical in character. As the tests re-
sults received show, the maximum microhardness increased from 63HV0.05 for the recrystalli-
zed state of copper up to 145HV0.05 for the nanocrystallized copper at ten ECAP passes. These 
parameters increase quicker than other parameters of a metal. During the first passes, the strain 
hardening of the metal took place. The cold-drawn metal (average grain size up to 150 m) has 
a relative high tension stress at low plasticity [7, 8]. After the first pass of the ECAP, the tension 
stress was increased. The stress-strain curves were identical to the nanocrystalline structure me-
tal; however, the viscoplastic properties were very different. During the first cycles of cyclic de-
formation, the material had viscoplastic properties, similarly to the cold-drawn material. This 
softening is quicker than with a heat treated nanocrystalline structure material. After ECAP de-
formed region (Figure 2, right side) on the distance of 4–6 mm at the centre line of the ECAP 
region, mechanical properties decreased and as a result of deformation, structural recrystalliza-
tion took place.

8 Conclusions

• At the first pass of the ECAP, maximum changes in the structure and mechanical properties 
of the material took place in the ECAP deformed region. The ratio of microhardness, uni-
versal hardness, indentation work, elastic work to the total work of the material increased 
up to 1.5–2 times. 

• After the ECAP region, at the deformation temperature increase, the mechanical properties 
relaxation and structure recrystallization took place. These processes were maximal after 
the first pass. 

• During ten passes of the ECAP, grain size decreased on average from 250 m to 40 nm. 
The universal hardness (HU, HUplast, and HV) by the SPD of the material increased up to 
three times.
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• Nanocrystalline materials can be subjected too much higher stresses at cyclic (ratcheting 
and hard cyclic viscoplastic) deformation without marked plastic deformation as compared 
to the same coarse-grained materials in the recrystallized and cold-drawn state. 

• Therefore, a marked economy of materials can be achieved using nanostructure materials 
for manufacturing machine parts subjected to the highest cyclic loading during exploita-
tion.
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1 Abstract 

Silver doped copper nanoparticles were produced using the cryomelting technique and then 
densified. The influence of the sintering temperature on the final microstructure was studied 
with a particular attention paid to the localization of silver in the material.

2 Introduction

Recent work on the mechanical properties of bulk nanocrystalline copper (nc-Cu) obtained 
from powder metallurgy have revealed a near perfect elastoplastic behavior and high tensile 
strength at room temperature [1]. To further the understanding of the mechanisms involved in 
the deformation process, the mechanical behavior of nanostructured metals needs to be investi-
gated for a range of temperatures. Before carrying out such tests, however, it may be necessary 
to improve the thermal stability of samples in order to limit grain growth, particularly at mode-
rate temperatures.

In this context, we have investigated the doping nc-Cu with Ag. The aim is to stimulate sil-
ver segregation and to saturate grain boundaries with the doping element, thus impeding grain 
growth. In addition, modifications of grain boundary structure due to segregation will be of par-
ticular interest in relation to mechanical properties. To this end, sintering conditions of 
Cu99.75Ag0.25 nanoparticles have been explored and the microstructures characterized by X-ray 
diffraction (XRD) and transmission electron microscopy (TEM). Chemical information will be 
obtained using electron energy-loss spectroscopy (EELS) on a dedicated scanning transmission 
electron microscopy (STEM).

3 Experimental Details

3.1 Sample Preparation

The synthesis of nanopowders of controlled composition is carried out in two steps. First, a Cu-
0.25 at.% Ag master alloy is prepared by heating copper and silver in nominal proportions, in 
levitation, by radio frequency induction. Secondly, a sample of the as-prepared alloy is used to 
produce the nanopowders by cyrogenic evaporation-condensation [2]. Briefly, a droplet of ap-
proximately 30g is heated and maintained in levitation within an atmosphere of liquid nitrogen. 
The droplet is fed regularly by a metal bar of the master alloy in order to compensate the loss of 
weight during evaporation. Nanoparticles are produced by the instantaneous condensation of 
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the metal vapor surrounding the molten metal. After their formation, they are conveyed towards 
linen filters where they are collected. Nanopowders are pyrophoric, due to their large surface 
area, and are therefore stored in hexane in order to allow slow passivation. The powders are 
then compacted under 450 MPa using cold-uniaxial pressing to obtain pellets with a diameter of 
13 mm and a thickness of about 1 mm. Samples with a relative density around 60 % are sintered 
under hydrogen, from room temperature up to temperatures ranging between 250 °C and 400 
°C, with a linear heating rate of 1 °C min–1. 

3.2 Characterization Techniques

The average composition of the nanopowders was determined by Inductively Coupled Plasma / 
Optical Emission Spectroscopy (ICP/OES) revealing a silver content of 0.25 at%. In spite of the 
difference in the vapor pressure of the two metals (Cu and Ag), no deviation from the expected 
composition was observed. The crystalline structure and grain size were determined by X-ray 
diffraction (XRD) line width analysis, the measurements carried out using a Philips generator 
operating at 40 kV and 30 mA. The Co K  radiations ( 1 = 1.78896 Å and 2 = 1.79285 Å) 
were selected using a curved graphite monochromater. XRD line profiles were analyzed using 
the software EVA (Brüker) to determine mean particle size and internal strain. The microstruc-
ture of the sintered samples was observed using a LEO 1530 field emission scanning electron 
microscope (FEG-SEM) operating at an accelerating voltage of 3 kV. Transmission electron 
microscopy (TEM) was carried out using a Jeol 2000 EX microscope operating at 200 kV for 
conventional observations and a VG STEM (HB5) with a cold FEG operating at 100 kV for 
EELS experiments. Chemical maps of Cu, Ag and O were obtained by analyzing the L, M and 
K edges respectively of each element at each position of the STEM probe (probe size: 1 nm, 
step size: 2 nm).

4 Results

4.1 Nanopowders Preparation and Characterization

Bright field TEM images show that the particles are spherical in shape (Figure1) with sizes ran-
ging from 30 to 110 nm. Weak bonding between particles tends to connect them in chains. 
Twins are often present and a 2–3 nm thick oxide layer coats the particles due to their passivati-
on in hexane. Electron diffraction shows the characteristic rings of the copper fcc structure with 
two rings corresponding to the oxide layer. However, no rings corresponding to Ag is detected. 
To complete these local observations, XRD experiments were carried out. The X-ray diffraction 
pattern on Figure 2 confirms the copper fcc structure with a lattice parameter equal to 0.3616 ± 
0.0001 nm, consistent with that obtained for pure copper nanoparticles. Moreover, Cu2O is de-
tected, showing that the oxide layer is well-crystallized and accounts for 24 % of the volume 
fraction of the particles (determined from integrated peak intensities in XRD spectrum). This is 
consistent with measured oxide layer width with respect to particles size. As before, no additio-
nal line due to Ag is detected. 
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Besides the structural information extracted from this pattern, X-ray lines broadening analy-
sis is used to estimate the average particles size and lattice distortions. Each peak of the pattern 
is fitted by a pseudo-Voigt function. For each line, the integral breadth, defined as the ratio of 
the peak area to the peak intensity, is measured and then corrected from the instrumental contri-
bution. The standard reference material used to determine the instrumental breadth is LaB6. The 
Halder-Wagner method is then applied to estimate the size of single diffracting domains [3]. As 
shown on the TEM micrographs, most of the particles correspond to a single diffracting domain 
but some of them contain twins. In order to have a better approximation of the particles size, 
twins contribution is removed by using the method developed by Warren leading to a twin 
boundaries density equal to 0.6 % [4]. The average particle size is found to be 56 nm  3 nm 
which is in agreement with the sizes measured on TEM images. No lattice distortion is found in 
the powders.

Figure 1: a) and b) TEM micrographs of Cu(Ag) nanopowders, c) electron diffraction
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Figure 2: X-Ray diffraction pattern of Cu(Ag) nanopowders
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4.2 Densification

Sintering conditions need to be optimized in order to obtain a highly densified material without 
too much grain growth. Sintering is carried out under a H2 atmosphere from room temperature 
to temperatures ranging from 250 °C to 400 °C. Reduction of the oxide layer is necessary before 
densification can occur and can be monitored by XRD (Figure 3). The volume fraction of oxide, 
estimated from XRD spectra, is plotted as a function of temperature on Figure 4. Most of the 
cuprite is reduced between 250 °C and 300 °C, and by 350 °C, oxide is no longer detectable. 

Figure 5 gathers together the results obtained on relative densities measured by picnometry, 
Vickers microhardness and grains size measurements (XRD) for the samples. Grain size was 
determined using the Halder-Wagner method corrected for twins, as for the powders. It can be 
seen that whatever the sintering temperature, grains size remains in the nanometer range, vary-

Figure 3: X-Ray diffraction patterns of sintered nanopowders
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ing between 90 and 100 nm. For the sample heated to 350 °C, grains size is a little higher be-
cause the sample was cooled in the oven. A similar trend is observed for densification with the 
relative final density approximately constant for all samples. Shrinkage reaches 10% for the 
sample heated to 400 °C, the green density being of 58 %. Microhardness, however, decreases 
between 250 °C and 300 °C and then tends to stabilize around 400 °C. This is not due to any 
variation in grain size or density, but corresponds to reduction of the oxide. Cuprite being hard-
er than pure copper, the more cuprite the sample contains the harder it is. Between 250 °C and 
300 °C, the volume fraction of Cu2O falls from 11 % to 3 % explaining the microhardness de-
crease and after 300 °C, when the oxide layer is completely removed, microhardness stabilizes.

The final microstructure of the samples depends on the sintering temperature. Figure 6 are 
SEM micrographs of the fracture surface of pellets broken after sintering. For T < 300 °C, Fig-
ure 6 a) reveals that the grains keep their spherical shape. Consolidation has begun but without 
shrinkage: the material remains porous. TEM images (Figure 7 a)) show that grains size is still 
in the nanometer range. The contrast inside each grain is homogeneous, and no Ag precipitates 
are detected. In this temperature range, oxide reduction takes place but densification has not be-

Figure 5: Variation of grain size, Vickers microhardness and relative density with the sintering temperature
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Figure 6: SEM micrographs of sintered nanopowders: a) sintering temperature of 300 °C, b) sintering tempera-
ture of 400 °C
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gun yet. Moreover, it seems that Ag has not diffused yet towards the grain boundaries. The 
presence of a crystalline oxide layer is confirmed by electron and X-ray diffraction (Figure7 b)) 
but no crystalline phase of pure Ag is detected by either of the two techniques.

For T > 300 °C, the sample’s microstructure is quite different. SEM (Figure 6b) shows that 
consolidation occurs with the formation of necks between grains. The surface presents similari-
ties with a ductile fracture surface with cupping. However, the material is still porous and spher-
ical grains similar to the ones observed for temperatures below 300 °C still exist. Bright field 
TEM micrographs (Figure 8 (a)) reveal the presence of small spherical precipitates with an av-
erage diameter of 10 nm. Additional rings due to pure silver appear on the electron diffraction 
patterns (Figure 8 c)) tending to prove that silver has precipitated. On the other hand, no oxide is 
detected. These results have been confirmed by STEM and EELS experiments. Figure 8 (b) is 
the corresponding silver elemental map of the same area shown in Figure 8 (a). This map con-
firms that silver precipitates in the matrix but also segregates towards the grain boundaries inso-
far as the contrast is brighter along the grain boundaries. Moreover, precipitates seem to be 

Figure 7: a) TEM micrographs of sintered nanopowders (T = 250 °C), b) corresponding electron diffraction
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Figure 8: Cu(Ag) nanopowders sintered up to 400 °C: a) bright field STEM image, b) corresponding Ag map, 
c) electron diffraction
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concentrated close to the grain boundaries and especially near triple junctions. Oxygen maps 
confirm the lack of oxide at grain boundaries or in the form of precipitates.

5 Discussion

5.1 Influence of the Sintering Conditions

The primary aim of this study is to determine and optimize the sintering conditions for Cu(Ag) 
nanoparticles in order to produce highly densified samples. Table 1 summarizes the characteri-
stic data obtained for the sintering of pure Cu and Cu(Ag) nanoparticles. In both cases, nano-
powders are synthesized and sintered following the same procedure. Cu(Ag) nanoparticles 
appear to be more difficult to sinter: the whole sintering process is shifted towards higher tem-
peratures and less shrinkage is observed. The kinetics of oxide reduction is also modified by the 
addition of silver as the cuprite is totally removed only for T = 300 °C, as opposed to T = 150 °C 
for pure copper. The predominant mechanism for densification involves grain boundary diffusi-
on. As shrinkage is inhibited for Cu(Ag) nanoparticles, diffusional properties of grain bounda-
ries are therefore modified by the presence of silver.

Table 1: comparison of the sintering conditions for Cu and Cu(Ag) nanopowders

5.2 Cu-Ag Phase Diagram

The expected nanostructure consists in a matrix of pure copper with silver atoms decorating the 
grain boundaries. Therefore, the control of the microstructure and of the existing phases is very 
important. According to the Cu-Ag phase diagram, whatever the composition, a miscibility gap 
exists at room temperature and under equilibrium conditions [5]. For a silver content of 0.25 
at.%, a solid solution becomes possible for T > 350 °C. However, the existence of a chemical 
spinodal implies that a metastable fcc solid solution can exist for silver contents below 5 at.%. 

For the powders, the lattice parameter obtained for this phase is in agreement with Vegard’s 
rule. The electron and X-ray diffraction obtained on Cu-Ag nanopowders reveal no characteris-
tic ring for silver. Moreover, TEM micrographs show no precipitation. It can be implied that Ag 
is in solid solution in Cu, which is in agreement with the phase diagram. Indeed, nanopowder 
synthesis implies a rapid quenching of the particles in liquid nitrogen. The particles keep the 
”microstructure” of the liquid phase which is possible because of the existence of the chemical 
spinodal. 

For the sintered samples, for T < 300 °C, demixing is predicted by the Cu-Ag phase diagram. 
However, the temperature is too low to allow bulk diffusion of Ag in Cu [6]. and Ag stays in 
solid solution in Cu. For T > 300 °C, diffusion is activated and, in spite of the solid solution pre-
dicted by the phase diagram, Ag segregates towards the grain boundaries as proven by the 
EELS experiments. Once the grain boundaries are saturated, the excess of silver diffuses along 

Sample Oxide reduction Shrinkage Grain growth

nc-Cu 150 °C 150 °C < T < 250 °C  20 % T > 250 °C

nc-Cu(Ag) 300 °C T > 300 °C  10 % T > 400 °C
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the grain boundaries up to the surface and then precipitates. These precipitates, revealed by Ag 
elemental maps, are attributed to a too high Ag content leading to a supersaturation of Ag in the 
grain boundaries. 

6 Conclusions

The main difficulty is to obtain highly densified samples. However, those results are encoura-
ging insofar as silver was firstly introduced in the sample to act as a tracer in the grain bounda-
ries. As the mechanisms involved during sintering and for the deformation are predominantly 
grain-boundary diffusional, the mechanical properties are expected to vary with different silver 
contents. This could enable us to investigate diffusional properties at grain boundaries and to 
determine the influence of the grain boundaries during deformation.
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1 Abstract

The surface stress of metallic surfaces wetted by an electrolyte varies with the charge density 
and, therefore, with the potential of the electrode. We show that when nanoporous gold electro-
des with macroscopic dimensions are charged in an electrolyte the stress changes result in a re-
versible macroscopic expansion and contraction. Therefore, the length of the sample can be 
varied simply by applying a potential. In a bimetal foil arrangement consisting of a solid metal 
layer covered with a layer of nanoporous gold, the strain is converted to a bending movement 
by simple mechanical amplification. The tip displacement of such a cantilever can exceed 1 
mm.

2 Introduction

The surface tension  of a liquid is a very important parameter of the surface, which influences 
obvious properties as the shape of liquid drops. The value of  depends on the potential E of li-
quid electrodes as described by the well-known Lippmann equation

d  /dE = q 

where q denotes the superficial charge density. Therefore the shape of liquid electrodes can de-
pend on the potential. 

For liquids, variations of the surface area involve accretion of matter at the interface, at con-
stant atomic structure. Solids electrodes, by contrast, can be deformed by elastic strain alone at 
low temperatures where diffusion is slow. The parameter which governs the elastic equilibrium 
at the surface is the surface stress f , the derivative of  with respect to the tangential strain of the 
bulk solid abutting at the surface. Similar to  the surface stress is also dependent on the poten-
tial (see, for instance, Ref. [1]), and in model calculations it is found to vary even more than the 
interfacial tension over the investigated range [2]. As the surface layer of atoms must retain its 
coherency with the underlying crystal lattice during the elastic deformation, the interface stress 
must be balanced by stress in the bulk [3]. Independent of the shape of the solid (and of the cur-
vature of the surface), the condition of equilibrium is given by the capillary equation for solids 
[3],

3 V P V = 2 A f A .

The inherent stiffness of solids prevents that the surface stress results in a large macroscopic 
strain. Contrary to what is observed in liquids, changes in the position or shape of solid surfaces 
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can be neglected in most cases. Indeed, extremely sensitive equipment is necessary to measure 
surface stress changes. Measurements were first made by using highly sensitive extensometers 
[4, 5]. After the advent of cantilever bending techniques using scanning tunneling microscope 
type setups an increasing number of surface stress data were published, including results for sin-
gle crystal surfaces [6–15]. Even practical applications of measurements of surface stress 
changes have been proposed and tested, especially sensors detecting these during adsorption of 
molecules from the gas [16, 17] or liquid phase [11, 18]. However, typical deflections of canti-
levers remain in the lower nanometer range, considerably short of the requirements for practical 
use in most applications which are typical for solid actor materials.

Surface effects are expected to have a prominent role in nanomaterials because of their large 
surface-to volume ratio, and for that reason it can be expected that surface stress changes have 
pronounced effects on nanomaterials. Indeed, surface-stress induced length changes of nanopo-
rous platinum cubes have been observed recently [19]: with a displacement of 1.5 μm the dis-
placement amplitude is enhanced by a factor of 103 compared to conventional materials. 
Therefore, such materials may be attractive for use as actuators [20]. However, integration of 
the porous metal into a device requires that it can be precisely and reproducibly shaped, and that 
it can be bonded to the parts which transmit displacement and load. It has not been demonstrat-
ed so far how this can be achieved using nanopowder compacts; furthermore, while compacts 
support a considerable hydrostatic pressure, their resistance to shear stress may be poor. Here 
we show that nanoporous metals prepared by dealloying a bulk solid solution exhibit similarly 
large strain amplitudes as nanopowder compacts, and that the porous material can be combined 
with solid metals foils to form a composite cantilever beam actuator.

Dealloying was used to prepare the nanoporous specimens: By selectively leaching out one 
component of a single-phase alloy using an (in our case: electrochemical) oxidation process po-
rous samples with nanosized structure are obtained [21]. During dealloying, a phase separation 
process (spinodal decomposition) results in a sponge-like structure of the more noble metal 
[21]. Dealloying is attractive as a technique for preparing nanoporous solids, because macro-
scopic samples with a nanometer-scale porosity extending through the whole bulk can be easily 
obtained. Complex shapes, readily prepared by forming the starting alloy, can be dealloyed to 
produce active nanomaterials of sophisticated shape. It can be expected that dealloying can be 
used for miniaturized components as well – including those made by lithography – because for 
the small nanostructures that can be obtained, μm sized samples should behave very similar to 
mm sized samples, except that they can be produced even faster. For the work presented here it 
is essential that the nanomaterial obtained by dealloying can retain a mechanical bond to its sub-
strate, so that shear stress can be transmitted from the actor to its environment.

3 Experimental

3.1 Sample Preparation

Silver-gold alloy (75 at.% silver, 25 at% gold) was prepared by arc melting of gold and silver 
wire (ChemPur, Au 99.9985%, Ag 99.99%) under Argon. The ingot was sealed in a fused silica 
tube and annealed for 80 h at 890 °C. It was rolled by several passes in a motorized rolling mill, 
interrupted repeatedly to anneal for 15 min at 800 °C (bimetal foils: 750 °C) to remove work 
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hardening. The dilatometer samples (L0 = 1.2 mm) were rectangles of cross-section 1.2 × 1 mm2

cut from a 1.2 mm thick sheet.
Dealloying was performed in 1 M perchloric acid under potentiostatic conditions [22]. The 

samples were kept at +1 V in fresh HClO4 to remove silver residuals, they were then washed by 
replacing the electrolyte several times. The samples were permanently kept in solution, except 
for the electron microscopy studies.

Our results were obtained on samples with a ligament spacing of about 20 nm as shown in 
Fig. 1. Smaller structures have been obtained by dealloying, down to 3 nm [22]. However, it is 
known that coarsening occurs at negative potentials [23]. Indeed, the capacitance of freshly pre-
pared samples (as measured by repeated voltammograms in perchloric acid) diminishes slightly 
with time. This is consistent with a decrease in surface area resulting from coarsening. The sam-
ple in Figure 1 had been cycled prior to the electron microscopy; its structure is therefore repre-
sentative of our samples after the initial coarsening, in particular for the results shown in Figure 
2.

3.2 Dilatometry and Electrochemical Measurements

The strain was measured at 299.9 K in a commercial dilatometer (Netzsch TMA 402) equipped 
with a small glass electrochemical cell, which was cleaned by a mixture of H2O2 and sulfuric 
acid prior to the experiments. The counter electrode was a second piece of nanoporous gold, 
which was separated from the sample by a glass frit. A commercial small silver/silver-chloride/
potassium-chloride electrode (World Precision Instruments) was used as reference in the dilato-
meter; the potentials were measured and are quoted versus this reference. Control experiments 
with a platinum wire as a chlorine-free pseudo reference electrode gave consistent results. The 
solutions were made from concentrated perchloric (pro analysi, Merck) or sulfuric acid (Merck 
Titrisol) using water that was bidestilled in a quartz glass apparatus.

Since the potentiostat used (PGSTAT 100, EcoChemie) did not support true linear potential 
sweeps or current integration staircase voltammetry, the voltammogram of Fig. 3 was recorded 
using the staircase method with a single current reading at each step. This introduces an error in 
the double-layer current and charge, which vanishes in the limit where the hold time at each 
step is much smaller than the time constant of the charging. We have estimated the error by var-
ying the step size and extrapolating to zero. The current of Fig. 3 has been corrected in this way, 
with an estimated uncertainty that may be as large as 30 % of the actual value. 

4 Results

Figure 1 shows a scanning electron microscopy image of the nanoporous gold microstructure 
obtained by dealloying of a Ag75Au25 master alloy sheets as described above. The ligament size 
is in the range of 0.02 μm.

Figure 2 shows the length of a nanoporous gold sample vs. the time (lower part of the figure) 
obtained in-situ the dilatometer during a variation of the potential vs. a Ag/AgCl reference elec-
trode as shown in the upper part of the graph. The length of the sample varies in phase with the 
potential. Superimposed to the reversible length change, there is a small irreversible shrinking.
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The cyclic voltammogram in Figure 3 displays the current which was recorded during the 
potential scan of Figure 2. The result is typical for a polycrystalline gold surface in sulfuric acid. 
To investigate the capacitive charging of the surface, the potential window has been limited to 
the range with the onset of hydrogen evolution at the negative end at ca. –0.25 V and the onset 
of the gold oxidation at ca. 1 V.

Figure 1: Scanning electron microscope picture of the nanoporous gold structure obtained by etching silver-gold 
alloy in perchloric acid

Figure 2: In-situ results obtained during cycling the potential (15 cycles) of a nanoporous gold sample in 50 mM 
sulfuric acid in the dilatometer. Upper curve: potential of the nanoporous gold electrode versus time measured vs  
the Ag/AgCl reference electrode. Lower curve: length change of the electrode L versus time.
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From the current of Figure 3, ca. 1 mA, and the scan rate of 20 mV/s, an estimate of the ca-
pacity of the sample of 0.05 F is obtained. This is a very large value for a metallic sample with 
mm dimensions, and it reflects the huge surface area due to the nm-scale porosity. In fact, it has 
recently been suggested to use nanoporous gold for the construction of supercapacitors [24]. By 
using a typical capacitance of a gold surface of 0.05 mF/cm2, the surface area of the sample of 
Figs. 2 and 3 is estimated to be roughly 0.1 m2.

It is expected that the surface strain is a function of the charge density. This is supported by 
the graph of the relative length change L/L0 versus the charge Q in Fig. 4: it is seen that the 
hysteresis which is observed in plots of strain versus potential is absent when the strain is plot-
ted versus the charge.

To obtain large displacements, the expansion and contraction of the nanoporous material has 
to be amplified. We used an bimetallic stripe, which uses the same principle than the bimetal 
thermometer to convert strain to a visible bending. A silver-gold alloy foil covered with a layer 
of nanoporous gold was produced rolling the alloy to about 50 μm thickness and by etching the 
alloy foil from one side only. The opposite surface of the film was covered by nail polish as an 
insulating coating. The etching depth was selected by limiting the anodic charge to 2/3 of that 
required to dissolve the silver completely. With stripes 3 cm long and fixed on one side, we ob-
tained large displacements of the tip, in some cases of more than one millimeter during switch-
ing the voltage between two of such samples from –1 to 1 volt and back (Figure 5). It is 
emphasized that the potential window has to be limited to minimize further dealloying at posi-
tive potentials and silver deposition at negative potentials. It is emphasized that the potential 
window has to be limited to minimize further dealloying at positive potentials and silver deposi-
tion at negative potentials. When this requirement was complied with the actuation amplitude 
remained constant over dozens of charging and decharging cycles, e.g. with the foils of Fig. 5.

Figure 3: Upper curve: Cyclic voltammogram (15 cycles as shown in Figure 2) of the nanoporous gold in 50 mM 
sulfuric acid, recorded in-situ in the dilatometer. Lower curve: length change of the electrode L versus the 
potential ("voltstressogram").

-0.25 0.00 0.25 0.50 0.75 1.00

-100

-50

0

50

100

-3

-2

-1

0

1

2

3

reversible length change dL

10 mV/s

le
n
g

th
 c

h
a
n
g

e
 d
L
  

 [
n
m

]

Potential E   [V]

current I

20 mV/s

c
u
rr

e
n
t 

I 
  

[m
A

]



51

5 Discussion

The results confirm our earlier conclusion that it is possible to induce strain with a large ampli-
tude in nanoporous metallic samples simply by changing the charge density on the surface as a 
function of the electrochemical potential [19]. These earlier results were obtained with nanopo-
rous Pt samples that were made by compaction of nanocrystaline platinum powder [19]. The 
strain amplitude of Fig. 4 is smaller than that of the nanoporous Pt, which is easily understood 
due to the larger structure size of the gold with its pores and ligaments with ca. 20 nm diameter. 
The platinum samples contained smaller crystallites, with a grain size of 6 nm. 

Figure 4: Relative length change L/L0 versus charge Q. for the 15 cycles of Fig. 2
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Figure 5: Photographs of a cell with 2 bimetallic foils of nanoporous gold on silver-gold alloy (one of the foils 
consist of two parts) in perchloric acid with a cm scale in backgrond. The voltage between the electrodes changed 
the polarity in the meantime between the two photos. Left side: right electrode with –1 V vs. the other. The tips 
move ca. 1 mm.
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Our results show that electrical charges can be used to modify the surface stress and the di-
mensions of macroscopic samples. This is an example of a material property that can be varied 
simply by applying a voltage. Therefore, these results supports the suggestion that it should be 
possible to tune all electron-density dependent properties of nanomaterials (that may be nanoc-
rystalline, but can be coarse grained and nanoporous as well) by changing the potential [25]. To 
predict the effect of such an electron density variation one might think of using a very simple 
picture which would assume that adding an electron changes the properties of a nanostructured 
element towards the properties of the element with larger atomic number according to the peri-
odic system. One example for such a relation would be the similar properties of the isoelectron-
ic (d8) atoms of Pt(II) and Au(III) compounds, e.g. the planar and quadratic geometry of the 
complexes. Most of the remaining differences of such isoelectronic species are due to the differ-
ent charges of the ions, and therefore, one might expect that these differences are more subtle in 
our case, because the charge is not located on a single atom, but distributed on the whole inter-
face. However, this simple isoelectronic picture fails in the present case: The lattice parameters 
and atomic volumes increase in the series Osmium (76, atomic radius 135 pm) Iridium (77, 
135.7 pm), Platinum (78, 138 pm), Gold (79, 144.2 pm) and Mercury (80, 160 pm), and conse-
quently, the concept stressing the bare electron number would predict that adding electrons re-
sults in expansion. However, the results shown here and in [19] give the opposite behavior, 
expansion due to positive charges, which demonstrate that in this case, the influence of the 
atomic cores can not be neglected. The results can be interpreted as the weakening of the bond-
ing between the atoms due to the removal of binding electrons during charging positively (cf. 
Ref. [7]).
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1 Introduction

Supported catalysis has been widely promoted in the last thirty years due to its numerous advan-
tages when compared to homogeneous catalysis [1, 2]: recycling possibility, fixation of the acti-
ve specie, pollution reduction and so forth. This explains the wide variety of available supports 
for nanoparticles known to exhibit a catalytic activity [2–4]. Among the main active metallic 
particles, palladium particles are probably the most efficient ones concerning a large number of 
chemical reactions [3, 5]. Thus, many routes to support these particles are described [3, 6]. Se-
veral important requirements are requested for the process to be efficient:

• the reactive medium should be able to easily diffuse into the supporting matrix
• the support specific area should be important enough to allow for the catalytic activity of 

the particles to be exhibited
• the solvent-particles interface should be optimized to favor the reaction process
• the support should both be insoluble within the reaction medium and able to retain the 

metallic particles
• due to the important cost of metallic particles, the support should be easily recycled

Let us also note that in the particular, but common, case of catalytic reactions occurring in an 
oxidizing medium, the metallic particles should be strongly stabilized by the support in order to 
avoid their deactivation or solubilization in the solution [2, 7]. 

In this paper, we describe the synthesis of a new type of catalytic support that is made of a 
macroporous cross-linked polymer matrix on the surface of which metallic palladium particles 
are nucleated. We describe different parameters that influence the distribution of the nanoparti-
cles in the support and several synthetic procedures to get the final material. Finally, we test the 
catalytic activity of these supports using the hydrogenation of allylic alcohol as a test reaction.

2 Experimental Section

2.1 Synthesis of Palladium/PolyHIPE Hybrid Material (Pd/PHP)

In a typical procedure, 4.5 g of styrene, 1.2 g DVB, 4.0 g of chlorobenzene as a porogen and 2 g 
of SPAN 80 are mixed in a 500 ml hemispherical reactor vessel. The aqueous phase is prepared 
by mixing 0.16 g of K2S2O8 as an initiator, 0.5 g of NaCl, and 60 g of distilled water and then 
slowly added to the reactor mixture under mechanical stirring with a rod fitted with a D-shaped 
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paddle, connected to an overhead stirrer motor (at approx. 300 rpm). The emulsion polymeriza-
tion is carried on by heating to 60 °C using a temperature controlled bath during 12 hours. The 
monolith is then cut in smaller pieces, washed with ethanol in a soxlhet apparatus during 2 days 
and finally dried in air at ambient temperature. Dissolved oxygen is removed from water by 
bubbling Argon gas during 30 min. Then K2PdCl4 (33.3 mg) is dissolved in 10 ml of water or 
water-THF (1:1 w/w) mixture to get a final concentration of 10–2 mol/l. The reduction is perfor-
med using three different methods presented in the next section. The determination of the Pd 
loading was performed using combustion elemental analysis by the ”Service Central d’Analyse 
du CNRS” at Vernaison, France.

2.2 Catalysis: Hydrogenation of Allyl Alcohol

A 100 ml reaction vessel equipped with a condenser, a gas inlet and mechanical stirring appara-
tus, containing 50 ml of THF and the Pd/PolyHIPE (2 % w/w) or the commercial Pd/C (5 % 
w/w) is degassed with N2 for 15 min. Then nitrogen is replaced by hydrogen. Once all the N2

has been replaced, a 2 ml solution of 1 M allyl alcohol in THF is added with a syringe. The hy-
drogenation takes place under magnetic stirring and hydrogen pressure at ambient temperature. 
Aliquots are taken at 20 min interval till the complete hydrogenation and analyzed using GC 
chromatography.

2.3 Instrumentation

X-Ray Photon Spectroscopy (XPS) experiments have been performed using Escalab VG 
220i XL. Transmission electron microscopy (TEM) was performed using a CM10  Philips TEM 
operating at 60kV. Sample preparations are performed by first polymerizing an epoxy resin in-
side the polyHIPE matrix and then cuting thin film af approx. 80 nm using an ultramicrotone 
Ultracut E  Reichert-Jung. Particle size distributions were determined by counting at least two 
micrographs of two different regions at 105K magnification. A minimum of 100 particles were 
taken into account. Scanning electron microscopy (SEM) was performed using a 515  Philips 
SEM. The X-Ray Diffraction (XRD) powder experiments were performed on a Philips 
PW1820/1710 powder diffractometer with Bragg-Brentano geometry (Cu K 1,2-radiation). Sur-
face areas and pores characteristics were obtained with a Micromeritics ASAP 2010 employing 
the Brunauer-Emmett-Teller (BET) method. 

3 Results and Discussion

3.1 Preparation of the Porous Supports

PolyHIPE (PHP) is a material developed in the early 80’s by Unilever [8], which is obtained by 
polymerization of a concentrated inverse emulsion. This process leads to open-cell morpholo-
gies. As previously described [9], these morphologies can be tailored by the emulsion formula-
tion. A wide range of preparation techniques and monomers are available. Possible applications 
for these materials include adsorbents, catalysts, scavengers, peptide synthesis support, cell 
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growth media [10,11]. For this study, we have chosen the poly(styrene-co-divinylbenzene) sy-
stem, which characteristics are well established, and can be easily functionalized with various 
organic groups. The typical macro-scale morphology is revealed by the SEM micrograph pre-
sented on figure 1.a. Due to the size of both cells and interconnecting windows (respectively 
around 10 and 1μm) the specific surface area is generally low (~5–25 m2/g). By using a non po-
lymerizable and volatile solvent (further referred to as ”porogen component”), a secondary po-
rosity can be obtained by, first, the phase separation between the porogen and the on-growing 
polymer [12] and then the consequent elimination of the porogen during the washing – evapora-
tion process. In this work, we used chlorobenzene as a porogen. On figure 1b, one can see this 
secondary porosity in the walls separating two neighboring cells, what we further refer to as me-
sostructure (for comparison, a SEM picture of the same material without porogen is shown on 
figure 1a). On figure 1c, we present a TEM picture realized on the system previously filled with 
resin and cut in thin slices. In these pictures, the polymer appears as gray areas whereas the em-
pty cells appear much clearer. These two types of porosity are clearly revealed by the pictures. 
In such materials, the corresponding BET surface area is found to be around 90 m2/g and the 
smallest porosity induced by the presence of the porogen is typically on the order of 20 nm. 

3.2 Nanoparticles Generation Inside the Support

3.2.1 Basic Principle of Pd0 Generation

Basically, two main methods of generating nanoparticles can be cited and referred to as physical 
and chemical methods [3]. In the first one, a macroscopic bulk metallic powder is mechanically 
broken in smaller particles (that can be eventually on the nanometer scale). However, obtaining 
particles with a narrow size distribution appears as a hard task to reach using this method [13]. 
In the second case, the solid particles can be obtained by the local reduction of, in most cases, a 
salt originally dissolved in the solvent. The obtained particles will then generally aggregate into 
bigger objects via a nucleation-growth process and the goal is to find a way to stop the growth at 
the desired size [14]. In this study, we use the chemical way.In the following, we will use a two 

Figure 1: Typical polyHIPE morphology. A) SEM picture of a polyHIPE prepared without porogen; b) SEM pic-
ture of polyHIPE prepared with porogen. c) TEM picture of a material prepared with porogen, filled with resin 
and cut in thin slices. The polymer appears as the gray areas and the pores as the white ones.
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step process that consists of, first, filling our support with the palladium salt solution and then 
reducing the metallic cations Pd2+ to their zerovalent state. As we shall see later, the reduction 
takes place at the surface of the polymer matrix. We probe the influences of the reduction me-
thod, the nature of the solvent and the concentration in the dissolved palladium salt, on the size 
and spatial distribution of the palladium particles.

3.2.2 Particles Characterization 

First, the presence of palladium colloidal particles is revealed by a color change in the material. 
Then, for all the studied samples, we have checked the in-situ presence of nanoparticles at the 
surface of the matrix by observing the resin slices with the TEM. However, such observation 
does not allow for the determination of the palladium oxidation degree and crystallization state. 
To determine these important properties, the materials were studied using XPS and XRD. For 
all the studied samples, the following characteristics were obtained. When performed at the sur-
face of a newly made hybrid material, the XPS spectrum reveals the presence of the Pd(3d5/2) 
band that is located at 336,8 eV. Such a signal can be attributed to palladium oxide PdO [15]. 
By digging 1–2 nm of the materials surface with an electron beam, we observe a shift of this 
peak toward the characteristic palladium metallic 3d5/2 and 3d7/2

  bands respectively centered at 
335,2 eV and 340 eV [15] (figure 2a). This experimental result shows that, when exposed to air, 
the palladium particles located at the outer surface of the monoliths spontaneously oxidize [16]. 
By contrast, the particles generated inside the matrix are present still in a zero-valence oxidation 
state. This is confirmed by the XR scattering spectra of the formed particles (figure 2b). The 
XRD pattern mainly exhibits two diffraction peaks centered at 2  = 40° and 2 = 46.5°, which 
are characteristic of metallic palladium materials that crystallize in the Fm3m face centered cu-
bic space group.

3.2.3 Critical Parameters for the Particles Synthesis 

We have compared different parameters that influence the nanoparticles generation, especially 
the particles sizes and aggregation states. Beyond those specific nucleation and particles growth 

Figure 2: a) XPS spectra showing the positions of the 3d5/2 and 3d7/2 peaks characteristic of metallic palladium 
particles b) XRD pattern performed on powder with the two main peaks at  2  = 40° and 2  = 46,5°. The XRD 
broad peak centered at 2  = 19° corresponds to the amorphous bulk organic matrices whereas the two over scaled 
diffractions at 38.4 (2 ) and 44.6 (2 ) degree correspond to the aluminum support holding the powder.
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issues, we have studied the homogeneity of the Pd particles spatial distribution within the mo-
noliths. 

First, one important parameter is the nature of the solvent that is used to dissolve the palladi-
um salt. The solvent should present the following characteristics, i.e. being polar enough to dis-
solve the salt completely while being hydrophobic enough to wet the polymer supports. To 
check this possibility, we used two different solvents, namely pure water and a 50/50 mixture of 
water and tetrahydrofurane (THF). Since water does not fill the hydrophobic PS support, we 
chose to fill the matrix with the THF/water 50/50 mixture (THF being a good solvent of poly-
styrene, it induces a spontaneous wetting and swelling of the polymer matrix) The solvent qual-
ity with respect to the polymer matrix can be evaluated by measuring the volume of solvent that 
can be inserted in 1 g of the polymer matrix (~ 2 ml/g for pure water, ~ 18 ml/g for the H2O/
THF mixture).

The second step consists of reducing the palladium ions in order to obtain palladium parti-
cles. Several processes are known to trigger such a reduction step among which we chose to se-
lect i) the use of Sodium borohydride (NaBH4, Fig. 3a) ii) UV light (Fig 3b). Surprisingly, we 
also observed that, when leaving the solvent impregnated in the matrix for a long enough period 
(i.e. up to 15 days), the reduction of the palladium ions into metallic particles is also observed at 
the surface of the polymer support (Fig. 3c). This means that the reduction process spontaneous-
ly occurs at some active sites in which the electron transfer can take place. We also observed 
(see figure 3), that the spatial distribution of the particles in the matrix is very different from one 
process to the other. With either NaBH4 or UV as reduction triggers, the particles are aggregat-
ed in big clusters and their spatial distribution within the matrix is very poor (fig. 3a–b).

We believe that this tendency is due to the different time scales involved in the impregna-
tion/reduction process. The first characteristic time is the solvent diffusion typical time inside 
the matrix ( n) whereas the second characteristic time involves the chemical reduction time 
scale ( R). With NaBH4 and UV ray, R « D and some metallic particles appears at the surface 
of the matrix as soon as the solvent enters the matrix. Thus, most of the ionic species are re-
duced before they have the time to diffuse inside the polymer matrix. This explains why one ob-
serves the presence of large aggregates located close to the surface of the monoliths while the 

Figure 3: TEM micrograph of materials prepared with [K2PdCl4]=10–2 M; Initiator [K2S2O8] = 0.25 %; Solvent 
H2O/THF and the following reduction method: a) NaBH4 reduction of the palladium salt; b) using the UV reduc-
tion method ; c),d) letting the material for 15 days in the salt solution.
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inner part of the matrix remains almost completely free of metallic nanoparticles. In the last 
case (fig. 3c, when neither UV light nor NaBH4 are used), R » D and the solvent can diffuse in-
side the matrix to react with the polymer matrix and the particles generation takes place only 
when the matrix are completely filled by the salt solution. Therefore, we decided to perform the 
following study only with the samples obtained by the third process (i.e. with the samples that 
were impregnated by the salt solution for 15 days). Qualitative and quantitative comparisons of 
the results obtained with these 3 different techniques are exposed in table 1. A typical TEM pic-
ture of the materials obtained with this technique is shown on figure 3c. The particles are highly 
dispersed in the polymer matrix and no aggregation phenomenon occurs. As explained above, 
we believe that this is due to the very slow time scale involved in this process. 

3.2.4. Palladium Salt Concentration

The amount of palladium is also a critical parameter that needs to be high [5] or low [17] depen-
ding on the targeted applications. In our case, the concentration of palladium salt in the solution 
appears to be of primary importance for the control of the final palladium loading (see figure 
4-a). Just by varying [K2PdCl4] between 10–3 M and 5.10–2 M, the final loading can be adjusted 
between 0.3 % and 6 % respectively. Moreover, the size of the nanoparticles (figure 4-b) and 
their spatial distribution in the matrix are not affected by this change in salt concentration. Play-
ing with this parameter appears to be the simplest method to tailor the PHP/Pd support to the 
targeted application.

4 Catalysis

We have tested the ability of these materials to catalyze organic reactions. This part is just a 
quick test of what can be achieved with this type of materials and should certainly not be consi-
dered as a complete study. The aim of this section is to compare our material with more stan-
dard systems such as commercial palladium/carbon supports. For this purpose, we have used 
the hydrogenation of allyl alcohol into 1-propanol [18] as a test-reaction :

Table 1: Influence of the reduction method on the materials ([K2PdCl4]=10–2 M; Initiator 
[K2S2O8] = 0.25 %; Solvent H2O/THF)

Reduction Method Pd loading
(weight %)

Mean size 
(nm)

Standard deviation 
(%)

Spatial distribution

Auto-reduction 2.2 13.8 19 Homogeneously dispersed

UV 6 12.7 20.4 Very aggregated

NaBH4 3.8 7.4 26.6 Very aggregated

2H
2 2 2 2THFH C=CH–CH OH H C–CH–CH OH
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A qualitative measurement of the conversion rate has been made by comparing the surface 
area of each peaks obtained by gas chromatography. The comparison of PHP/Pd materials ob-
tained with auto-reduction method is made with commercial Pd/C 5 %. We have used appropri-
ate quantities for the reaction time to be equivalent for both materials.

On figure 5, we plot the percentage of conversion as a function of time for three different 
systems: i) Pd/C ii) Pd/PHP as a monolith iii) Pd/PHP powder. First, one note that the three sys-
tems eventually lead to the same amount of propanol in the system after 60 minutes. Secondly, 
we observe that the support efficiency is strongly enhanced when transformed into a powder. In 
that case, the amount of formed propanol varies from around 20 % to 80 % after 20 minutes. 
This can be explained by the time for the reactant to diffuse through the bulk material. Then, we 
have checked the support ability to be used several times in a row (figure 6). This test was per-
formed with the monolith and clearly evidences that the catalytic activity of the material in-

Figure 4: a) Palladium loading versus palladium salt concentration. The solid line is a guide to the eye.  Initiator 
[K2S2O8] = 0.25 %; Solvent H2O/THF; b) Size histograms obtained from the analysis of TEM micrographs of 
hybrid Pd/PHP materials impregnated with a water/THF mixture and a salt concentration of b-1) 10–2 M, b-2) 
5 10–2 M. (Initiator [K2S2O8] = 0.25 %; Solvent H2O/THF):

a) 

0

1

2

3

4

5

6

7

8

0,001 0,01 0,1

[K
2
PdCl

4
] (M) in H

2
O/THF

A
m

o
u

n
t 

o
f 

P
a
ll

a
d

iu
m

 (
w

ei
g
h

t 
%

)

0 2 4 6 8 10121416182022242628303234363840
0

10

20

30

40

50

60

N
u

m
b

e
r

Particle size (nm)

0 2 4 6 8 10121416182022242628303234363840
0

10

20

30

40

50

60

70

N
u

m
b

e
r

Particle size (nm)

b-1) b-2) 

Figure 5: Kinetic evolution of the conversion ratio for the 3 studied systms

0 10 20 30 40 50 60
0

20

40

60

80

100

%
 C

o
n
v
er

si
o
n

Time (min)

 Pd/C 5%

 Pd/PHP 2% (Monolith)

 Pd/PHP 2% (Powder)



61

creases as function of the number of performed runs. Two reasons can be proposed to explain 
this behavior: i) after the first run, the material is slightly broken, some fractures being observed 
in the monolith. This most probably tends to favor the solvent flow inside the monolith thereby 
increasing the reaction rate ii) as revealed by the XPS experiments, some of the particles were 
made of PdO instead of metallic zerovalent palladium. 

PdO exhibits no catalytic activity. Then, the delay before the start of the reaction can proba-
bly be partly attributed to the characteristic time required to first reduce the PdO particles before 
they can act to catalyze the reaction. In the future, we believe that a significant improvement of 
the supports could be obtained by the following processes: i) a prior H2 treatment or a storage of 
the support in reductive solution ii) use the material in a different shape, for example by making 
small polyHipes beads. In a last point, we should add that the obtained palladium supported ma-
trix could not be efficiently used for the catalysis of reaction in an oxidizing medium. In that 
case, we observed a poor activity and an important solubilization of the nanoparticles during the 
reaction. We believe that this is due to weak particles stabilization at the surface of the polymer 
support. This might be widely improved by the previous functionnalization of the polymer ma-
trix with organic functions that are known to stabilize nanoparticles. Further experiments are 
currently under way in our laboratory to improve the catalytic activity of our support in an oxi-
dizing medium.

5 Conclusion 

This work deals with the generation of palladium nanoparticles in macroporous polymer matrix 
and their use as catalytic support for organic synthesis. We show that it is possible to grow me-
tallic palladium particles at the surface of the polymer matrix by plunging the support in a palla-
dium solution. We examine the different experimental parameters of the particles generation 
that are the initial palladium concentration in the solution, the solvent used to fill the matrix, the 
polymerization initiator and the palladium reduction method. By tuning these different experi-
mental parameters, the particles aggregation states, size distributions, positions and, over all, the 
macroscopic sample homogeneity can be tuned and up-grated. We checked the Pd on polyHipes 

Figure 6: Evolution of the conversion ratio after 20 minutes as a function of the number of reaction cycles
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(Pd/PHP) catalytic properties with a basic hydrogenation reaction and compared the results with 
the well-known Pd/carbon powder systems. Pd/HIPE monolith type materials first depict a lo-
wer hydrogenation yield compared to the Pd/carbon powder system mainly due to the reactant 
impregnation time into the Pd/PHP monoliths. Also cyclic catalysis reaction can be performed 
with the Pd/PHP system and the hydrogenation yield becomes better and better from cycle to 
cycle as the impregnation is step forward increased. Future work will be dedicated toward better 
nanoparticles stabilization using adequate additives. Some specific treatment will be performed 
on the host scaffolds in order to reach both high temperature catalysis properties associated and 
the ability to work under oxidative conditions. Further research directions also include the im-
provement of the mechanical properties and the shape of the materials, with a particular empha-
sis toward the synthesis of hybrid Pd/PHP beads. These works are under way in our laboratory.
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1 Introduction

Al-TM-RE amorphous alloys (where TM is a transition metal and RE a rare earth) have raised 
great interest since they were first observed in 1988 [1, 2], mainly due to the mechanical proper-
ties that some of them present [3, 4]. Those properties can be significantly improved in some 
materials by promoting the proper microstructure in the samples. It has been shown that a di-
spersion of primary fcc-Al nanocrystals embedded in the amorphous matrix can increase the 
strength of the amorphous alloy, though the optimum values of nanocrystallized fraction and 
grain size must be explored experimentally. Typical optimum values are 30% of nanocrystalli-
zed volume and a mean grain size of 10nm [4, 5].

This paper focuses on the study of the primary crystallization process in an Al-rich AL-TM-
RE amorphous alloy, with special emphasis on the mechanisms that control the final micro-
structure of the samples and their thermal stability. The most important source of information 
about the crystallization of amorphous alloys is the study of calorimetric data. Differential 
Scanning Calorimetry (DSC) allows the evolution of the crystallized fraction to be followed in 
both isothermal and continuous heating regimes, and provides a measure of the heat released 
during the process. But in order to explore the mechanisms that control the transformation, 
some assumptions must be made about the crystallization kinetics. In this paper we present a 
new approach to deal with continuous heating DSC data, based on the isokinetic hypothesis.

2 Empirical Modeling

2.1 Isokinetic Hypothesis

The method we propose for the analysis of calorimetric data is based on the isokinetic hypothe-
sis, which states that the evolution of the transformed fraction can be described by a first order 
differential equation, separable in time and transformed fraction, under continuous heating with 
a heating rate .

 (1)

Throughout this article we will use x to refer to the transformed fraction of primary crystalli-
zation, so that x = 1 just before the secondary precipitation begins.

( )
( )

dx K T
dT P x
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Equation (1) is relevant for the analysis of the calorimetric data, because the transformation 
rate is proportional to the heat flow between the sample and the environment during the trans-
formation, which is the magnitude measured by the calorimeter. 

We will assume, as is commonly accepted for thermally activated transformations, that the 
dependence of the transformation rate with temperature obeys a dimensionless arrhenian equa-
tion,

, (2)

where Eap is the apparent activation energy of nanocrystallization.
Since Eq. (2) depends only on temperature, the kinetic information is contained in the func-

tion P(x). The knowledge of this function also allows the evolution of the transformed fraction x
to be predicted under an arbitrary thermal path in the isokinetic range, by solving the integral 
form of Equation (1):

 (3)

This integration will lead to an isokinetic solution of the form x = x(t).

2.2 Determination of the Activation Energy: Master Curve Method

Since Eq. 3 does not depend on the heating rate, we can use it to deduce a temperature transfor-
mation that takes us from any heating rate i to an equivalent one, eq:

 (4)

Assuming the shape given in Eq. (2) for K(T), we can integrate for Eap >> RT:

 (5)

Given a set of calorimetric curves obtained at different heating rates i, we can use the last 
equation to convert them all to a single equivalent heating rate eq, with Eap as the only parame-
ter. We will take the value of Eap that leads to a better overlapping of the curves, evaluated by 
applying the least squares method to the averaged master curve and each of the transformed 
curves (see Figure 1).

Note the similarities between this method and the widely used Kissinger method, which is 
based on the same assumptions but takes profit of only one experimental point from each curve 
(the maximum of the calorimetric peak), while the method we propose uses the shape of the 
whole peak.
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2.3 Kinetic Analysis

Once the activation energy has been determined, the master curve can be used to explore the 
mechanisms that drive the crystallization. Equation (1) can now be expressed in terms of the 
master curve, so we can obtain function P(x) from the experimental data:

 (6)

The study of this function can help us to identify the most relevant mechanisms in different 
stages of the process. 

Let us consider this function in the context of the Kolmogorov-Johnson-Mehl-Avrami (KJ-
MA) theory. In this framework the transformation is considered to take place in an extended 
volume, without geometrical impingement between growing grains. The extended transformed 
fraction is related to the real one by:

(7)

Many kinetic models use for xe the general form proposed by Avrami,

, (8)

where n is the Avrami exponent, which can be interpreted in terms of growth dimensionality and 
time evolution of the nucleation frequency [6].

In the KJMA framework we can obtain a functional form for the kinetic function P(x), com-
bining Eqs. (6), (7) and (8):

(9)

When nanocrystallization occurs by growth of pre-existing nuclei with density N, the grain 
size evolution can be estimated using the transformed fraction, obtained by integration of Eq. 
(3).

, (10)

if site saturation has been reached during quenching (i.e., there are no nucleation sites available 
for thermally activated nucleation).
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3 Experimental Procedure

The amorphous ribbons, of atomic composition Al87Ni7Cu3Nd3, were prepared by melt spinning 
by the group of Prof. A. Inoue in Tohuku University, Sendai, Japan.

DSC curves were acquired in a Perkin-Elmer DSC7 calorimeter under pure Ar atmosphere. 
The calibration with standard samples (In and Zn) led to an experimental accuracy of 1K in 
temperature and 5 % in enthalpy. A second experiment was always performed on the trans-
formed sample in order to subtract the experimental baseline from the original signal.

XRD experiments were performed in a PHILIPS X’PERT diffractometer using a monochro-
matic Cu-K  beam, over a 2  range from 30º to 50º with a step of 0.03º.

4 Results

Figure 1 shows a set of DSC curves corresponding to the primary crystallization, obtained at 10, 
20, 40, and 60 K/min. The shape of the curves indicates a rapid onset of the transformation fol-
lowed by a long tail at all heating rates. The method depicted in Section 2.2 was applied to the 
curves in order to obtain an averaged master curve (also shown in Figure 1), leading to an appa-
rent activation energy of 105 5 kJ/mol. The transformed curves show a good overlapping in all 
the isokinetic range, with the only exception of the end of the transformation, where also the in-
strumental error is higher. 

This master curve was then used to calculate the experimental P(x) curve following Eq. (6). 
With this operation, the temperature dependence of the transformation rate was extracted from 
the calorimetric data, so that the remaining curve contained only kinetic information. The anal-
ysis of this data provided some insight on the mechanisms controlling the nanocrystallization, 
especially on its early stages. The P(x) curve can be seen in Figure 2 in continuous line. The 
curve in dashed line was calculated using the Avrami equation (Eq. (9)) with n = 3/2 and 
P0 = 1 1010 s, and fits the experimental data up to a nanocrystallized fraction of x = 0.05. This 

Figure 1: Transformation rate at different heating rates (left), obtained from DSC experiments. On the right, the 
averaged master curve (bold line) and the transformed curves (gray lines), showing good overlapping for 
Eap = 105 kJ/mol.
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value of the Avrami exponent can be associated to a diffusion-controlled growth of pre-existing 
nuclei with no thermally activated nucleation [REF Christian]. As the transformed fraction in-
creases, the P(x) curve obtained from experimental data deviates from the diffusion-controlled 
growth model. This indicates a change in the mechanism limiting grain growth.

The good agreement between the experimental data and the Avrami model at the beginning 
of the transformation seems to indicate that site saturation has occurred in the samples during 
quenching, inhibiting thermally activated nucleation during heat treatments. This assumption 
allows us to estimate the grain size evolution for any heat treatment in the isokinetic range, 
since we can obtain the transformed fraction by numerical integration of Eq. (3). 

The result of this calculation can be seen in Figure 3 for a grain density N = 2 1017 cm–3, to-
gether with the theoretical evolution of the mean grain size in the diffusion-controlled grain 
growth model. As the figure clearly shows, grain growth in the samples becomes slower than 
parabolic growth short after the grains begin to grow significantly. This fact supports the hy-
pothesis that another mechanism controls grain growth after the first stage. At the end of the 
transformation both curves converge, as it is expected for a constant grain density, regardless of 
the mechanisms controlling the process.

The values derived from the master curve agree with the experimental points shown in emp-
ty circles. These values were obtained by fitting XRD patterns of thermally treated samples with 
a convolution of the amorphous and nanocrystalline fcc-Al phases. This method is described in 
detail in [7].

Figure 2: The P(x) curve, as obtained from calorimetric data after extracting the temperature dependence, toge-
ther with a curve calculated in the Avrami framework, assuming diffusion-controlled growth of pre-existing 
grains. The curves show good agreement for x < 0.05.
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5 Discussion

The analysis of calorimetric data using the master curve method indicates that the transformati-
on begins with a diffusion-controlled growth of pre-existing grains. This is the limiting mecha-
nism until the transformed fraction is ~5 % of the volume available for primary crystallization, 
as can be seen in Figure 2. In this regime, solute atoms rejected from the growing grain pile up 
near the interface forming a solute barrier. The rate at which the barrier diffuses away from the 
interface will limit grain growth.

The same analysis also suggests that the number of grains is constant during the transforma-
tion, since the early stages of the precipitation can be described by an Avrami function with n = 
3/2[REF Christian], and a significant amount of thermally activated nucleation would lead to a 
larger value of n. The agreement between grain size estimations obtained from XRD data and 
the curve calculated assuming constant grain density further supports this assumption.

As nanocrystallization proceeds a new mechanism takes control of the transformation, re-
ducing the growth rate with respect to the diffusion-control regime. This is obvious from Figure 
3, where the curves diverge near the beginning of the transformation. This behavior can be due 
to the overlapping of diffusion fields, known as soft impingement. Long before geometric (or 
hard) impingement occurs, the solute diffusion fields associated to adjacent grains will begin to 
overlap, gradually reducing the concentration gradient ahead of the solute barrier, and therefore 
slowing grain growth.

The transformation is very slow in the final part of the graph, but it doesn’t show a clear end 
after 150 min annealing at 383 K (see Figure 3). This suggests that the transformation is slowed 
kinetically due to soft impingement, since there is still a positive driving force for crystalliza-

Figure 3: Mean grain size during an isothermal annealing at 383 K, obtained from the master curve assuming 
constant grain density, showing good agreement with the estimations based on XRD data. In dashed line, the 
result for an Avrami model with n = 3/2:
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tion. Therefore, the experimental curve would meet the final value predicted by the hard im-
pingement model, if the sample was kept long enough at that temperature.

6 Conclusions

A new method for the kinetic analysis of continuous heating calorimetric data has been pre-
sented. The method, based on the isokinetic approach, has been applied successfully to the na-
nocrystallization of the Al87Ni7Cu3Nd3 amorphous alloy, resulting on a value of the activation 
energy of 105 kJ/mol. The analysis of the P(X) function has allowed us to explore the mecha-
nisms controlling the transformation. It has been found that the first stages can be described ac-
curately by the diffusion-controlled growth of pre-existing nuclei, probably formed during 
quenching. The estimated grain density is N = 2 1017cm–3. After the 5 % of the primary precip-
itation is completed, the transformation slows with respect to that model, due to soft impinge-
ment. This mechanism controls the nanocrystallization until the end of the process.
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1 Introduction

In this paper we have modelled the MI effect in soft magnetic amorphous ribbons using a 
micromagnetic model and an extension of the Machado et al.[1] formulation. Soft magnetic me-
tallic glass wires and ribbons shows Giant Magneto-Impedance (GMI) effect which is the large 
variation of magneto-impedance (MI) in soft magnetic materials induced by a small dc magne-
tic field in the presence of a relatively high frequency ac field. This has attracted wide interest 
because of its application as magnetic field and current sensors and for studying this effect from 
micromagnetics point of view. The basic mechanism for MI phenomenon is the change of ma-
gnetic penetration depth inside a material that induces modification of the transverse magnetic 
permeability [1–3]. GMI or MI effect has been found to be dependent on relaxation time that 
can be defined as the magnetic delay in response to the high frequency filed due to the combi-
ned effect of an ac and a dc magnetic field. The application of axial dc magnetic field, which is 
applied in the longitudinal direction of the ribbons changes the transverse permeability. The 
transverse domain spins are reoriented toward the ribbon axis. As the dc field increases, the 
transverse permeability, t decreases and the skin depth, d increases. At high frequencies, the 
effective cross-section of the conducting magnetic ribbon is modified causing a large decrease 
in ac impedance (Z). The impedance of a sample can be expressed [4] using classical electrody-
namics as,

 (1)

where,   is the resistivity, c is the velocity of light, l and L are the ribbon width and length re-
spectively. The above relationship shows that Z depends on the dc field and frequency ( t), 
which, in turn depends on the response of the domains to the longitudinal dc field and the ac ex-
citation. 

MI effect is expressed as MI Ratio and mathematically can be expressed as:

 (2)

where, Z(H) is the impedance of the metallic glass wires or ribbons in zero dc magnetic field 
and Z(HS) is the impedance at saturation dc field, in the presence of an ac excitation. This is illu-
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strated in Figure 1. At higher frequencies after reaching the maximum, MI values decrease since 
the excitation field flows through a very thin layer near the surface and the sample becomes in-
sensitive to the ac field.

2 Phenomenological Models for GMI Effect

The research on GMI phenomenological model started in order to understand the experimental 
data found in metallic glasses. Santos et al.[5] has proposed a model of the domain structure and 
assumed that a metallic glass ribbon has transverse domain structure. When an ac current flows 
through the ribbon, a transverse magnetic field is induced around it. MI effect is observed when 
an axial dc field comparable to magnitude of saturation field HS is applied parallel or perpendi-
cular to the sample. The motion of the magnetic domain walls, which results from the combined 
effect of the external axial field, Hdc and the transverse ac field Hac created by the ac current, Iac

is depicted in Figure 2. There one can see that an increase in the axial dc field will decrease the 
angle of distribution of the net field.

Figure 1:  Comparison between Impedance profiles at Hdc = 0 and at Hdc =  8000 A m–1 at frequency range from 
100 kHz to 10 MHz for an amorphous magnetic ribbon of composition (Co95Fe5)70Si12B18 
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Figure 2: Domain wall model under the influence of combined ac and dc field
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Using the same concept described in Figure 2, Machado et al [1,2] presented a semi-empiri-
cal model for Co-rich metallic glass ribbons based on the electromagnetic skin depth effect and 
on the domain wall motion due to the magnetic field and ac current, which explained the MI 
spectra and its frequency and field dependence. Machado considered two neighbouring domains 
that have spins opposite to each other as shown in Figure 4 where the magnetic spin direction of 
a single domain in respect with the x-axis (angle ) depends of the amplitudes of ac and dc 
field that are applied to the sample.

Here 1 and 2 are the angles between the two domain magnetization directions with the easy 
axis direction, dm is the domain width, x is the wall displacement, t is the ribbon thickness and 
Hac and Hdc are the ac and dc field respectively. Since the current flows along the two surfaces, 
one can analyze only the behaviour of the domain on one surface. Assuming initially quasistatic 
condition, the domain wall displacement (x) from the equilibrium configuration   (H = Hac = 0) 
and the direction of the domain magnetizations are obtained by minimizing the free energy den-
sity Utotal. This is the sum of the Zeeman, anisotropy, transverse Zeeman and wall energy contri-
butions respectively. The angles 1 and 2 and the can be obtained by minimizing the total 
energy density equation:

(3)

By solving the Equation (3) followed by several mathematical steps one can find the equa-
tion for transverse susceptibility as follows:

(4)

where, t and Mt  are transverse magnetic susceptibility and magnetization respectively.
At high frequencies t  t. The frequency dependence of transverse susceptibility can be ob-

tained from the analysis of the domain dynamics. In Machado’s model it has been assumed that 
the domain dynamics is limited by the wall motion and not by the magnetization rotation. 
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Figure 3: The net magnetization direction of two neighbouring domains due to the application of both ac and dc 
magnetic field at a certain time [ref 1]
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Assuming that an alternating transverse field (hei t) is generated by the ac current and ne-
glecting the magnetic domain wall mass, Machado obtained, from Equation (4), the following 
expression for transverse susceptibility t :

 (5)

where,   is the relaxation time and 0 is the static susceptibility (at f = 0). 
Finally, Machado derived that the impedance of the metallic glass ribbon which shown in 

Equation 1 and can be rewritten considering the dependence on the relaxation time and the fre-
quency as follows:

(6)

3 Landau-Lifshitz-Gilbert Approach to Study MI Effect

Experimental measurements give us information about macroscopic magnetic parameters. With 
the practical imaging techniques such as MFM, MOKE one can obtain information of the ma-
gnetic domain distributions only at the surface of the ribbons. We analyzed the MI effect also 
by using the Landau-Lifshitz-Gilbert formalism. This attempt is different from the Machado ap-
proach and considers the effect of rotation (damping) of the magnetization spins with respect to 
the applied field. In the micromagnetic simulation approach, an equilibrium magnetization con-
figuration of a ferromagnetic body can be found by minimizing its total Gibbs free energy Etotal, 
which can be written as sum of several energy contributions due to various effects such as ani-
sotropy, exchange, demagnetization and Zeeman:

   (7)

In general, an effective field Heff acting on a given magnetic moment can be defined as the 
derivative of energy with respect to magnetization:

  (8)

At equilibrium, the magnetisation vector M is parallel to Heff and the total free energy reach-
es a minimum. The magnetisation configuration satisfying this condition is usually computed 
by integration of the Landau-Lifshitz-Gilbert (LLG) equation and given by,

   (9)

where, Ms is the saturation magnetization,  is the Landau-Lifshitz gyromagnetic ratio and  is 
the Gilbert(Landau) damping coefficient.
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To implement this formalism we have used the OOMMF package [6], which solves Equation 
(9) by implementing a first order forward Euler method with step size control on the Landau-
Lifshitz ordinary differential equation. Conventional terms for the various contributions to the 
local field and energy are included in the calculation. The exchange energy is computed via a 
six neighbour bilinear interpolation described in reference [7], with Neumann boundary condi-
tions and the magnetostatic energy is calculated using a Fast Fourier Transform based scalar po-
tential [6]. This original code has been built for micromagnetic modelling and we have adapted 
for the study of the MI effect. In this way we were able to observe the formation and movement 
of the magnetic domain walls inside the sample in function of frequency and field. One can also 
obtain the 3D distribution of the magnetization vector inside the sample that cannot be meas-
ured experimentally. 

4 Results

4.1 Further Work on Machado’s Model

We have already reported on the extension of the Machado model as referred in  [8]. Machado 
used the relaxation time ( ) calculated from dynamical susceptibility and values of Z were cal-
culated using Equation (6). By inverting the Equation (6) the dependence Z = Z ( ) can be trans-
formed in  =  (Z), having the following expression for the relaxation time:

    (10)

Our goal has been to simplify Equation (10) by using a mathematical fitting technique described 
in reference [7] and taking into account the variation of the relaxation time with field and fre-
quency. Experimentally obtained data on magneto-impedance of Fe and Co based ribbons were 
used for calculating the relaxation time as a function of frequency and dc magnetic field. The 
numerical technique has two steps as follows [8]:

Step one: a general expression shown in the Equation (6) can be converted to the following 
form:

(11)

The two components 1 and 2 are used to fit relaxation time as functions of frequency at a 
certain value of the field are pictured in Figure 4(a). It was observed that parameter a0 is nearly 
independent of the axially applied dc field, the values of a1 and a2 increases with the field as 
shown in Figure 4(b) as an example.

Step two: we considered the approximation of the first fit parameters by implementing their 
dependence with the applied dc magnetic field as shown in the Equation (12): 

(12)
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where, c0, c1, c2, c3 are constants that depend on the intrinsic magnetic properties of the sample.
In Figure 4b ai and ai fit  represent the values by fitting with Equation 11 and Equation 12 re-

spectively. Using Equation (7) and (8), the final expression for  takes the following form:

(13)

Experimental data on several metallic glass ribbons were used and the parameters c0, c1, c2

and c3 are extracted for each ribbon by implementing the fitting algorithm as previously de-
scribed. 

Evolution of the relaxation time for (Co67Fe4Mo15Si16.5B11) ribbons as a function of frequen-
cy for two field values is shown in Figure 5 as an example:

The MI effect, described by the Equation (1), with an applied dc magnetic field Hdc has been 
analysed. Figure 6 (a) to (c) show the plots of calculated dc field dependent MI Ratio and the 
experimental values for metallic glass ribbons with nominal compositions at three different fre-
quencies where the ribbons show maximum MI Ratio.

1
2

FIT2 0 2 3

c f
Hc e c c H f

Figure 4: (a) Relaxation time components and (b) Relationship between a0, a1 and a2 parameters as a function of 
axially applied dc magnetic field
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Figure 5: Relaxation time as a function of frequency for ribbon with nominal composition of 
Co67Fe4Mo1.5Si16.5B11

τ
(

μs
)

τ
(

μs
)

Frequency (MHz) Frequency (MHz)

τ
(

μs
)

τ
(

μs
)

Frequency (MHz) Frequency (MHz)



76

Calculated values of the MI ratio agree well with our experimentally measured MI ratio, see 
Figures 6 (a) to (c). In all cases, MI ratio increases with the frequency, showing a maximum at a 
certain frequency value and then decreases slowly. The small differences between the calculat-
ed and the experimental values can be explained by recalling the assumptions that are taken in 
the Machado et al. [1, 2] originally proposed model. In the first approximation, they assumed 
that the domain dynamics was limited by the wall motion and not by the magnetization rotation. 
But in a real situation, the domain dynamics is rather complex. At low frequency, the domain 
wall motion dominates magnetization. At intermediate frequency, the magnetization proceeds 
partly due to the domain wall motion and partly due to the magnetization rotation. At higher fre-
quency, magnetization is purely rotational. The frequency range of low, intermediate and high 
frequency is not well defined and it varies from material to material that have different magnetic 
and physical properties. 

5 Study of Magnetization Dynamics of the Ribbons Using LLG

We considered a distribution of the dc and ac magnetic field in the sample that can be ex-
pressed as follows:

   (14)total dc ac, 0 sin 2zH z t H i H e f t k

Figure 6: Plot of MI Ratio as a function of bias dc magnetic field from experimental and simulation results  on 
metallic glass ribbons of nominal compositions (a) Co71Fe1Mo1Mn4Si14B9, maximum MI Ratio found at 2 MHz, 
(b) Co67Fe4Mo1.5Si16.5B11, MI Ratio found at 8.7 MHz and  (c) Co71Fe2Mn4Si14B9 , maximum MI Ratio found at 3.8 
MHz
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where,   is the penetration depth of the ac field, f is the frequency of the ac field, Hac(0) is the 
maximum amplitude of the ac field at the surface of the ribbon, Hdc is the amplitude of the dc 
field, t is the time and z is the distance from the surface of the ribbon to the inner side along the 
z– axis in Cartesian co-ordinate system.

The calculation is to find the best matching parameters for an impedance value close to the 
experimental measured one. 

The information obtained from this simulation can provide not only the value of the suscep-
tibility of the sample but also details about 3D distribution of the magnetic spins and magnetic 
domain inside the sample that is not possible to achieve experimentally. From the 3D magneti-
zation map it is possible to see how the combination ac and dc field affects the magnetic spins 
and how are our results in respect with the Machado model predictions.

We must mention here that the Machado model is a semi-empirical model that is based on 
the measure of macroscopic parameters as impedance or frequency of the field but do not have 
the ability to introduce constraints that depend of the internal distributions of the magnetic 
spins. 

Figure 7 shows the magnetization (spins) distribution at different cross-section at the surface 
(x = 0 and z = 0) and inside of the ribbon under the influence of a combined ac and dc magnetic 
field.

As can be noticed, the magnetization dynamics in very different in the two cases. In the middle 
of the ribbon the formation of more like domains. One can, by analyzing the evolution in time 
and space of the magnetization spins, find important characteristics regarding domain wall for-
mation and movement. By comparing the simulated values of the relaxation time with the expe-
rimental measurements, an evaluation of the Landau damping factor, that is an intrinsic 
property of the material, can be made.

Figure 7: Magnetization vector distribution along (a) x-axis and (b) z-axis at various depth inside a ribbon with 
dimensions (100 × 50 × 20 m3) under the combined action of  a dc magnetic field (1200 A m–1) and an ac field 
(Amplitude = 375 A m–1 at 2.89 MHz)
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6 Conclusions

In the present study, the behaviour of the relaxation time at different field and frequency were 
analysed and a simplified model consisting of parameters that depend only with the intrinsic 
properties of the materials has been proposed. MI values were compared with a model proposed 
by Machado et al. According to this model, the impedance of the ribbon is related to the relaxa-
tion time. It was observed that the relaxation time obeys linear relationship with frequency at 
high magnetic field and an exponential relationship at low field. To this end, a general expressi-
on of the relaxation time as a function of ac frequency and dc bias magnetic field for soft ma-
gnetic ribbons was established.

On the other side, the LLG approach reveals important 3D characteristics of the MI phenom-
ena.
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1 Introduction

Commonly used catalysts in industry are composed of highly dispersed particles of precious 
metals or transition metal oxides on oxide supports. Both the particle size and the way of con-
nection between the support and the active compound have a strong influence on the activity 
and selectivity of the catalysts.

Oxides containing molybdenum or vanadium are effective catalysts for the oxidative trans-
formation of aliphatic and aromatic hydrocarbon. With these easily reducible metal oxides the 
oxidative dehydrogenation of propane to propene (ODP) runs in accordance with the Mars Van 
Krevelen mechanism according to which the hydrogen is abstracted by lattice oxygen from the 
alkane molecule. The anion gap arising is being closed by dissociative adsorption of oxygen 
from the gaseous phase (redouble oxidation of the catalyst) [1]. Bell and employees [2] [3] con-
cluded from spectroscopic examinations of the ODP that was the dissociation of the    C-H rela-
tionship and not the redouble oxidation of the catalyst which was kinetically limiting the whole 
process. It is expected that nano-particles show an increased oxygen diffusion towards the 
bulkoxides than compact oxide phases and therefore influence the activity of the catalyst posi-
tively. The highest propane conversion and propene selectivities were found when the catalyst 
contains vanadium as a so-called "single sites" on a greatest possible surface [4]. It is therefore 
expected that catalytic nano-particles on nano-structured surfaces also show a changed selectiv-
ity in the partial oxidation. 

The activity and selectivity of the catalysts depend decisively on the nature of the molybde-
num or vanadium species which are influenced each by the composition and preparation proce-
dure. 

Stelzer et al. [5] investigated catalysts with V2O5 and MoO3 based on different supports. The 
catalysts with MoO3 were the most selective ones, while the highest propane conversion and 
yields of propene were achieved with V2O5. In this examinations the inert part in the feed was 
only 40 Vol.% so that propene yield reached with a catalyst consisting of μm-TiO2-support and 
5 wt.% V2O5 was only 9 wt.%. 

Target: In this work, catalysts with hierarchical nano-structured design were prepared by 
various ways and their catalytic activity was tested on the basis of the model reaction of ODP. 
Two TiO2 supports were successively covered with one or two of the active compounds TiO2, 
V2O5 or MoO3. It was examined whether the combination and the order of the active com-
pounds have an effect on the activity of the catalysts. The ”intermediate layer” which consists of 
a active compound of some nm only and which is located between support and second active 
compound, is of special interest. 
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This way a rise of the surface shall be obtained which makes it possible to have the second 
active compound finely distributed on the intermediate layer surface. It is expected that nano-
scaled catalyst particles on nano-structured surfaces show an increased selectivity in the partial 
oxidation. There are two models of the composition of a catalyst [6] with a support and one or 
two active compounds (Figure 1).

2 Preparation 

2.1 Preparation of the Supports

2.1.1 μm-TiO2-support

For the preparation of the μm-support a laboratory spray drier (Anhydro, Denmark) with a 
drying chamber diameter of 1 m and a water evaporation rate of 7.5 kg/h was used. By the pro-
cess of spray-drying a commercial TiO2 powder (anatase) with average 200 nm size primary 
particles was shaped into approx. 30 μm size granules (Figure 2). For stabilization the granules 
had to be calcined in the surface diffusion regime (773 K) to encourage neck formation.

2.1.2 nm-TiO2-support

The nm-support prepared by the hydrolysis of titanylsulfate TiOSO4 · 2 H2O · H2SO4 at 280 K 
shows a primary particle size of 30 nm (Figure 2). 

Figure 1: Model of a catalyst built up from a support functionalized by one or two active compounds
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XRD investigations have shown that both the μm-TiO2-support and the nm-TiO2-support 
were found in the anatase modification. 

2.2 Preparation of the Catalysts

The transition metal oxides V2O5, MoO3 and TiO2 were chosen as catalytic active compounds. 
The two supports with different dimensions will be covered one or two times in various propor-
tions by one or two of these active compounds. The order of application of the active com-
pounds was changed.

Depending of the oxide there are three ways of the preparation.
V2O5: The support was mixed with V2O5 powder in a vibrating unit and heat treated at 773 K 

in air. This process is called spreading.
MoO3: A molybdenum precursor (NH4)6Mo7O24 · 4 H2O was precipitated on the surface of 

the support. 
TiO2: A titanium precursor Ti(OC3H7)4 was precipitated onto the support surface. The de-

fined titanisopropylate hydrolysed due to the presence of water causing hydroxide formation. 
The heat treatment at 673 K again induced the formation of TiO2 nano particles.

2.3 Catalytic Testing

For the catalytic experiments, a fixed-bed reactor (ø = 6 or 12 mm) made of quartz, operated at 
ambient pressure and equipped with on-line gas chromatography was used. A reaction mixture 
consisting of 40 Vol.% C3H8, 20 Vol.% O2 and 40 Vol.% N2 was passed through undiluted cata-
lyst (0.2–1 g; d = 250–355 μm) packed between two layers of quartz of the same particle size. 
Total flow rates from 10 to 150 cm3/min were used depending on the type of catalyst partial 
pressures of propane and oxygen, which were varied from 30 to 60 and 15 to 50 kPa, respective-
ly.  

Figure 2: SEM-image of hollow granules as μm-TiO2-support (left side) and TEM-image of nm-TiO2-support 
(right side)
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3 Physical and Chemical Characterization

3.1 Catalysts Based on the μm-TiO2-Support

Spray-dried TiO2 after calcination shows a specific surface of 4 m2/g. After covering with the 
active compounds the BET analysis showed an increase of the specific surface of hierarchical 
catalysts compared with the pure support in the range 9 to 12 m2/g. For catalysts with TiO2 as 
the active compound the specific surface is higher than for catalysts with V2O5 or MoO3. 

Table 1: Specific surface and content of active compounds of the layer close to the surface for 
the μm-TiO2-support

The surface area of the active component can be estimated from basic data applying a mixing 
rule 

SBET = SActive compound · xActive compound + SSupport · xSupport 

The values are in the range of more than 100 m2/g . Even for the high uncertainties of these 
values one may conclude a particulate morphology of the active compound and rather than of a 
covering mono-layer. These results were confirmed by the XPS data. The SEM/EDX micro-
graphs (Figure 3) show a relatively homogeneous distribution of the V- and the Ti-signals. 
However, the resolution of the EDX was much too rough for the detection of nano-particles. 

Thus, TEM-investigations were needed.
The assumption that the active compound is rather a particulate form and not a monolayer co-
vering continuously the support surface, is confirmed by TEM photos. Since the concentrations 
mentioned above cannot be proved with EDX/TEM, catalysts are prepared with 10 wt. % V2O5

to get the photos shown (Figure 4).

Support / Active compounds 
A/B

xActive compound

[%]
SBET 
[m²/g]

SActive compound

[m2/g]
Content of active compounds
XPS [At %]

calculated Ti Mo V

μm-TiO2-support, spray-
dried and calcined

4.0

μm-TiO2 / V2O5 1 9.2 ± 0.2 524 21.2 – 2.5

μm-TiO2 / V2O5 5 9.0 ± 0.1 104 20.4 – 3

μm-TiO2 / MoO3 1 9.3 ± 0.2 534 20.3 2.4 –

μm-TiO2 / MoO3 5 9.8 ± 0.2 120 18 3.9 –

μm-TiO2 / TiO2 1 12.0 ± 0.2 804 – – –

μm-TiO2 / TiO2 5 12.3 ± 0.2 170 – – –

μm-TiO2 / TiO2/V2O5 1/1 9.3 ± 0.2 216 22.0 – 0.5

μm-TiO2 / TiO2/MoO3 1/1 7.8 ± 0.4 156 18.6 0.5 –

μm-TiO2 / MoO3/V2O5 1/1 13.9 ± 0.2 400 22.3 0.9 0.5–
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The pure μm-TiO2-support shows amorphous layers on the surface. Insulated vanadium ox-
ide particles of up to 100 nm are located on the μm-TiO2-support. 

Figure 3: SEM-image and EDX-element distribution (Ti in the middle, V on the right side) of a μm-TiO2-support 
with V2O5

Figure 4: TEM-images of the μm-TiO2-support (left side) and a V2O5- particle on the μm-TiO2-support 
(right side)
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3.2 Catalysts Based on the nm-TiO2-Support

The prepared nm-TiO2-support has a specific surface of 140 m2/g which reduced to 119 m2/g af-
ter a heat treatment (673 K, 2 h). Being covered by active compounds the specific surfaces de-
crease even up to 58 m2/g.

The size of the specific surface of the catalysts depends decisively on the sequence of the re-
spective active compounds. Catalysts with TiO2 as the first active compound (intermediate lay-
er) have higher specific surfaces than catalysts with MoO3 or V2O5 as the first active compound.
This influence of the sequence of applying the active compounds is less pronounced in case of 
the nm-TiO2 catalysts with the active compounds V2O5/MoO3 and MoO3/V2O5.

EDX results show a good analogy between the theoretical and the measured amounts of mo-
lybdenum. The MoO3 is located on the surface of the nm-TiO2-support (Figure 5).

Table 2: Specific surface and content of active compounds of the layer close to the surface for 
the nm-TiO2-support

Support / Active compounds A/B xActive-compound

[%]
SBET 
[m²/g]

Content of active compounds
XPS [At %]

Ti Mo V

nm-TiO2-support 140.0

nm-TiO2-support, calcined 119.0

nm-TiO2 - TiO2/V2O5 2.5/2.5 65.5 ± 0.3 21.0 – 1.5

nm-TiO2 - V2O5/TiO2 2.5/2.5 58.9 ± 0.2 17.7 – 1.1

nm-TiO2 - TiO2/MoO3 2.5/2.5 104.8 ± 0.6 12.7 8.4 –

nm-TiO2 - MoO3/TiO2 2.5/2.5 89.1 ± 1.2 14.5 6.3 –

nm-TiO2 - V2O5/MoO3 2.5/2.5 66.7 ± 0.4 19.4 2.3 2.2

nm-TiO2 - MoO3/V2O5 2.5/2.5 71.8 ± 0.4 17.6 3.4 2.1

Figure 5: TEM-image: MoO3 on a nm-TiO2-support (left side), SEM-image: V2O5 and MoO3 on a nm-TiO2-sup-
port (right side)
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4 Catalytic Results

4.1 Catalysts Based on the μm-TiO2-Support

The different activities of the examined catalysts depend highly on the respective active com-
pound. Using a support with a constant amount of active compound (V2O5, MoO3 or TiO2) re-
sulted in a decrease of the propane conversion V2O5 » MoO3  TiO2. With a larger amount of all 
active compounds a higher propane conversion but a lower selectivity of propene was denoted. 
The yields of propene for catalysts with the same amount of 1wt % each of the two active com-
pounds increase from 1.7 % to 7.3 % in the sequence:

μm-TiO2-TiO2/MoO3 < μm-TiO2-MoO3/V2O5 < μm-TiO2-TiO2/V2O5 (Figure 6).

The catalytic effect of the hierarchical construction is more favorable than that of individual 
components. So the contact zone between the nano-particles of the active compound and the re-
spective TiO2 support is probably of special importance. The number of these contacts increases 
with smaller particle sizes (more contacts per square) and increasing amounts of active com-
pounds as long as the latter ones are located as isolated nano-particles on the support.

The yield of materials with a nano-scaled interlayer was almost twice of that without, both 
for a given V2O5-content. 

Figure 6: Catalytic results for the μm-TiO2-support with one or two active compounds (Feed 
C3H8/O2/N2 = 40/20/40; T = 773 K; contact time  = 0,75 [g s ml–1])
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4.2 Catalysts Based on the nm-TiO2-Support

The nm-catalysts behave especially selectively in ODP for nm-TiO2-TiO2/MoO3 and nm-TiO2-
MoO3/TiO2 combinations (Figure 7). These results agree with item [3] according to which the 
selectivity reaches approx. 80 % when a MoOx species is used as an active compound.

The selectivity of the material with a nano-scaled interlayer was higher even for a low V2O5

concentration (S[nm-TiO2-TiO2-1 wt.%V2O5 ] «  S [nm-TiO2-5 wt.%V2O5]).

5 Conclusion 

The hierarchically structured morphology of the catalyst enables a nano-scaled contact between 
the active compound and the interlayer. Thus, the influence of the support is of lesser im-
portance. The chemistry of the active compound and the interlayer, however, play a very im-
portant role. The combination TiO2-support with V2O5  in the appropriate morphology was 
responsible for the catalytic behavior. The same amount of V2O5 in another environment did not 
give as good results. The mechanisms for this behavior are not yet understood. 
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Figure 7: Catalytic results for the nm-TiO2-support with one or two active compounds (Feed C3H8/O2/N2 = 40/20/
40; T = 773 K; contact time  = 0,75[g s ml–1])
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Formation of Nanostructural Oxide Fibers

T. M. Ulyanova, N. P. Krut’ko, P. A. Vityaz 
Institute of General and Inorganic Chemistry NAS of Belarus 

1 Introduction

In different areas of science and technology studies are being made of objects with the size fac-
tor: nanocrystals, nanoclusters; nanostructural, nanophase, nanoporous materials and nanocom-
posites. A spectrum of the mentioned objects in continuously extended: from information 
recording structures, converters of different-type energy to new medical preparations and their 
carriers. Developing nanostructural technologies and materials provides the basis for electro-
nics, computer-aided techniques and in other fields of industry. Many investigations [1–4] are 
devoted to studying nanostructural materials and their properties. One of the most feasible me-
thods of synthesis is the use of the biomimicking when a prototype of a structure or architecture 
of substance is represented by the microstructure of a natural or synthetic organic object [5]. 

The aim of the present work was to explore the process of forming nanostructural fibers of 
alumina, zirconia, magnesia, titania and to study how their crystalline and porous structure de-
pends on the conditions of synthesis and heat treatment.

One of the variants of producing oxide nanostructural fibers is a method based on the ability 
of natural and synthetic polymers to swell in solutions and to absorb inorganic compounds or to 
form complexes. Hydrated cellulose fibers, felt, clothes served as an initial polymer, they were 
impregnated with aqueous solutions of metal salts and then dried. Hydrated cellulose was cho-

Figure 1: The spatial model of an elementary cellulose cell (a) and the structural model of elementary fibrils (b-
e): b – extended chain with alternating amorphous and crystalline regions; c – folded chains; d – conformation of 
interconnected chains; e – ribbon-shaped twisted folded chains
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sen because it is polysaccharide of complex architecture: its macromolecule is comprised of 
(3–36) 103 elementary links formed from anhydro-D-glucose. Elementary links are -glyco-
side bonded into chain-like molecules and incorporate three free hydroxyl groups of the second, 
third and sixth carbon atoms. Each final elementary link has 4 such groups [6]. 

Chain-like polysaccharide molecules form micelles that in their turn - fibrils and lamellas. 
As for a number of other natural polymers, the cellulose microstructure is a system of crystal-
lite-microfibrils surrounded by polycrystalline and amorphous regions. The cellulose structure 
as a whole is a complex system that in addition to microfibrils contains the very fine network of 
microscopic capillaries, micro- and macropores (Figure 1). All this forms a large inner surface 
in a fiber that is the governing factor in the processes of filling capillaries, pores and of sorbing 
aqueous and organic media with polymer molecules. As a result, hydrated cellulose undergoes 
swelling. The above-mentioned structure and properties of a polymer permit solutions of differ-
ent metal salts to be added and inorganic fiber materials to be prepared upon heat treatment.

2 Experimental

Hydrated cellulose filaments, an unwoven material (felt) or clothes were carefully cleaned and 
impregnated with solutions of aluminium, magnesium, titanium chlorides or with zirconium 
oxychloride. Fibers were dried and heat-treated in a special regime in the air over the tempera-
ture range 600-1600 °C [7]. Upon impregnation and drying of salt-containing hydrated cellulose 
fibers, their structure was examined, changes in geometrical size and mass of material samples 
were determined.

Thermal conversions of salt-containing fibers when heated were studied by the differential 
thermal analysis on a Paulic-Paulic-Erdei thermograph. Samples were heated in the air with a 
temperature rate of 5 °/min, a mass was 0.5 g. Highly cleaned Al2O3 served as a standard com-
parison substance. The fiber structure was analyzed using X-ray methods, IR spectroscopy and 
scanning electronic microscopy. A specific surface and absorptive ability of fibrous oxides were 
estimated through benzene vapors and nitrogen absorption by BET method (Brunauer-Emmett-
Teller), a mean size of aluminium oxide particles was calculated by the formula:

 (1)

where S is the specific surface, L is the mean particle size (diameter if it is a sphere),  is the so-
lid substance density, f is the coefficient, whose value varies from 6 for a spherical or a cubic 
shape to 2 if particles are small thin plates [8]. The data obtained by this formula can be adopted 
as estimations for comparison.

A radius pore volume distribution was calculated from the desorption curves by the Kelvin 
equation:

(2)

where rk is the pore radius,  is the surface tension and Vm is the molar volume of liquid conden-
sed adsorbate, po and p are the experimental values of the saturation pressure of adsorbate va-
pors , and of the equilibrium one of adsorbate vapors when the adsorbate content in a reactive 
vessel with a test sample is varied [8].

  /   S f L r

k m o2 / ln( / ),  r V RT p p
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The X-ray diffraction analysis was made on a diffractometer DRON-3 with a Ni-filter, CuK
radiation with a wavelength  = 1.5405 Å was used. To calculate a crystallite size the following 
reflexes were recorded: –Al2O3 - [440], -Al2O3 - [202], -Al2O3 - [012], MgO - [220], TiO2 -
rutile [110], anatase [101], ZrO2 of monoclinic modification - [111], of tetragonal - [111] and 
spinel MgAl2O4 - [440]. As standards use was made of the samples of fibrous zirconia, magne-
sia, titania and spinel annealed at 1500 °C with a high orderliness of a crystalline lattice. In X-
ray studies of alumina the -phase was determined through aluminium hydroxide gel thermally 
treated at 1400 °C and of the - and -phases – through aluminium hydroxide gel annealed at 
900 °C and 1100 °C, respectively.

Reflex broadening due to a size factor is related to a mean crystalline size by the Sherer for-
mula: 

(3)

where L is the crystallite size,  is the radiation wavelength,  is the physical reflex broadening, 
 is the half of an angle reflected from the crystalline plane of a ray, R is the distance from a 

sample to a detector of a reflected ray [9]. Taking into account that oxide fibers are produced in 
a freely poured state with no pressure, their microstresses are practically absent. Hence, the phy-
sical reflex broadening is caused mainly by the size of crystallites.

3 Result and Discussion

The process of swelling and sorption by hydrated cellulose fibers of salt solutions involved se-
veral stages. During sorption solutions rose via capillary channels into an interfibrillar space 
and first penetrated into the amorphous and then into the crystalline component of a polysaccha-
ride macromolecule. In this case, impregnating liquid was kept by cellulose both due to capilla-
ry, adsorption forces and due to chemical bond energy.

As hydrated cellulose is a stereoregular high-orientated polymer, anisotropy inherent in 
swelling manifested itself in changes of swollen fiber diameter (4–6 %) and in its length 
(11–17 %). In estimating polymer swelling the architecture of an initial hydrated cellulose fiber 
was not unimportant. In impregnating viscous fibers comprised of 60-70 monofibers, an in-
crease in fiber mass was 50–70 %, the mass of impregnated clothes increased by 110–125 %, 
upon impregnation of an unwoven material with a random location of short monofibers and a 
branched network of capillary channels its mass increased by 150–200 %. During heat treat-
ment of salt-containing hydrated cellulose fibers there proceeded complex physical-chemical 
processes, followed by considerable mass losses. Material heating up to 100 °C occurred with 
adsorbed water removal, in the temperature range 180–200 °C crystallization water of metal 
salts split off and polymer thermolysis started. Releasing hydrogen chloride speeded up the 
splitting of glycoside bonds of cellulose macromolecules. Above 250 °C metal salts dissociated 
and hydrated cellulose fibers oxidized. As a result, highly volatile substances disappeared, cel-
lulose fibers were turned to carbon fibers containing high-dispersed particles of metal hydrox-
ides or metal oxides. In the temperature range 350–550 °C carbon in the air burnt out, nanosized 
oxide grains at contacting places sintered to form nanostructural inorganic fibers. It should be 
noted that the macrostructure of oxide fibers was always identical to the structure of an initial 
polymer material irrespective of a type of absorbed metal salts (biomimicking) but the tempera-

 (0,94 / cos ),L R
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ture boundaries of forming oxide fibers depended on the nature of added compounds. As an ex-
ample consider the process of forming aluminium oxide fibers. 

According to the thermal analysis results, on heating of cellulose fibers impregnated with 
aluminium chloride three endoeffects were observed due to loss of adsorbed and chemically 
bound water in a polymer and in aluminium chloride crystal hydrate (Figure 2). 

The highest mass loss velocity was over the temperature range 200–360 °C. This is associat-
ed with organic matrix oxidation and carbon formation. This process in the DTA curve meant 
the first exoeffect superimposed with the endoeffect in the temperature range 330–360 °C. The 
latter is caused by heat absorption under thermal dissociation of aluminum chloride, because of 
which an intermediate product: hydroxide or aluminium hydroxochloride was formed. As the 
heating temperature increased from 400 to 600 °C, carbon burnt out, an intermediate product 
destructed, and fibrous alumina (second exoeffect) was formed. Oxide fibers with the preserved 
architecture of the initial polymer were produced from salt-containing hydrated cellulose mate-
rials.

Analysis of the crystalline structure of the formed alumina fibers showed that at heating up 
to 600–650 °C alumina was amorphous, i.e. a crystallite size is compared with a radiation wave-

Figure 2: DTA curves of hydrated cellulose fibers impregnated with the solutions of chlorides: aluminium (1), 
zirconium with yttrium (2), titanium (3), aluminium with magnesium (ratio as in the case of spinel) vs. heat treat-
ment temperature
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length. Upon heat treatment, at 700 °C it crystallized in the -phase. As the heating temperature 
of fibers increased up to 900 °C, the latter was transformed into the Al2O3 -modification. In 
this case, the fibers possessed a developed specific surface, high reactivity and were comprised 
of nanosized aluminium oxide grains. During annealing of fibrous aluminium oxide in the range 
1100–1200 °C its crystalline structure was turned to -corundum and was kept up to 1600 °C. 
To calculate a size of oxide grains in fibers, use was made of the X-ray method for determina-
tion of reflex contour broadening of synthesized material phases. Analysis of the results ob-
tained showed that as the annealing temperature of powders increased, particle sizes of alumina, 
titania and zirconia in different crystalline phases varied nonmontonically. So, e.g., at the begin-
ning of alumina -phase at 700 °C the reflexes were broadened, the particle size was 5–6 nm. As 
the temperature grew up to 800–850 °C, the particle size increased by a factor of 3–4. Alumina 
-phase crystallites grew. This pointed to the structure ordering. In the field of the crystallo-

graphic transition    (900 °C) substance underwent dispersing, the crystallite size again de-
creased up to 6–7 nm, then their value smoothly increased up to the next structural conversion 
to the -phase. The crystallites of the latter increased with growing annealing temperature 
1100–1500 °C from 40-50 to 300–350 nm (Fig. 3A). Zirconia crystallites of tetragonal and 
monoclinic modifications had the same behavior. A smooth growth of particle sizes with elevat-
ing heat treatment temperature broke down in the region of structural changes, followed by de-
structing initial phase crystallites and by decreasing their size (Fig. 3B). For comparison the size 
of Mg Al2O4 crystallites was calculated. The spinel formation was supported by the X-ray phase 

Figure 3: Variations of crystallite sizes of alumina (A) -phase - 1, -phase - 2, -phase - 3; zirconia (B) monoc-
linic phase - 1, tetragonal - 2; (C) spinel MgAL2O4 vs. annealing temperature
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analysis after a salt-containing polymer had been heated up to 500 °C. Down to 1250 °C spinel 
reflex contours [400] were broadened, and at 1300 °C substance started crystallizing. Calcula-
tion of crystallite sizes showed that their value increased from 10 to 20 nm over the temperature 
range 600–1200 °C and to 90 nm at 1600 °C (Fig. 3C). As the spinel did not undergo crystalline 
structure changes, no dispersing of crystallites and breaks in the curve for the crystalline size vs. 
temperature were seen.

The X-ray data are supported by the electronic microscopic analysis. Grains in oxide fibers 
are well seen on the microphotographs of material samples upon their 1100–1500 °C heat treat-
ment (Fig. 4). 

Oxide fibers are complex in architecture, have a high porosity and a specific surface. This is 
attributed to the presence of nano-sized particles and a branched network of microchannels and 
nanopores. To evaluate the porosity nature, a limiting sorption volume and a value of a specific 
surface of fibrous alumina materials, attempts were made to study benzene vapor adsorption by 
oxide fiber samples in vacuum at a residual pressure of 1 10–5 mm Hg. The experimental re-
sults have demonstrated that fibrous alumina are characterized by the mesoporosity (pore size is 
2–5 nm). This is supported by the available hysteresis loops on the isotherms for adsorption-de-
sorption of benzene vapors (Fig. 5). In addition, there is a small percent (up to 10 %) of micro-
pores which are filled with adsorbate in the low-pressure range (initial sections of the 
adsorption isthoserms). The shape of the isotherms for benzene vapor adsorption permits us to 
state that slit-like mesopores are present in Al2O3 fibers. The radius pore volume distribution 

Figure 4: The microstructure of zirconia fibers annealed at temperatures: 700  oC - 1, 1000  oC - 2, 1200  oC - 3,       
1500 oC - 4
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has shown that upon heat treatment of fibrous aluminium oxides over the temperature range 
700–800 °C, in addition to slit-like pores bottle-shaped ones with a neck diameter of about 4 nm 
are formed in monofibers. This is sustained by S-shaped curve 2 in Fig. 5. As a whole, when the 
heat treatment temperature of materials increased above 1100 °C, the hysteresis loops of the ad-
sorption-desorption isotherms were narrowed down, the values of a sorption volume and a spe-
cific surface decreased. In this case, the micro- and mesopores in fibers were closed and 
macropores (more than 100 nm in size) were formed. The materials sintered and reinforced. 

As the heating temperature of fibers increased from 700 to 1600 °C, the picnometric density 
of fibrous alumina varied from 0.6 to 1.4 g/cm3, the total porosity of a material decreased from 
90 to 45 %, the mean monofiber diameter was equal to 2-4 m, the size of pores constituted 
0.5–2.0 nm and that of mesopores was 2.0–10.0 nm, the specific surface decreased from 150 to 
15 m2/g. An alumina filament consisting of 60 monofibers and annealed at 900 °C withstood a 
load of 24 g. 

Thus, by varying a heat treatment regime it is possible to arrange goal-directed control of the 
physical-chemical properties of nanostructural fibrous materials. 

4 Conclusion

The study performed permitted us to establish the mechanism for formation of fibrous oxide 
with a complex architecture, including metal oxide nanoparticles, nanopores and microcapilla-
ries.

Figure 5: The adsorption-desorption isotherms of benzene vapors formed by nanosized fibrous alumina annealed 
at temperatures: 650 oC - 1, 750 oC - 2, 900 oC - 3 and 1100 oC - 4
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Based on the calculations of crystallite sizes, it is found that crystallographic transformations 
of fiber oxides cause substance to disperse. Structural changes in fibrous oxides are followed by 
varying the porosity nature and pore size. The obtained regularities permit us to predict the 
properties and to control the technology of producing nanostructural fibrous oxide materials. 
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1 Abstract

In material science, the ability to create nano-particles with accurately controlled characteristics 
is very important for nano-structured materials fabrication. This paper deals with the specific 
case of Si3N4/SiC structural ceramics, for which it is highly important to obtain materials exhi-
biting plastic deformation at high temperature. Such materials could be suitable to design cera-
mic pieces with complex geometry as those produced from powder metallurgy.

In silicon nitride based ceramics, the small size and the equiaxed shape of the grains consti-
tuting the material are two important parameters in favour of high temperature deformation. 
Therefore, SiCN nanosized powders are real candidates as starting materials to elaborate dense 
Si3N4/SiC nanocomposites exhibiting the microstructure required for ductility at high tempera-
ture.

SiCN nanopowders with different chemical compositions and characteristics (degree of crys-
tallisation, thermal stability…) have already been prepared by CO2 laser pyrolysis of gaseous or 
liquid precursors. The drawbacks were the high cost and danger of gaseous precursors (silane) 
and/or the low thermal stability of powders obtained from liquid precursors, which made sinter-
ing very difficult.

In this study, we demonstrate that SiCN nanopowders with a good thermal stability can be 
prepared from the aerosol laser pyrolysis method and can be used to elaborate nanocomposites 
by hot forming. Thus, the effects of various synthesis parameters, such as the chemical nature of 
the precursor and laser power, on the degree of crystallisation and on the thermal stability of na-
nopowders are investigated. Powders characteristics such as chemical composition, morpholo-
gy, structure and thermal stability are reported. A correlation between the powders synthesis 
conditions and their thermal stability is established. Synthesis parameters leading to an im-
provement in thermal stability are determined. Preliminary results about high temperature de-
formation properties of dense nanocomposites elaborated from these powders are reported.

2 Introduction

Materials for structural application at high temperature need an improved fracture toughness, 
thermal shock resistance, oxidation resistance and a good creep behaviour… In the last years, 
special attention has been paid to superplastic deformation of Si3N4/SiC nanocomposite materi-
als. [1] Indeed, plastic deformation at high temperature of such hard materials would be useful 
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to fabricate ceramic parts with accurate dimensions, as it is usually the case for metals. To 
achieve such a property, it is necessary to elaborate the materials from SiCN nanopowders with 
the following characteristics : nanometric size, round shape and narrow size distribution. 

Powders obtained from the CO2 laser pyrolysis method exhibit such properties. SiCN nanop-
owders could be obtained with controlled chemical composition and size from a mixture of gas-
eous precursors (silane, acetylene, monomethylamine). The creep behaviour of Si3N4/SiC 
nanocomposites elaborated from these SiCN nanopowders was found promising for high tem-
perature deformation [2, 3]. The main drawbacks for the use of such powders were the high cost 
and the experimental dangerous aspect of the process due to the presence of silane precursor. To 
decrease at the same time time cost and danger, SiCN powders were synthesized from a liquid 
precursor (hexamethyldisilazane, HMDS). These powders exhibit a high weight loss during 
heat treatment at high temperature [4, 5] which makes them very delicate to use for materials 
fabrication. In a recent work, we demonstrated that it was possible to obtain nanopowders with 
good thermal properties by adding a minor phase of silane to HMDS [6]. In the present paper, 
we report some complementary results on the characterisation of these powders, the elaboration 
of Si3N4/SiC nanocomposite materials from these powders. The first results about the creep be-
haviour of these nanocomposite materials are also presented.

3 Experimental

This section briefly presents the most salient features related to the synthesis method and to the 
procedure used for the elaboration of the dense materials from the nanopowders.

3.1 Synthesis and Characterization of the Powders

The powders were obtained from the laser synthesis method which has already been described 
in several publications [see for example ref. 4]. An aerosol of HMDS was generated in a glass 
jar (aerosol generator : Pyrosol model from RBI, Meylan, France) and carried to the reaction 
zone by argon gas. The gaseous silane was mixed with the HMDS aerosol droplets before rea-
ching the reaction zone. In the present case the laser power was 720 W. Concerning the silicon 
precursors, the chemical composition of the reactive phase was 80 % HMDS and 20 % silane. 
The nitrogen content was adjusted by adding a NH3 flow. Rather large quantity of powders (
100 g.) was prepared in order to carry out detailed material study.

Chemical analysis of the powders were obtained from CNRS, Laboratoire Central d'Analyse, 
(Vernaison, France). The powders were characterized by infrared spectroscopy, X-Ray diffrac-
tion and Transmission Electron Microscopy (TEM) at low and high resolution. A Jeol 2010 mi-
croscope equipped with EDS and a Topcon 02B for HRTEM were used. 

3.2 Elaboration of the Materials and Compression Tests

To elaborate the materials, the SiCN nanopowders were mixed in ethanol with commercial sin-
tering aids (6 wt% yttria and 3 wt% alumina) and de-agglomerated by milling with Si3N4 balls 
according to the procedure described in [7, 8]. Y2O3 was a micronic powder purchased from 
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Prolabo (SBET = 3.5 m2/g) while Al2O3 was a nanometric powder obtained from Marketech 
(SBET = 48.4 m2/g). The mixture was then dried under air in an oven (12 hours, 90°C). The green 
body obtained from this powdery mixture exhibit about 30 % of the theoretical density and was 
sintered by hot-pressing under 35 MPa in a nitrogen atmosphere using the temperature ramp gi-
ven by Doucey [3, 9]shown in Figure 3. The microstructure of the sintered materials was obser-
ved by TEM. The creep behaviour was studied under compression in air on parallelepipedic 
samples (7 × 3 × 3 mm3).

4 Results and Discussion

It was previously shown that the thermal stability of powders was related to their physical (de-
gree of crystallization...) and chemical characteristics (carbon content in excess...). Therefore, 
according to this thermal stability criteria [10], one powder sample was selected to elaborate the 
Si3N4/SiC material and only the results related to this sample are presented here.

4.1 Powder Characterization

Table 1 presents the chemical composition of the SiCN nanopowder used in this study and its 
decomposition in terms of stoichiometric compounds. This analysis shows that the powder con-
tains, as it was planned a low amount of excess carbon compared to the stoichiometric com-
pounds.

Table 1: Chemical analysis and decomposition in stoichiometric compounds of the SiCN nano-
powder (wt%)

Si C N O H Si3N4 SiC SiO2 C

56,1 5.9 30.1 7.3 0.6 75.8 6.3 13.8 4.1

Figure1: X-Ray diffraction diagram of SiCN nanopowder
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XRD data (Figure 1) show no well defined diffraction peaks resulting. However, some large 
structure at the position of crystallized Si3N4 (e.g. near 35°) were interpreted as traces of Si3N4

crystallization [6]. This interpretation is confirmed by the HRTEM picture shown in Figure 2. 
This picture clearly shows the presence of crystallized Si3N4 nano domains with a typical diam-
eter of 2–3 nm.

4.2 Densification and Characterization of Si3N4/SiC Composites

Figure 3 presents together the temperature ramp (left scale) used during the sintering process 
and the densification behaviour (right scale) as a function of time. Densification begins at 
1550 °C and increases during the dwell step at 1600 °C. At the end of the sintering treatment, a 
fully dense sample was obtained. 

Figure 2: High Resolution picture of nanopowder, some nanodomains have been arrowed on the micrograph

2.5 nm

Figure 3: Densification behaviour of the SiCN + Al2O3 + Y2O3 sample
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After the sintering treatment, one of the main question is the stuctural organisation of the 
composite. The presence of a minor Si2N2O phase, identified by XRD [Amamra2003], has been 
correlated with the drying step before the sintering step. A complete analysis of this phenome-
non is presented in [10, 11] Figure 4 shows the microstructure obtained after the sintering. It 
consists in equiaxed -Si3N4 grains (d  60 nm) embedded in an intergranular glassy phase. SiC 
precipitates, with sizes less than 20 nm, are located inside the Si3N4 and Si2N2O, grains. Larger 
ones (d  100 nnm) are in intergranular positions. However, the most salient feature is that the 
microstructure remains in the nanometric range and is mainly composed of equiaxed grains 
(mean grain size 60 nm). Such characteristics are mandatory to achieve the deformation proper-
ty of the composite.

Figure 4: TEM micrographs of the sinteres samples
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Figure 5: Creep curves at 1350 °C under different stresses
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4.3 Creep Behaviour

The creep behaviour was assessed under compressive loading in air at 1350 °C. Figure 5 pre-
sents the isothermal creep curves for stresses ranging from 45 to 180 MPa. 

The creep curves show a short primary stage followed by a long pseudo-stationary stage 
characterized by a slowly decreasing creep rate. This kind of behavior is usual in silicon nitride 
based ceramics. However the nanosize of the microstructure allows deformation as high as 
40 % without cracks forming or barrelling as shown in Figure 6

Figure 6: Optical pictures of a nanocomposite sample before and after compression creep test
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Figure 7: Comparison of the creep curves under 180 MPa at 1350 °C for various composites (a) : present sample 
(b) Si3N4-SiC nano-nano composite (from doucey 99) (c) Si3N4 monolith (from Ros 95) (d) Si3N4-SiCN Micro-
nano composite (from Mayne 97)
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Figure 7 presents the creep curves obtained under the same conditions (180 MPa, 1350 °C) 
for the present nanocomposite, a nanocomposite and a micro-nano composite processed with 
nanopowders synthesised from gaseous precursors (SiH4 + CH3NH3 + NH3) and a monolith 
Si3N4 material used as a reference [12]. All these samples were processed with the same amount 
of additives (6 wt% Y2O3 + 3 wt% Al2O3) and must therefore contain similar amount of glassy 
phase. The main structural difference is the grain size decreasing from sample (d) to (a), result-
ing in an increasing ductility.

An annealing treatment for 5h at 1750°C converts the as-sintered equiaxed structure into an 
acicular one due to the anisotropic growth of the -Si3N4 grains. This change results in an im-
provement of the creep resistance, as shown in Figure 8 where the strain is divided by three af-
ter the annealing treatment. This results is encouraging because ceramic devices should not any 
more be deformed when they are used as structural parts.

5 Conclusion

This paper has shown that it is possible to use nanopowders to obtain Si3N4/SiC nanoceramic 
materials. Related to their fine microstructure, these materials exhibit a high ductility and ap-
pear well suited to hot forming of near-net shape parts, which can be converted in acicular 
microstructure with improved creep resistance as required in operation. As pointed by several 
authors, the next step will be to synthesize nanopowders where the sintering aids are added du-
ring the synthesis and to investigate the properties of these powders One interesting point would 
be to study the ability for sintering of such nanopowders because the mixing step which makes 
the sintering step time consuming would be suppressed. 

Figure 8: Creep curves at 1350 °C under 90 MPa before and after annealing treatment at 1750 °C for 5 h
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1 Abstract

The non-hydrolytic sol-gel process has been used for the synthesis of organically-modified sili-
cas (ormosils). The effect on morphology of the ormosil particles has been investigated using 
different solvents, types of stirring, and additives such as surfactants or polystyrene. The pro-
ducts are organic-inorganic hybrid (nano)composite materials where the organic modifications 
(methyl, ethyl, hexyl or phenyl groups) are covalently attached to silicon.

2 Introduction

The sol-gel process is a synthetic method that offers access to a wide range of materials with 
very different physical and chemical properties. The sol-gel process involves the generation of 
colloidal suspensions (sols) of solid particles in a liquid. During the process, these colloids are 
converted to viscous gels (gelation) and then to solid materials [1]. 

The non-hydrolytic sol-gel (NHSG) route is based on the direct polycondensation between a 
metal halide and an oxygen donor (such an alkoxide, ether or alcohol) under non-aqueous 
conditions2. The products of the reaction are an inorganic oxide and an alkyl halide. 

The accepted mechanism of the NHSG process (Figure 1) proceeds via the coordination of 
the oxygen donor to the metal centre of the metal halide. The halide is then able to attack (nu-
cleophilic substitution) the -carbon in the alkoxide group and cleavage of the carbon-oxygen 
bond leads to an oxide linkage [2–5]. 

When silicon is the metal centre (less reactive than other metals), this reaction works only 
with tertiary, benzylic and allylic carbon groups, which are able to stabilise a carbocation [6,7]. 
If primary or secondary carbon groups are used, a Lewis acid such as iron(III) chloride is neces-
sary to catalyse the condensation.

The synthesis of organic-inorganic hybrid materials has received much attention in recent 
years because of the possibility of developing materials with unique structures and properties. 

Figure 1: Mechanism of the non-hydrolytic sol-gel condensation [2–5]
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There has been an increase in the number of publications dedicated to this topic, including some 
interesting reviews [8–15], indicating the growing interest of chemists, physicists and materials 
researchers in this new area. 

Combining inorganic components with organic moieties on a microscopic or nanoscopic 
scale needs a formation process of the inorganic network which is compatible with the thermal 
stability of the organic components. Organic materials can rarely survive temperatures higher 
than 200 °C, but classical inorganic methods commonly work around 1000 °C. The sol-gel 
process overcomes this limitation and permits low temperature routes to organic-inorganic hy-
brids[1]. 

The synthesis of organic-inorganic hybrids via the conventional sol-gel process (hydrolytic 
route) has been intensively explored over the last 20 years or so [3,8,9,12,13,16–22]. However, 
relatively little research has been carried out in the field of hybrids via the non-hydrolytic sol-
gel route, and the different kinetic and electronic factors during the process offer an alternative 
route to some hybrids whose synthesis using the hydrolytic route may have problems such as in-
compatibility of the precursors with water [23]. 

Those hybrids with organic groups attached to silicon are often abbreviated as Ormosils 
(ORganically MOdified SILicas or silicates). They are defined as silicate networks (inorganic 
component of the hybrid) that are organically modified by the covalent attachment of small or-
ganic groups to some or all the silicon atoms in the network [23]. The non-hydrolytic route to 
produce ormosils has been researched in the last few years mainly by two groups in Surrey 
(UK) [24, 25] and Montpellier (France) [26, 27] independently. 

In this paper, the synthesis of ormosils via the non-hydrolytic sol-gel process is described. 
Different conditions of the process have been investigated in an attempt to produce micron or 
sub-micron particles of uniform shape. The general reaction of the process consists of the direct 
polycondensation of tetraalkoxysilane (oxygen donor) with different trichlorosilanes (Eq. 1).

(1)

3 Experimental

3.1 Procedure

The method used to synthesise the ormosil materials was the non-hydrolytic sol-gel route to 
oxides previously reported [6, 28, 29] but using organically modified precursors (alkyl chloro-
silanes) that are commercially available. 

In the past, the synthesis of these ormosils was carried out in an uncontrolled way [24, 25]. In 
the present work, the production of controlled morphology particles has been targeted under 
„pseudo dispersion polymerisation“ conditions. This investigation involves the search for the 
optimal conditions for the reaction trying different solvent mixtures, stirring methods and 
speed, and effects of different additives (surfactants and polystyrene).

In a typical experiment, methyl-modified silica (CH3Si1.75O3) was formed by reacting meth-
yltrichlorosilane [MTCS] (3.89 g, 26 mmol) with tetraethyl orthosilicate [TEOS] (4.00 g, 
19 mmol) in the presence of iron(III) chloride catalyst (0.08 g, 1 wt. % based on weight of reac-

3 4 1.75 3 n

3 2 5 6 13 6 5

RSiCl +0.75Si(OEt) RSi O +3EtCl

(R=CH , C H , C H , C H )
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tants), using a mixture of toluene (4.5 ml) and petroleum ether (100–120 °C) (13.5 ml) as the 
solvent. The reaction was carried out under nitrogen flow. A mechanical stirrer was used during 
the reaction. The mixture was stirred at room temperature for 2 hours, and then the temperature 
was increased to reflux temperature (110 °C). The reaction was kept under these conditions for 
20 hours. The resulting solid was filtered and washed with diethyl ether. The obtained solid was 
dried in a vacuum oven at 60 °C for 8 hours to yield a dark powder (2.89 g, 99 %). The charac-
terisation methods used are described elsewhere [25]. 

Elemental analysis gave C, 12.1; H, 3.29 % (calculated: C, 10.7, H, 2.67 %). The FT-IR 
spectrum showed C-H stretching vibrations at 2970–2950 cm–1, a Si-CH3 deformation band at 
1275 cm–1 and asymmetric Si-O-Si stretching vibrations at 1010 cm–1. 

4 Results and Discussion

The synthesis of a range of organically-modified silicas has been carried out using the non-hy-
drolytic sol-gel route. The reaction is based on the direct polycondensation of TEOS with diffe-
rent alkyltrichlorosilanes (methyl-, ethyl-, hexyl- and phenyltrichlorosilane) using iron(III) 
chloride as catalyst (Eq. 1). 

During the synthesis of the ormosils, satisfactory yields were obtained in most cases (yields 
were calculated based on the theoretical empirical formula of the product), and the elemental 
analysis figures were obtained in reasonable agreement with the theoretical values. In some cas-
es, the yield was over 100 %. It was assumed that this could be due to two main reasons: there 
was still solvent present in some of the products, as can be seen in the IR spectrum of a typical 
ormosil product (Figure 2 left); also some of the reactions did not go to completion, as is shown 
in the 29Si NMR spectrum (Figure 2 right). 

A typical 29Si DP MAS NMR spectrum of an ormosil showed a mixture of T (mono-substi-
tuted silica) and Q (unmodified silica) species, as expected (Figure 2 right). In the spectrum the 
most intense peaks were T3 (–64 ppm) and Q4 (–109 ppm) species, which means that the pre-
dominant silicon species in the sample were RSi(OSi)3 and Si(OSi)4 (when doing direct polari-
sation the relative intensities are quantitative). However, Q3 species (–103 ppm) were also 
observed, which means that there were some oligomers such as (EtO)Si(OSi)3 within the prod-
uct, confirming that the polycondensation did not proceed to completion. The absence of T0 and 
Q0 species indicated that there was no unreacted monomer within the product.

In the past, the non-hydrolytic sol-gel process has been used for the synthesis of ormosils in 
the absence of solvents24,25. However, the use of a solvent potentially offers some control over 
the product morphology. The solvent was carefully selected so that the precursors were soluble 
at the start of the reaction, with the ormosil precipitating out as the reaction progresses. Due to 
the totally opposed polarities of the organic content (alkyl or aryl substituents) and the silica 
network, it was thought that the process may behave like a dispersion polymerisation, with the 
organic groups projecting into the non-polar solvent, and the inorganic polar silica forming the 
core of the resulting particles. Spherical particles were expected to be formed as a result of the 
steric stabilisation of these particles.

Different solvents were tested during the first part of the work, including various mixtures of 
toluene and petroleum ether (100–120 °C). The relative proportions of the two solvents were 
found to influence the degree of aggregation of the smallest particles; as the solvent is richer in 
petroleum ether, the aggregation diminishes. The best balance of catalyst solubility and reduced 
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aggregation was found with a 25:75 % mixture of toluene and petroleum ether respectively. In 
many cases, large aggregated, irregular particles of diameter > 100 μm were obtained, but in 
some cases these could be clearly seen to consist of much smaller (a few μm) individual parti-
cles.

The non-hydrolytic sol-gel synthesis of these ormosils goes through a „pseudo-dispersion“ 
polymerisation process, therefore the final properties of the hybrids strongly depend on the de-
gree of phase dispersion. Thus, by increasing the speed of stirring during the process, the size 
and distribution of the primary particles is expected to change. Using an ULTRA TURRAX® T 
25 high speed, high shear stirrer, beneficial effects on reducing particle size and aggregation 
were found. The smallest (irregular) particles were found to have diameters of approx. 1 μm.

The use of surfactants (surface active agents) was thought to be one possible way to control 
the structure of the hybrids during their formation. The surfactants reduce the interfacial energy 
between the hybrid particles, stabilising the dispersion formed. Thus, surfactants were expected 
to control the aggregation of the smallest particles, and hence some structural properties of the 
ormosils.

Five different surfactants within a homologous series of non-ionic polyoxyethylene ethers 
with different polarities (HLB values, Table 1) were selected:

Figure 2: Left: IR spectrum of hexyl-modified silica synthesised using a mixture of solvents (toluene:petroleum 
ether 25:75 %) and Brij® 52 (5 wt. % based on weight of reactants) as additive. Right: 29Si NMR spectrum of 
methyl-modified silica synthesised using a mixture of solvents (toluene:petroleum ether 25:75 %) and high speed 
stirrer.
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Table 1: Surfactant data from Sigma-Aldrich

Brij® 52 appeared to be the most effective surfactant in producing more regular shaped pri-
mary particles of ca. 1 μm diameter, while the other surfactants were effective in reducing the 
overall level of aggregation. One of the concerns was that during the work up process, when fil-
tering the product, the small particles could pass through the filter, losing them. The experi-
ments with Brij® 52 as additive were repeated with a change in the typical procedure: the gel 
obtained was left to dwell in a desiccator with P2O5 for 2 days at room temperature. Spherical 
particles (Figure 3) were obtained when synthesising methyl-modified silicates. The size distri-
bution of these spherical particles was quite broad, from ca. 100–200 nm to 1–2 μm in diameter. 
The aggregation degree of these spherical particles was not improved using this new method, as 
can be seen in SEM pictures (Figure 3). 

The size of the organic moiety was found to be an important factor in the structure of the hy-
brid, because under certain conditions (using Brij® 52 as surfactant) spherical particles were ob-
tained using methyl substituents, while under the same conditions, the ethyl-modified silicate 
particles were found with irregular shapes. 

Viscosity has been investigated as a possible parameter to control the size and morphology 
of metal particles [30] (it permits the control of the aggregation step of the growth mechanism); 

Commercial 
name

Name Structure HLB Molecular 
weight 

Brij® 52 Polyoxyethylene 2-
cetyl ether

C16H33(OCH2CH2)nOH n~2 5.3 330 g.mol–1

Brij® 30 Polyoxyethylene 4-
lauryl ether

C12H25(OCH2CH2)nOH n~4 9.7 362 g.mol–1

Brij® 98 Polyoxyethylene 20-
oleyl ether

C18H35(OCH2CH2)nOH n~20 15.3 1,150 g.mol–1

Brij® 92 Polyoxyethylene 2-
oleyl ether

C18H35(OCH2CH2)nOH n~2 4.9 357 g.mol–1

Igepal® co-210 Polyoxyethylene 2-
nonylphenyl ether

4-(C9H19)C6H4(OCH2CH2)nOH  n~2 4.6 308 g.mol–1

Figure 3: Scanning electron micrographs of methyl-modified silica synthesised using 25:75 % toluene:petroleum 
ether as the solvent and Brij® 52 as the surfactant without filtering the resulting gel
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a possible way to increase the viscosity of the reacting medium is the use of polystyrene as an 
additive. Polystyrene present in a colloidal suspension may control the group-wise behaviour of 
the colloidal particles. 

Different amounts of different polystyrenes (different molecular weight) were tested. The 
morphology of the obtained products was not very different from previous results. Irregular, ag-
gregated hybrid particles were obtained with a size ranging from 0.5 μm to 5 μm. However, 
when increasing the viscosity significantly using 20 % (percentage based on weight of the sol-
vent used) of polystyrene (Mn ca. 45,000), spherical shapes were found in some of the primary 
particles (Figure 4).

The long polymer chains of polystyrene could interfere in the normal nucleation and growth 
stage of the ormosil and thus modulate the shape of the particles during their formation process. 

5 Conclusions

A variety of sol-gel synthetic routes have been studied in an effort to produce organic-inorganic 
hybrid (nano)particles. The use of a non-hydrolytic sol-gel route successfully produces hybrid 
ormosils, whose morphology can be varied depending on the nature of the solvent (a mixture of 
toluene and petroleum ether (100–120 °C) (25:75 %) was found to be the most effective in redu-
cing the aggregation of the smallest particles); the type of stirring (a decrease in the particle size 
was achieved when using a high speed stirrer); the presence, type and concentration of surfac-
tant (Brij® 52 was found to be the most effective, achieving spherical particles in the size range 
of 100 nm–1μm, Figure 3); and the presence and concentration of polystyrene as additive during 
the synthesis (20 % of polystyrene [Mn ca. 45,000] based on the amount of solvent was found to 
be partially successful producing spherical particles with relative low aggregation, Figure 4).

Four different organic groups (methyl, ethyl, hexyl and phenyl) were introduced into the hy-
brid to evaluate how the organic content affects the morphology of the resulting ormosil. The 
size of the organic moiety was found to be an important factor in the structure of the hybrid. 

For the first time, some control over the product morphology during the NHSG synthesis of 
ormosils has been achieved. In the past, ormosils have been synthesised in a NHSG solvent-free 
route, but no control over the morphology of the particles was achieved [48,49]. In the present 
work, the use of solvents in which the precursors are soluble, lead to ormosil spherical particles, 

Figure 4: Scanning electron micrographs of methyl-modified silica using 20 % (based on weight of solvent) of 
polystyrene (Mn. ca. 45,000) during the non-hydrolytic sol-gel synthesis
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where the inorganic content (silica) of the hybrid formed the core of the particles and the organ-
ic groups projected into the non-polar solvent surrounding the inorganic oxide.
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Grain Boundary Microanalysis in Al2O3-SiC Nanocomposites
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1 Introduction

1.1 Al2O3/SiC „Nanocomposites“

Niihara and Nakahira [1] first investigated the use of fine (< 0.3 m) particulate SiC reinforce-
ment in polycrystalline alumina (Al2O3/SiC „nanocomposites“). They found that for nanocom-
posite bend strength was 1050 MPa (350 MPa for Al2O3) and toughness was 4.8 MPa.m½ (3.5 
MPa.m1/2 for Al2O3) [1]. Attempts to replicate this work have resulted in less dramatic bend 
strength increases, typically in the range 500 to 800 MPa [2, 3, 4]. The current consensus is that 
little or no toughening occurs in nanocomposites [5].

Despite controversy over the existence and magnitude of strength and toughness increases, 
all researchers report a clear change in fracture mode. The addition of silicon carbide causes the 
nanocomposites to fracture transgranularly, rather than intergranularly, which is typical of alu-
mina [1,6]. Another agreed effect of the nanocomposite additions is the change in wear behav-
iour. After polishing, the nanocomposites showed better surface quality than alumina polished 
under the same conditions [2, 4].

1.2 Strengthening Mechanisms

The strengthening mechanism in nanocomposites is unclear. It is known that residual stress ari-
ses on cooling from processing temperatures due to thermal expansion mismatch between the 
phases [7, 8]. The associated stress fields will influence crack propagation. However this would 
be expected to affect toughness, in contrast to observations. Another effect of the particulate ad-
dition is to limit grain growth. Smaller grains limit flaw size and increase strength, although not 
by a sufficient magnitude to explain the strength increases.

TEM observations show that ground and polished nanocomposite surfaces exhibit plastic de-
formation to greater depths than do alumina surfaces, and that dislocation glide is the predomi-
nant deformation mechanism, rather than via twinning as in alumina [9]. This results in greater 
compressive residual stress in the nanocomposite surface [10].

Niihara and Nakahira reported a dramatic increase in strength of nanocomposites after an-
nealing at 1300 °C from ~ 1000 to ~ 1500 MPa [1]. Cracks are observed to heal in nanocom-
posites during annealing [10, 11], possibly by oxidation of SiC leading to the formation of 
mullite which bonds cracks. In addition, surface residual machining stress is found to persist af-
ter annealing nanocomposites but relaxes for alumina [12]. The combination of crack healing 
and the retention of surface residual stress can explain how annealing acts to increase the bend 
strength of nanocomposites.
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The change in wear behaviour is linked to the change in fracture mode. In wear of alumina 
whole grains become detached from the sample when intergranular cracks propagate around a 
whole grain. In the nanocomposites, this occurs to a much reduced extent; instead, wear appears 
to be by plastic flow. This suggests that grain boundaries are strengthened in nanocomposites.

Jiao and Jenkins [13] observed the deflection of cracks into grains by intergranular SiC parti-
cles. While this may not provide a toughening mechanism, it is consistent with an improvement 
in wear properties. If intergranular cracks are deflected into grains less grain pull-out will occur. 
Thermal mismatch provides a possible mechanism for wear behaviour modification, by similar 
deflection of intergranular cracks by residual stress fields around particles [8]. The two mecha-
nisms could be co-operational.

Al2O3/SiC and Al2O3/Al2O3 boundaries in nanocomposites have been found to have a silicon 
rich amorphous layer [14, 15]. Critically, neither Schmid et al.’s [14] nor Ferroni et al.’s [15] 
studies make comparisons with alumina. To attempt explain the change in properties between 
Al2O3 and Al2O3/SiC nanocomposites the changes in grain boundary structure and chemistry 
between the two must be compared. Hence, more detailed analysis of the differences in bounda-
ry structure and composition between alumina and nanocomposites is necessary to provide an 
explanation for the effect of SiC nanocomposite additions. This is the focus of the current work.

1.3 Processing

Unfortunately the SiC additions in Al2O3/SiC nanocomposites inhibit densification and increase 
the sintering temperature required [16]. Fully dense nanocomposites are usually produced by 
hot pressing [e.g. 1]. Industrial scale hot pressing is expensive and limits component shapes.

Processing temperatures can be lowered by addition of small concentrations of sintering 
aids. Kumar [17] investigated the use of Y2O3 and other oxides as sintering aids in nanocompos-
ites and found: 0.5 % Y2O3 increased sintered density from 96 % to > 99 % at 1600 ºC. Temper-
atures below 1600 ºC become useful for industrial scale sintering. Materials with Y2O3 sintering 
aid additions are studied in this work. Analytical electron microscopy is used to investigate 
what effects the addition has on grain boundary structure and chemistry.

1.4 Grain Boundaries

Scanning transmission electron microscopy (STEM) using high spatial resolution energy di-
spersive X-ray microanalysis (EDX), allows composition of boundaries to be measured. If the 
segregant forms a complete atom layer this is known as „monolayer segregation“. The average 
Al-Al atom spacing is used as the monolayer width in this work. If less than a complete layer is 
formed the segregation can be defined by what fraction of a monolayer it represents, which in 
this work is the ratio of density of segregant to Al atoms. The EDX spatial resolution is larger 
than a monolayer (~ 0.2 nm) so the resulting spectrum will include a contribution from the sur-
rounding matrix area. The effect of this unwanted contribution will be to reduce the apparent 
concentration of any segregant in the recorded spectrum.

Quantification of STEM-EDX data requires careful analysis. The contribution from sur-
rounding material can be removed by analysing a composition profile perpendicular to the 
boundary [18], or by calibrating the signal from analysing various areas of matrix [19]. In the 
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first method, used in this work, the X-ray interaction area and hence the compositional profile 
are considered as a convolution of the probe current distribution and the segregated monolayer 
[20].

2 Experimental

2.1 Materials Processing

All materials investigated (Table 2) were processed by conventional procedures used for pres-
sureless sintering, described in detail elsewhere [21, 22]. Table 1: Manufacturers’ data for star-
ting powders shows the starting powders used. Al2O3, SiC, Y(NO3)3 (which forms Y2O3 on 
sintering), 4 wt% polyethylene glycol (PEG, a binder to help green body formation), and 0.1 g 
Dispex A40 (a dispersant, Ciba, Switzerland) were mixed. Attrition milling with zirconia media 
formed a well-dispersed homogeneous slip, which was then freeze dried to form a powder wit-
hout hard agglomerates. All material was uniaxially pressed at 137 MPa, then heated in N2 at-
mosphere at 3ºC/min and held at the sintering temperature for 120 minutes before cooling at the 
same rate.

Table 1: Manufacturers’ data for starting powders

Table 2: Materials Produced

*) Compared to expected phases. #) From [21]

„Easy sintering“ alumina, 
AES11C

„Pure“ alumina, AKP50 SiC, UF25

Sumitomo, Japan Sumitomo, Japan H.C. Stark, Germany

Purity [wt%] 99.8 > 99.99 > 97.4

Impurities SiO2  0.06 wt%
Na2O  0.04 wt%
MgO  0.05 wt%
Fe2O3  0.01 wt%

Si = 25 ppm
Fe = 20 ppm
Na = 10 ppm
Mg = 10 ppm
Cu = 10 ppm

O < 2.50 wt%
Al < 0.04 wt%
Ca < 0.01 wt%
Fe < 0.05 wt%

Particle size [ m] 0.5 0.2 0.45

Material Al2O3 type Sintering Temp 
ºC

Density 
% of theoretical *)

Grain size /
m

Al2O3 – 0.15 wt% Y2O3 Easy sintering 1550 100.1 1.70 #)

Al2O3 – 5 vol% SiC Easy sintering 1600 94.8 0.89 #)

Al2O3 – 5 vol% SiC– 0.15 wt% 
Y2O3

Easy sintering 1600 97.8 1.27 #)

Al2O3 High Purity 1550 100.7 3.46
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2.2 Specimen Preparation

Slices of material ~ 500 m thick were cut using a diamond-grit abrasive annular saw; these 
were then ground and polished (down to 6 m diamond) to parallel-sided slices of material 
~ 100 m thick. An ultrasonic drill, with water and silicon carbide grinding medium was used 
to produce 3 mm diameter disks. A dimple grinder (Gatan, USA) was used to polish (down to 1 

m diamond) dimples each side, leaving an area ~ 10 m thick. The specimen was finally thin-
ned to electron transparency using a Precision Ion Polishing System (Gatan, USA).

2.3 Microscopy

Microstructure was examined by conventional TEM (Philips CM20). EDX was performed 
using a cold field emission gun STEM (FEG-STEM, Vacuum Generators HB501, UK).

Grain boundary composition was analysed by taking a series of EDX spectra along a line 
perpendicular to the grain boundary extending 20 nm each side; these spectra were quantified 
by a commercial software package (INCA, Oxford Instruments, UK). The amount of each ele-
ment was plotted as a function of distance from the boundary. The distribution was found to 
have an approximately Gaussian shape. The method and software developed by Vatter and 
Titchmarsh [18] was adapted for use here. The software used the composition data points and 
error bars to fit the most likely theoretical profile. This profile was then used to predict the den-
sity of atoms in a monolayer of grain boundary segregation.

Point analysis of grain boundaries was also used to give qualitative data such as the ratio be-
tween segregated elements. This ratio will be independent of how much matrix the probe analy-
ses.

3 Results

3.1 General Microstructure

Grain size is reduced by the SiC addition (see Table 2: Materials Produced). „Easy sintering“ 
alumina with 0.15 % Y2O3 had grain size 1.70 m but when 5 % SiC is also added grain size re-
duced to 1.27 m [from 21].

Bright field TEM of the nanocomposite materials reveals inter and intragranular particles 
around 100 nm in size (Figure 1). These particles can be identified by STEM-EDX. Some parti-
cles are found to be rich in Si, others rich in Zr. Figure 2 shows „pure“ alumina processed by the 
same route but without any deliberate additions. Note the larger grain size of the SiC free mate-
rial, despite a 50 ºC lower sintering temperature. The particles visible were found to be rich in 
Zr.
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3.2 Grain Boundary Chemistry

STEM-EDX of grain boundaries in all materials made with „easy sintering“ alumina revealed 
several elements (Figure 3b) which were not present in the matrix (Figure 3a). Both matrix and 
grain boundaries show Al, O, C and Ar peaks. (The peak 0.3 keV below Al is an artefact of the 
EDX system which has subsequently been eliminated.)

A profile of a typical grain boundary (Figure 4) shows segregation of Y, Zr, Si and Ca. These 
four elements were found to segregate to grain boundaries in all the materials made from „easy sin-
tering“ alumina. The „pure alumina“ sample was found to contain segregated Y and Zr. The average 
monolayer segregation calculated from the boundary profiles is shown in Table 3.

Figure 1: „Easy sintering“ Al2O3 with 5 % SiC and 
0.15 % Y2O3 sintered at 1600 ºC

Figure 2: „Pure“ Al2O3 with 0 % SiC, 0 % Y2O3 sin-
tered at 1600 ºC

a) b)

Figure 3: a. EDX spectrum of matrix in 'easy sintering' alumina with 5% SiC and 0.15% Y2O3 b) EDX spectrum 
of a grain boundary in „easy sintering“ alumina with 5 % SiC and 0.15 % Y2O3
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Table 3: Average grain boundary segregation as a percentage of a monolayer.

Point analyses were also made on 8 or more boundaries in each material. The quantity of Ca 
was most consistent hence, the ratio of Y, Zr and Si to Ca was calculated from these data and 
compared between materials in Figure 5: Relative amounts of elements normalised to Ca by 
wt%a, b, c. There is considerable scatter in the data but a trend towards a greater ratio of Si to 
other elements in SiC-containing material is clear and also increased Y in Y2O3 containing ma-
terial is suggested.

The pure alumina sample did not show Ca or Si segregation, but did show Y and Zr at grain 
boundaries. The ratio of Y to Zr segregated is shown in Figure 5: Relative amounts of elements 
normalised to Ca by wt%d for all materials investigated. A feature of the „pure“ alumina sam-
ples was the occurrence of a phase containing Al, Y and Zr of around 500 nm in size which was 
commonly found adjoining a Zr rich region around 100 nm in size. This phase has yet to be 
identified.

4 Discussion

The microstructure of the materials was as expected. SiC additions decreased grain size and re-
duced density (Table 2). SiC particles were distributed in inter and intragranular locations. 

Material Number analysed Al2O3 type Si Ca Y Zr

Al2O3 – 5 vol% SiC 6 Easy sintering 13 5 7 2

Al2O3 – 5 vol% SiC– 0.15 wt% Y2O3 5 Easy sintering 20 5 9 2

Al2O3 – 0.15 wt% Y2O3 5 Easy sintering 8 8 5 2

Al2O3 2 High Purity 0 0 2 11

Figure 4: Segregation profile of a grain boundary in „easy sintering“ alumina with 5 % SiC and 0.15 % Y2O3
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However, all materials included Zr rich particles which are expected to have been introduced by 
the ZrO2 milling media used in processing.

STEM-EDX analysis of grain boundaries was successful in revealing segregated elements 
(Figure 3a). Profiles of grain boundaries (Figure 4) allowed the amount of segregant to be quan-
tified. Some spectra included an artefact 0.3 keV lower than the Al peak, with ~ 4 % of the Al 
intensity. This peak was removed by conditioning of the X-ray detector. The artefact was close 
to the characteristic energies of Mg and Na so would mask small quantities of these elements. 
All samples contained Ar, which was used in ion milling samples to electron transparency. This 
artefact is not expected to effect results.

The average monolayer fraction was between 23 and 36 % for materials made with „easy sin-
tering“ alumina, which shows significant coverage (Table 3). The Si and Ca are expected to be 
introduced by impurities in the starting powder (Table 1) which segregate to grain boundaries. 
Si is additionally introduced to some samples by the addition of SiC with a surface layer of 
SiO2. The Zr and Y are expected to have been introduced by the incorporation of particles of the 
milling media which dissolves and segregates to grain boundaries. EDX of the milling media re-
vealed that it is Y2O3 stabilised ZrO2 containing 4 % Y which explains the introduction of Y to 
grain boundaries in materials with no sintering aid added.

However, the ratio of Si, Ca, Y and Zr in materials made with „easy sintering“ alumina was 
found to vary by as much as 30 times (Figure 5). No pattern to this variation was observed. Fur-
ther work is necessary to explain this.

Figure 5: Relative amounts of elements normalised to Ca by wt%
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The ratio of Y to Zr at grain boundaries was found to be high in materials made with „easy 
sintering“ alumina, but low in the „pure“ alumina sample (Figure 5d). This suggests that the way 
in which Y and Zr segregate is effected by the presence of other elements.

5 Conclusions

The additions to and impurities in alumina have a significant effect on the chemistry of grain 
boundaries in the materials studied. Segregated elements produce up to a third of a monolayer 
coverage. 5 vol% SiC addition increases the segregation of silicon from 8 to up to 20% of a mo-
nolayer. There is a strong segregation of Y to grain boundaries; the degree of segregation is in-
terdependent on other elements.

The technique used was successful in analysing the composition of grain boundaries. Ongo-
ing investigation of grain boundary chemistry and correlation with grain boundary structure and 
strength will allow better explanation of the properties of Al2O3/SiC nanocomposites.
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A Neutron Powder Diffraction Study of FeCo-SiO2 
Nanocomposites
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1 Abstract

Neutron diffraction was used to study the order-disorder tranformation from the ’-CsCl to the 
-bcc phase in nanocrystalline equiatomic FeCo alloys dispersed in a silica matrix. The disor-

dered phase or a mixture of the  and ’ phases are found in the samples depending on the pre-
paration route of the samples. Neutron diffraction experiments carried out during in-situ heating 
indicate that the ordered phase forms above 600 °C, below the temperature of 730 °C typical of 
bulk FeCo alloys.

2 Introduction

Transition metal nanocrystals dispersed in an insulator matrix have attractive magnetic and 
transport properties for the development of composite-based micro- and nano-devices. In parti-
cular, the preparation of alloy nanocrystals allows to tailor the magnetic properties as a function 
of the composition, since it is well known that alloys have peculiar magnetic properties different 
form those of single metals.

In the bulk, Fe and Co form alloys over a wide composition range (at room temperature from 
pure iron to about 75 wt% Co). [1] Due to their technological importance, the properties of 
FeCo alloys have been extensively studied as a function of  composition and temperature, point-
ing out the presence of discontinuities in the physical properties due to a continuous order-dis-
order transformation. The phase transition involves the transformation from the ordered 

’-CsCl type to the disordered -bcc type phase which occurs at a maximum temperature of 
730 °C for the equiatomic alloy. [2] Although the magnetic behaviour is very similar, the disor-
dered phase has a larger ductility and resistivity and is therefore more suitable for materials 
processing.

The occurrence of the order-disorder transition in nanostructured iron-cobalt alloys is still 
largely unexplored. The study of the ordering in nanostructured FeCo alloys is important from 
the standpoint of potential technological applications and of the understanding of finite size ef-
fects on phase transitions. 

Neutron powder diffraction, which can be used to identify the ordered ’ phase because it 
gives rise to superlattice reflections [3,4], was used in this work to study the structure of equia-
tomic FeCo nanocrystals dispersed in a silica matrix. The effect of synthetic parameters on the 
sol-gel preparation of FeCo-SiO2 nanocomposites was studied. 
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3 Experimental

FeCo-SiO2 nanocomposites were prepared in the form of xerogels and aerogels by a sol-gel pro-
cedure reported elsewhere. [5, 6] The total metal amount in the nanocomposite (Fe+Co)·100/
(Fe+Co+SiO2) is 10 wt% and the molar ratio between Fe/Co = 1. The preparation route of the 
xerogel and aerogel samples differs in the precursors of the metal phase and in the drying proce-
dure. Acetate and nitrate salts were used to synthesise xerogels and aerogels respectively. In 
both cases the gel is prepared by co-hydrolysis of the metal salts and the tetraethoxysilane in 
ethanolic media under acidic catalysis. Gelation is carried out at ambient conditions and the 
drying is performed by conventional calcination in the case of the xerogel sample and by high 
temperature supercritical drying in an autoclave in the case of the aerogel. The final FeCo-SiO2

nanocomposites were prepared by a reduction treatment at 800 °C for 2 hours under H2 flow; 
the samples obtained starting from the xerogel and the aerogel will be named hereafter sample 
X and A respectively. 

The structural and morphological characterization was performed by transmission electron 
microscopy (TEM) and X-ray powder diffraction (XRD). 

TEM micrographs were recorded on a JEOL 200CX microscope operating at 200 kV. The 
samples were dispersed in n-octane and dropped on a conventional carbon-coated copper grid. 

XRD spectra were recorded on a X3000 Seifert diffractometer equipped with a graphite 
monochromator on the diffracted beam using Cu K  radiation. 

Neutron diffraction spectra were collected on the FeCo-SiO2 nanocomposites using the high 
intensity POLARIS time-of-flight (TOF) diffractometer at the ISIS spallation neutron source 
(Rutherford Appleton Laboratory in Chilton, UK). The POLARIS experimental station is 
equipped with in situ-heating apparatus; both the sample can and the furnace are made in vana-
dium. Neutron diffraction spectra were collected at room temperature both on the X and A na-
nocomposite samples. The neutron diffraction spectra of the A sample were also collected 
during an heating-cooling cycle in ultra-high vacuum. In principle, the high intensity of the neu-
tron source and the TOF collection mode allow relatively rapid data collection. Due to the low 
amount of the metallic phase in the nanocomposite, however, a minimum acquisition time of  6 
hours was required for each run. 

Rietveld refinements of the neutron diffraction profiles were carried out using the PC version 
of the GSAS (Generalized Structure Analysis System) program. [7] The variables were the unit 
cell parameters of the  and ’ phase, the parameters of the  pseudo-Voigt function used to 
model the sample contribution to the peak shape and the phase fractions. 

4 Results and Discussion 

Figure 1 shows the XRD spectra of the X and A samples. The spectra of both samples exhibit 
the peaks of a nanophase superimposed to a background due to amorphous silica. The crystallite 
size as estimated from line broadening by the Scherrer formula indicates a crystallite size of 10 
nm for both the X and A samples. The peaks of the nanophase can be attributed to the FeCo al-
loy. It is noteworthy that no other phase is detected by XRD, and in particular no trace of oxides 
is present.The lattice parameter for the alloy, however, is very similar to the lattice parameter of 
bcc-Fe (2.857 Å vs 2.886 Å) and it is therefore not possible to state unambiguously the formati-
on of the alloy from the XRD pattern. The formation of the alloy was verified by studying sepa-
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rately the Fe and Co environment by exploiting the selectivity of XAS technique. [8] XAS 
indicates that both Fe and Co in the nanocomposite samples have a bcc environment, confir-
ming therefore the formation of the alloy. A further evidence was obtained by Mössbauer Spec-
troscopy, which gives parameters typical of the iron nuclei in the FeCo alloy. [9]

Figure 2a and c shows the TEM micrographs of the nanocomposite samples obtained in the 
bright field mode. In agreement with XRD data, we can observe the presence of alloy nanopar-
ticles dispersed over the amorphous silica matrix. It is noteworthy that the silica matrices in the 
X and A samples have a different porosity, which is also reflected in the distance between the 
nanoparticles. In particular, in the A sample the silica has a higher porosity and larger pores, as 
expected for aerogel samples and confirmed by physisorption measurements [5]. TEM observa-
tions indicate that the nanoparticles have a round shape both in sample X and A and that the av-
erage size is 12 nm and 10 nm respectively, in agreement with XRD data. The selected area 
electron diffraction (SAED), reported in Figure 2b and d for the X and A samples respectively, 
confirms the presence of a bcc-type nanocrystalline phase. High Resolution TEM observations 
indicate that the nanoparticles are single crystals [10]. 

The structural data obtained by X-rays and electron diffraction techniques do not allow to 
verify whether the alloy is present in the ordered ( ’) or in the disordered ( ) phase. The ’ 
phase has a CsCl structure where each Co atom nearest neighbours are always Fe atoms (and 
vice versa), whereas in the disordered  bcc structure the Co or Fe have random neighbours. 
The peaks detected by XRD and SAED have Miller indices satisfying the rule h + k + l = 2n, 
whereas the superlattice peaks h + k + l = 2n + 1 characteristic of the ordered ’ phase would 
have negligible intensity due to the small difference in the scattering factors of Fe and Co. The 
superlattice reflections, however, can be detected by neutron diffraction, thanks to the large 
contrast between the neutron form factors of Fe and Co.

Figure 1: X-Ray diffraction spectra of the X and A FeCo-SiO2 nanocomposites
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Figure 3 shows the neutron diffraction spectra at room temperature for the aerogel and xero-
gel nanocomposite samples. The small peak at 2.14 Å in the spectra od the X and A samples is 
the most intense peak of vanadium and arises from the sample holder. The spectrum of the X 
sample shows the presence of reflections typical of the disordered FeCo alloy. This result is 
quite interesting since in bulk FeCo alloys the ordered phase is stable up to 730 °C and the or-

Figure 2: Transmission electron microscopy image and corresponding electron diffraction for the X (a, b) and A 
(c, d) samples 

a) b)

c) d)

Figure 3: Time-of-flight neutron diffraction spectra of the X and A FeCo-SiO2nanocomposites at room 
temperature
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dered phase is formed even in severely quenched samples. The diffraction spectrum of the A 
sample shows the superlattice reflections, indicating the presence of the ordered phase. Howev-
er, the intensity ratios between the two families of reflections suggests that the disordered phase 
is also present.

Quantitative information concerning the relative amounts of the ’ and phases in the sam-
ple, the strain and size contributions to the diffraction profile were obtained by Rietveld analy-
sis. The best fitting, reported in Fig.4, gives relative amounts of the ordered ’ and disordered 
phase of 43 % and 57 %. The Rietveld profile analysis indicates that strain is negligible, the 
main contribution to peak broadening being related to finite size effects. The average crystallite 
size of the ordered alloy is significantly higher than that of the disordered one. 

Figure 5 reports the neutron diffraction spectra of sample A during a heating-cooling cycle 
from RT to 750 °C with steps of 150 °C. These spectra allow to point out several interesting fea-
tures of the structural evolution of the nanocomposite as a function of temperature. First of all, 
from the disappearence of the superlattice reflections we can see that above 600 °C all the or-
dered phase transforms into the disordered one. On cooling, the ordered phase is recovered be-
low 450 °C. Moreover, at 750 °C other nanocrystalline peaks are also observed at 1.53 Å, 1.8 Å, 
2.07 Å, 2.17 Å and 2.19 Å, which are retained on cooling. These peaks can be ascribed to the 
iron silicate fayalite (Fe2SiO4) and to the fcc Co phase.

It is likely that the long heating procedure results in an interaction between the alloy nano-
particles and the silica matrix inducing the formation of some iron silicate and the correspond-
ing segregation of the excess Co. In particular, a significant shift of the 110 peak of the FeCo 
alloy at higher d values is observed with increasing the temperature, due to the change in com-
position of the alloy towards the Fe7Co3 composition and to the convolution with the most in-
tense peak of fcc Cobalt.

Figure 4: Experimental and calculated neutron diffraction spectra of the A nanocomposite at room temperature 
as obtained from Rietveld refinement. The difference plot and the peak positions of the  and ’ phases are also 
reported.



125

5 Conclusions

Neutron diffraction confirmed to be a useful tool to investigate the ordering of the FeCo alloy, 
giving valuable information which could not be deduced from electron or X-Ray diffraction 
techniques.  

It was found that in the X nanocomposite the alloy is mainly present in the disordered form, 
whereas a mixture (almost equal amounts) of disordered and ordered phases is present in the 
aerogel. This difference can be tentatively ascribed to the difference in average crystallite size 
in the two samples, and in particular the disorderd phase seems to be favoured in smaller nanoc-
rystals. In the A sample the disordered phase has smaller nanocrystals than the ordered  one, in 
agreement with the previous picture. The effect of the different precursors used to prepare the X 
and A samples on the alloy structure, however, cannot be ruled out. 

The dispersion of the alloy nanoparticles in the silica matrix allows one to study the order-
disorder phase transition during heat treatments minimizing nanocrystal aggregation and 
growth. On the other hand, the interaction between nanoparticles and the silica matrix can also 
partially occur as a secondary reaction on heating.
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Figure 5: Time-of-flight neutron diffraction spectra of the A nanocomposite during in-situ heating and cooling 
under vacuum
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1 Introduction

Nanocrystalline zeolites are known to posses several important characteristics, such as high ex-
ternal surface area, faster mass and heat transfer and less vulnerable to deactivation [1, 2], 
which render many potential applications, for example, as catalysts or supports for composite 
materials during industrial processes, fabrication of thin films or membranes as well as ultra-
low k materials for next generation electronics etc. [3–6]. In particular, for their applications in 
catalysis, nanocrystalline zeolites are known to have superior catalytic activity with lower deac-
tivation rate and longer life [2].

Medium-pore ZSM-5 zeolites are suitable catalysts for shape selectivity reactions, which are 
normally catalyzed by acid sites located predominantly within the intracrystalline pore/channels 
(typical crystalline size ca. 0.1–10 μm). However, as the crystalline size of the catalyst is re-
duced to nanometer scale, its catalytic performance should mostly be invoked by extracrystal-
line molecular diffusion and hence surface reaction should begin to play an important role [7]. 
Thus, a detailed understanding of the acid features, viz. nature, location, strength and concentra-
tion of acid sites, on nanocrystalline catalysts is a demanding task.

A novel solid-state 31P MAS NMR technique developed recently reveals the propensity in si-
multaneous determination of the types and strengths of acid sites in zeolites and related cata-
lysts using trialkylphosphines or trialkylphosphine oxides as the probe molecules [8-15]. The 
advantages of using these phosphorus molecules over other more conventional NMR probes, 
such as pyridine or methylamine, are a higher sensitivity and a wider chemical shift range 
(> 300 ppm) possessed by the 31P nucleus (I = 1/2, natural abundance 100 %) compared to 13C 
or 15N. The type (Brønsted vs. Lewis acidity), distribution and strength of acid sites in the po-
rous catalysts can be directly inferred from the variations in the observed 31P NMR resonance. 
Whereas, as demonstrated in a recent report [16], the locations (internal vs. external) of the acid 
sites may be differentiated by using suitable probe molecules having different sizes, namely tri-
methylphosphine oxide (TMPO) and tributylphosphine oxide (TBPO). Unlike TBPO (kinetic 
diameter ca. 0.82 nm), which can only be adsorbed on the external surfaces of 10-membered 
ring (10-MR) zeolites such as H-ZSM-5 (pore aperture ca. 0.6 nm), TMPO (ca. 0.55 nm) is ca-
pable of entering the channels of the zeolites and hence rendering simultaneous detection of in-
ternal and external acidity. In addition, quantitative information of the acid sites (i.e., acid 
concentration) can further be derived when 31P NMR experiment is performed in conjunction 
with elemental analysis by ICP-MS.

The objective of this study is to characterize the properties of acid sites in nanocrystalline 
(size 20–500 nm) H-ZSM-5 zeolites by means of solid-state 31P MAS NMR of adsorbed phos-
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phine oxide probes, in conjunction with elemental analysis, diffuse reflectance Fourier-trans-
form infrared spectroscopy (DRIFTS) and solid-state 1H and 27Al MAS NMR.

2 Experimental

2.1 Materials

H-ZSM-5 zeolites with different crystalline size (20–500 nm) were synthesized by various me-
thods (steaming, colloidal and hydrothermal) and experimental conditions [17]. Their structural 
features were confirmed by powder X-ray diffraction (XRD) and Fourier-transform infrared 
spectroscopy (FT-IR). Whereas, their Si/Al ratios, crystalline sizes and BET surface areas (and 
pore volumes) were determined by elemental analysis (ICP-MS), scanning/transmission elec-
tron microscopy (SEM/TEM) and N2 adsorption/desorption measurements (77 K), respectively. 
The preparation conditions and characteristics of these samples were depicted in Table 1 toge-
ther with a commercial H-ZSM-5 zeolite (Strem Chemicals Inc.) with an averaged crystalline 
size of ca. 2.0 μm and Si/Al = 65.

Table 1:  Physical and acidic properties of various nanocrystalline H-ZSM-5 Zeolites

aData obtained from N2 adsorption/desorption measurements (77 K).
bData obtained from 31P MAS NMR and ICP-MS.
cUndetectable.

2.2 Characterization Methods

All 31P MAS NMR spectra were acquired at a Larmor frequency of 202.46 MHz on a Bruker 
MSL-500P instrument using a single pulse sequence under the following conditions: pulse-
width, 2 μs; recycle delay, 5 s; spinning rate, 10–12 kHz. Prior to the experiment, each sample 
was subjected to dehydration treatment at 623 K for 48 h under vacuum (10-5 Torr). Detailed 

Samples Preparation 
method

Si/Al Crystal size
(nm)

Surface area
(m2 /g)

Pore volume
(mL/g)

Percentage of 
ext. (%)

BET ext. meso. micro. areaa acidityb

S-80 steaming
(80 °C; 22 h)

61 < 50 835 550 0.17 0.04 65.9 19.6

S-100 steaming 
(100 °C; 22 h)

59 –c 337 222 0.07 0.01 65.9 31.4

C-80 colloidal
(80 °C; 36 h)

53 270 475 200 0.10 0.10 42.1 17.6

C-100 colloidal
(100 °C; 12 h)

57 500 425 150 0 0.12 35.3 3.2

H-125 hydrothermal 
(125 °C; 24 h)

45 375 569 230 0.10 0.12 40.4 13.6

H-ZSM-5 commerical 65 2,000 – – – – – 8.3
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procedures involved in preparing samples loaded with various P-containing probe molecules 
(TMPO and TBPO) and the related experimental setups, have been reported elsewhere [16, 18]. 
A single pulse sequence was also used for 27Al MAS NMR experiments under a sample spin-
ning rate of 12 kHz; pulse-width 1 s ( p/6), and recycle delay of 500 ms at a resonance fre-
quency of 130.32 MHz. On the other hand, 1H MAS NMR spectra were obtained from 
dehydrated samples by rotor-synchronized spin-echo pulse sequence operating at a frequency of 
500.14 MHz, spinning rate 5 kHz and a recycle delay of 15 s. Tetramethylsilane (TMS), aque-
ous 85 % H3PO4 and 1M Al (H2O)6

3+ solutions were taken as external references for 1H, 31P and 
27Al NMR chemical shifts, respectively. To afford the quantitative determination of the acid si-
tes, each adsorbed-loaded sample was also subjected to element analyses by ICP-MS. Infrared 
spectroscopy (DRIFTS; Bruker IFS-28) was also utilized to characterize acidity. Sample was 
dehydrated in situ at 473 K for at least 0.5 h before each run.

3 Result and Disscusion

3.1 27Al MAS NMR

27Al MAS NMR spectra obtained from various hydrated samples are shown in Fig. 1a along 
with a commercial H-ZSM-5 sample. Hydration treatment was accomplished by placing the 
samples in a desiccatr under saturated NaCl solution at ambient temperature for at least 3 d. In 
despite of the presence of small amount of extra-framework (octahedral-coordinated) Al species 
at ca. 0 ppm, it is clear that majority of Al species are tetrahedrally coordinated in the frame-
work of nanocrystalline H-ZSM-5 zeolites resulting a main resonance peak at ca. 55 ppm, ex-
cept for the S-80 sample.

Figure 1: (a) 27 Al and (b) 1H MAS NMR spectra obtained from various nanocrystalline H-ZSM-5 zeolites
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3.2 1H MAS NMR and DRIFT spectroscopy

Solid-state 1H MAS NMR and DRIFT spectroscopic techniques are commonly used for deter-
mining the types of hydroxyl groups in dehydrated solid acid catalysts. In terms of their local 
structure types, 1H NMR signals of the silanol groups (SiOH) normally have chemical shifts of 
1.2–2.2 ppm, the hydroxyl protons on extra-framework aluminum species (AlOH) should ap-
pear at chemical shifts of 2.6–3.6 ppm, whereas the bridging hydroxyl groups (SiOHAl) cover 
the range 3.6–7.0 ppm [19]. The bridging OH groups, which act as the proton donor (Brønsted 
acid) sites, are responsible for catalyzing chemical reactions. On the other hand, the IR absorp-
tion peaks at 3740, 3650, and 3600 cm–1 can be assigned to hydroxyl vibration (O-H stretching) 
bands of SiOH, AlOH, and SiOHAl groups, respectively [20].

Figure 1b displays the 1H MAS NMR spectra of various dehydrated nanocrystalline samples 
together with the commercial H-ZSM-5 sample. That the spectrum obtained from the commer-
cial sample exhibits two resonance lines at 3.9 and 1.9 ppm, whereas only a single resonance at 
1.9 ppm was observed from the other samples indicating that the 1H MAS NMR failed to detect 
Brønsted acidity in the nanocrystalline samples. This is attributed due to the presence of exces-
sive amount of silanols than bridging hydroxyl groups. Similar observations were found for the 
DRIFT spectra of dehydrated nanocrystalline samples (not shown), in which the absorption 
band responsible for the bridging hydroxyl groups (at 3600 cm–1) is barely visible.

3.3 31P MAS NMR of Adsorbed TMPO and TBPO

Additional 31P MAS NMR was invoked to verify the acid features in nanocrystalline H-ZSM-5 
zeolites using TMPO and TBPO as the probe molecules. It has been proposed that, upon adsor-
bing phosphine oxides on an acid catalyst, the base guest molecules may readily interact with 
Brønsted acid sites to form hydrogen-bonded complexes. The formation of such complexes is 
provoked by O–H bonding of partially negative-charged oxygen atoms on the organic oxide 
probe molecule and the bridging hydroxyl groups (which act as proton donor) in zeolite adsor-
bents [14, 16]. Consequently, the density of the electron cloud surrounding the 31P nucleus neig-
hboring to the oxygen atom on the phosphine oxides decreases with increasing strength of the 
Brønsted acid sites, which in turn causes the 31P resonance to shift towards downfield (higher 
chemical shift) direction. In other words, 31P NMR resonance having a higher chemical shift 
should reflects Brønsted acidity with a higher acidic strength.

31P MAS NMR spectra obtained from samples respectively loaded with TMPO and TBPO 
are depicted in Fig. 2. The dashed curves represent results of spectral simulation by Gaussian 
deconvolution method. The shaded peaks, which represent signals arising from physisorbed 
TMPO or TBPO guest molecules, are irrelevant to Brønsted acidity and hence their contribution 
may be subtracted and disregarded during quantitative analyses. It is noted that, dramatic 
changes in the distribution of acid sites (31P resonance peaks) in nanocyrstalline H-ZSM-5 pre-
pared by different methods may be seen compared with the commercial H-ZSM-5 sample. For 
example, the 31P MAS NMR spectra of TMPO adsorbed on the nano-sized H-ZSM-5 zeolite 
synthesized by steaming method (S-80 and S-100) show only two distinct resonance at 71 and 
66 ppm, whereas three resonance were found in commercial H-ZSM-5 and up to seven peaks 
were found responsible for TMPO interacting with Brønsted acid sites for samples prepared by 
colloidal (C-80 and C-100) and hydrothermal (H-125) methods. In the case of adsorbed TBPO, 
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only one type of acid site (74 ppm) can be identified for sample prepared by steaming and col-
loidal methods, whereas three peaks (at 91, 74 and 69 ppm) were found responsible for external 
acidity for the commercial H-ZSM-5 and samples prepared by hydrothermal method (H-125). 
Quantitative information of acid sites can further be derived by incorporating results obtained 
from elemental analyses of Si, Al and P by ICP-MS. This is made possible by assuming the total 
peak areas responsible for Brønsted acid sites is 100 % (excluding physisorbed peak) and a one-
on-one (1 : 1) correspondence of adsorbed each phosphine oxide with one acid site. A detailed 
analysis procedure can be found elsewhere [16]. Accordingly, the concentrations of internal vs. 
external acid sites arise from acid sites having the same acidic strength (chemical shift) for var-
ious samples can be inferred, as depicted in Table 2.

Figure 2: 31P MAS NMR spectra obtained from commercial and various nanocrystalline H-ZSM-5 zeolites loaded 
with (a) TMPO and (b) TBPO. The shaded peaks represent physisorbed TMPO or TBPo, the asterisks denote spin-
ning side-bands.
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Table 2: 31P MAS NMR chemical shift assignments and distribution of acid sites of various 
nanocrystalline H-ZSM-5 Zeolites loaded with TMPO and TBPO probe molecules

aData (   3 ppm) refer to the corresponding chemical shift differences with respect to crystalline TMPO 
(39ppm) or TBPO (47 ppm).
bValues on top represent relative concentration of acid sites (%); data in parenthesis (int, ext) give the amounts of 
internal and external acid sites (  0.002 mmol/g cat.), respectively.
cValues specifically represent relative concentration of external acid sites (%).
dResonance arise from physisorbed TMPO or TBPO.

In an earlier study [16], we have shown that the respective 31P resonance observed from 
TMPO and TBPO adsorbed on acid sites with the same acidic strength can be correlated by the 
chemical shift difference (  ± 3 ppm) between the observed chemical shift with respect to that 

( ; 
ppm)a

61 47 38 32 27 21 15 10 4

TMPO (internal + external)

Chemical 
shift
(ppm)

100 86 77 71 66 60 54 49d 43d

Sampleb

S-80 – – 30.0%        
(0.029, –)

70.0 %        
(0.049, 0.019)

– – Y Y

S-100 – – – 23.9 %        
(0.017, –)

76.1 %        
(0.031, 0.022)

– – Y Y

C-80 5.6 %        
(0.011, -)

7.4 %        
(0.015, –)

27.1 %        
(0.054, –)

8.3 %        
(0.016, –)

31.4 %        
(0.028, 0.035)

– 20.2 %        
(0.040, –)

Y –

C-100 6.9 %        
(0.015, -)

10.7 %        
(0.023, –)

34.0 %        
(0.074, –)

6.6 %        
(0.014, –)

16.3 %        
(0.029, 0.007)

– 25.5 %        
(0.055, –)

Y –

H-125 2.0 %        
(0.006, -)

8.2 %        
(0.015,0.00
8)

25.1 %        
(0.070, –)

11.9 %        
(0.034, –)

14.0 %        
(0.020, 0.019)

15.8 %        
(0.033,0.01
1)

23.0 %        
(0.064, –)

Y –

H-ZSM-5 – 3.5 %        
(0.003,0.00
2)

69.8 %        
(0.108, –)

– –               (–, 
0.002)

26.7 %        
(0.032,0.00
9)

– – Y

TBPO (external)

Chemical 
shift 
(ppm)

– 91 – – 74 69 – 58d 49d

Samplec

S-80 – – – – 100 % – – Y –

S-100 – – – – 100 % – – Y Y

C-80 – – – – 100 % – – Y Y

C-100 – – – – 100 % – – Y Y

H-125 – 20.7 % – – 50.2 % 29.1 % – Y Y

H-ZSM-5 – 15.4 % – – 17.6 % 67.0 % – – Y
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of their crystalline bulks, namely 39 ppm for TMPO and 47 for TBPO. Accordingly, experi-
mental results respectively obtained from TMPO (which is capable of probing both internal and 
external acidity) and TBPO (which can only probe external acidity) can be correlated, as the re-
sult, qualitative and quantitative information of both internal and external acidity can be ob-
tained. For example, for sample H-125, up to seven peaks can be resolved from the 31P NMR of 
adsorbed TMPO, namely 100, 86, 77, 71, 66, 60 and 54 ppm (in order of decreasing acid 
strength), whereas only three resonance can be identified in the case of adsorbed TBPO (i.e., 91, 
74 and 69 ppm). The latter three resonance, being having a respective  value of 44, 27 and 22 
ppm can thus be correlated to the three resonance at 86, 66 and 60 ppm obtained from TMPO, 
which is found to have a similar respective  value of 47, 27 and 22 ppm. On the other hand, 
for the same system (TMPO/H-125), the other peaks with chemical shift of 100, 77, 71 and 54 
ppm, which corresponds to respective  value of 61, 38, 32 and 15 ppm (see Table 2) are not 
visible in spectrum obtained from TBPO/H-125. Thus, these peaks may be ascribed due to 
TMPO adsorbed on acid sites strictly located in the intracrystalline channels of sample H-125.

By comparing the results obtained from various samples in Table 2, it is indicative that, in 
terms of acidic strength, nanocrystalline H-ZSM-5 samples prepared by different methods fol-
low the trend: C-100 > C-80 > H-125 > S-80  S-100. That is, colloidal method is superior in 
preparing nanocrystalline H-ZSM-5 catalysts having higher overall acidic strengths. In view of 
total (internal and external) acidity, a value of 0.156, 0.280, 0.217, 0.199, 0.070 and 0.097 is 
found for commercial H-ZSM-5, H-125, C-100, C-80, S-100 and S-80, respectively. Nanocrys-
talline H-ZSM-5 samples prepared by the hydrothermal or colloidal methods therefore are capa-
ble of producing catalysts having the overall acid properties analogous to commercial zeolite. 
However, unlike H-125, which observed three different types of external acidity similar to com-
mercial H-ZSM-5, only one type of external acid site was found for samples prepared by steam-
ing and colloidal methods, resulting an overall increase in external acidity typically by 2-4 folds 
compared to the commercial sample (see Table 1). Moreover, while a consistent increase in ex-
ternal surface area with decreasing crystalline size, samples prepared by steaming methods 
seem to be more favorable for promoting external surface area and external acidity compared to 
that prepared by colloidal or hydrothermal methods.

4 Conclusion

The acidic properties of nanocrystalline H-ZSM-5 zeolites synthesized under various conditi-
ons, namely by steaming, colloidal and hydrothermal methods at different temperatures have 
been characterized by solid-state 31P NMR of adsorbed phosphine oxide probe molecules 
(TMPO and TBPO). Both qualitative and quantitative information of Brønsted acid sites may be 
obtained when the results are incorporated with N2 adsorption/desorption, 1H and 27Al MAS 
NMR, DRIFT and elemental analysis by ICP-MS. It is found that steaming method is more fa-
vorable for preparing nano-sized H-ZSM-5 samples with smaller crystalline size and improved 
eternal acidity. Whereas samples prepared by colloidal or hydrothermal methods are more supe-
rior for preparing catalysts with broader distribution of acid sites that having a higher overall 
acidic strengths. The unique methodology reports here is capable of obtaining the detailed acid 
features of nano-sized solid acid catalysts simultaneously, including their acid type, location, 
concentration and strength of acid sites, which may not be achieved using conventional tech-
niques.
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1 Introduction

Assembly of nanostructured transition metal oxides to form ordered architectures is of great in-
terest in the fields of materials and chemistry. [1, 2] Thin films of the materials is one of the 
most desirable forms due to their advantages with respect to characterization and applications. 
The layer-by-layer self-assembly technique has provided an effective route for the fabrication 
of multilayer ultrathin films containing various inorganic/organic building blocks. [3–6] The 
technique is based on alternate adsorption of oppositely charged monolayers from their aqueous 
solutions. The resulting films generally have well-defined architecture and controllable thick-
ness on a nanometer level, which may find potential applications including optical and electro-
chemical fields. 

Manganese oxides have extensive applications as ion-exchanger, catalysts, and energy con-
version materials. [7–9] Thin films of manganese oxides are also of great interest because they 
are suitable for optical, electrochemical and electronic studies, as well as their applications. 
[10–12] Various thin films of manganese oxides with submicro- to micrometer thickness have 
been fabricated using sol-gel, brushing, and spin/dip coating procedures, [13, 15] while rare re-
ports focused on the fabrication of films through the LBL strategy. One exception is the LBL 
fabrication of manganese oxide nanoparticles (size: 2-8 nm), while control over film thickness 
remained to be improved. [15] We have recently reported the successful delamination of a lay-
ered manganese oxide of K0.45MnO2. [17] Redoxable unilamellar nanosheets of MnO2 with a 
crystallographic thickness of ca 0.5 nm and a lateral dimension of sub-micrometers have been 
obtained. In this work, we report on the fabrication of multilayer ultrathin films using the se-
quential LBL deposition of MnO2 nanosheets and polycations and their electrochemical per-
formance examination. The molecular thickness and crystalline nature of the MnO2 nanosheets 
render the films well-defined ultrathin architecture (tens of nanometer in thickness) and promis-
ing electrochemical properties. 

2 Experimental 

2.1 Reagents and Materials

Reagents, such as NaOH, K2CO3, Mn2O3, polyethylenimine (PEI) and poly(diallyldimethyl-am-
monium) (PDDA) chloride, were of analytical grade. Ultrapure water with resistivity of 18.2 
M  cm was obtained from a Milli-Q water purification system, and used throughout the experi-
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ments. Colloidal suspension of delaminated MnO2 nanosheets was prepared according to our re-
cently reported procedure. [17]

2.2 Fabrication of Ultrathin Films

The cleaning of solid substrates, such as Si wafers, quartz glass slides, and indium-doped tin 
oxide (ITO)-coated glasses was carried out according to the previously described procedures. 
[6] Ultrathin films were fabricated by applying the LBL assembly procedure as follows: the 
substrates were precoated with PEI by immersion in an aqueous solution of PEI (2.5 g dm–3) at 
pH = 9 for 20 min and then the PEI-primed substrates were dipped in a colloidal suspension 
(0.01–0.16 g dm–3, pH = 8) of MnO2 nanosheets for 20 min, followed by water washing. Then 
the substrate was immersed in a solution of PDDA (pH = 9, 20 g dm–3) for 20 min and washed 
with water again. The above procedure was repeated for a desired number of cycles to obtain 
multilayer films of PEI/MnO2/(PDDA/MnO2)n–1. 

2.3 Characterizations

Ultraviolet-visible (UV-vis) absorption spectra were collected using a Hitachi U-4000 spectro-
meter equipped with an integrating sphere detection system. The surface topography of the mo-
nolayer films was examined using a Seiko SPA400 atomic force microscope (AFM) in tapping 
mode with silicon-tip cantilevers (20 N m–1). X-ray diffraction (XRD) data were acquired by a 
Rigaku Rint 2000 powder diffractometer with Cu K  radiation. Fourier transform infrared 
(FT-IR) spectra were measured with a Digilab S-45 spectrometer in transmission mode. X-ray 
photoelectron spectra (XPS) were recorded on a Physical Electronics XPS-5700 spectrometer 
with Al K  X-ray line (1486.6eV). X-ray absorption near edge spectra (XANES) were obtained 
with synchrotron-radiated X-ray using an extended X-ray absorption fine-structure facility in-
stalled at beam line 12c at the photon factory in Tsukuba, Japan. Cyclic voltammograms (CV) 
were measured in a three-electrode glass-cuvette cell using a Solartron SI-1287 computer-con-
trolled potentiostat. Thin films assembled on the ITO-coated glass slide were used as working 
electrodes. An Ag/Ag+ (0.49 V vs. standard hydrogen electrode) electrode and a glassy carbon 
were used as reference and counter electrodes, respectively. CV experiments were performed 
from    –1.3V to 0.9V at a scan rate of 5–200 mV s–1 using 0.1 mol dm–3 LiClO4 in propylene 
carbonate (PC) as electrolyte with N2 gas bubbling.

3 Results and Discussion

3.1 LBL Assembly of Multilayer Films

The growth of self-assembled thin films was initiated by coating a substrate with cationic PEI, 
followed by alternate adsorption of colloidal oppositely charged MnO2 nanosheets and PDDA. 
The deposition parameters are of importance for the fabrication of multilayer films with a well-
defined architecture. Optimum deposition conditions of PEI and PDDA for film fabrication, 
such as pH value, duration time and concentration, have been well established; [6] we therefore 



137

examined the effect of the suspension conditions of MnO2 nanosheets on the film growth. The 
film growth can be monitored by UV-vis spectra. Polyelectrolytes of PEI and PDDA gave ne-
gligible UV-Vis spectral contribution, while a broad absorption band centered at around 375 nm 
after the adsorption of MnO2 nanosheets was observed, which is the feature of delaminated 
MnO2 nanosheets. [17] Figure 1 presents the influence of suspension concentration of MnO2 na-
nosheets on the UV-Vis peak-top absorbance after the deposition of the first PEI/MnO2 bilayer. 
The absorbance of MnO2 increased with increasing the MnO2 suspension concentration up to 
0.08 g dm–3. Further increment of the concentration did not lead to apparent enhancement of 
UV absorbance, suggesting a similar amount of MnO2 deposited on the substrate surface in this 
concentration range. The pH value of MnO2 suspension is another important factor for film fa-
brication. Our experimental results revealed that pH value of 8 led to a maximum optical absor-
bance of MnO2. Consequently, the MnO2 concentration of 0.08 g dm–3 and pH = 8 were selected 
for the deposition of films.

Figure 2 shows topographic image of the first deposited layer of MnO2 nanosheets on a PEI-
coated surface of Si wafer. PEI themselves were not perceptible. The surface was covered with 
irregularly shaped sheet-like crystallites with lateral size ranged from 100 to several hundreds 
of nanometers. The surface coverage of nanosheets is about 88 % with some overlapping area. 
A section analysis revealed their molecular nature, showing an average thickness of ca 0.80 nm. 

The progressive growth of multilayer films under the optimized conditions was examined by 
UV-vis adsorption measured after each deposition cycle. The nearly linear increment of peak-
top absorbance suggests that a nearly equal amount of MnO2 nanosheets was deposited in each 
coating cycle (Figure 3), indicating the successful LBL assembly of multilayer ultrathin films of 

MnO2.  A total absorbance of ca. 0.95 after deposition of 10 bilayers on both sides of quartz was 
attained. The LBL growth of the multilayer films was also examined by XRD measurements. A 
broad Bragg peak centered at 2  = 9.6o for the ultrathin films deposited on quartz glasses was 
detected after numbers of deposition cycles and its peak intensity enhanced progressively with 
increasing assembly cycles (Figure 4). This feature can be principally explained by the superlat-

Figure 1: UV-vis absorbance at 375 nm of the first PEI/MnO2 bilayers as a function of MnO2 nanosheet concen-
tration. Concentration of PEI solution: 2.5 g dm–3; pH value of solution: pH = 9 for PEI, and pH = 8 for MnO2 

nanosheets; deposition time: 20 min each.
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tice reflection of inorganic-organic repeating layer pairs of PDDA/MnO2. The multilayer re-
peating distance was about 0.92 nm. Considering the MnO2 nanosheets has a crystallographic 
thickness of 0.52 nm, [17] the thickness of the PDDA layer should be ca 0.4 nm. This thickness 
is reasonable for PDDA layers in film systems. [6]

Figure 2: Tapping-mode AFM image of MnO2 nanosheets deposited on PEI pre-coated Si wafer. Nanosheet con-
centration: 0.08 g dm–3; pH value of solution: pH = 9 for PEI, and pH = 8 for MnO2 nanosheets; dipping time: 20 
min each.  

Figure 3: UV-vis absorption spectra of multilayer films of PEI/MnO2/(PDDA/MnO2)n-1 prepared on quartz glass 
substrate. Nanosheet concentration: 0.08 g dm–3; pH value of solution: pH = 9 for PEI and PDDA, and pH = 8 for 
MnO2 nanosheets; deposition time: 20 min for each. 
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3.2 Characterizations of the Films

The inorganic component of Mn in the film was examined by XANES studies (Figure 5). 
Strong absorption in the main-edge region of the Mn K-edge spectra can be assignable as the di-
pole-allowed transitions from the core 1s level to unoccupied 4p states. [18] The multilayer film 

exhibited an edge energy of ~ 6558 eV, which is nearly the same as that for the reference MnO2, 
but apparently different from that for Mn2O3. This suggests that the oxidation state of mangane-
se in nanosheets is close to that in MnIVO2. FT-IR spectra for the multilayer films (see Figure 6) 
provided the evidence for organic species in the films. The bands at 1356, 1467, 2866, 2930, 
2960, and 3036 cm–1 are assignable to the –CH2 and –CH3 groups for PDDA or PEI. [19] A 
sharp bending vibration of water at ca. 1605 cm–1 together with a broad band centered at around 
3450 cm–1 suggests the presence of hydrated water in the film. 

The composition of a thin film of PEI/MnO2(PDDA/MnO2)9 was examined by XPS studies. 
The survey scan spectra for the film exhibited peaks assignable to Mn (653.7 eV for Mn 2p1/2

and 641.8 eV for Mn 2p3/2), C (284.9 eV for 1s ), N (401.8 eV for 1s) and O (530.5 for 1s) [20] 
( Figure 7). Quantitative analysis indicated the atomic ratio: C, 32.1 %. N, 2.5 %; Mn, 20.6 %; 
O, 41.1 %. The Mn/O ratio of 1.99 is in excellent agreement with the stoichiometry of MnO2. 
On the other hand, the C/N ratio deviated from the theoretical value of 8 for PDDA molecules, 
which can be due to the contamination of surface carbon as often observed in XPS analysis. 
[21] 

Figure 4: XRD patterns of (a) as-prepared multilayer thin films of PEI/MnO2/(PDDA/ MnO2)n-1 and (b) their peak 
intensity as a function of bilayer number. Here, n is 1 for (a), 3 for (b), 5 for (c), 10 for (d), and 15 for (e), respec-
tively. 
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Figure 5: Mn K-edge XANES spectra for (a) as-prepared thin film of PEI/MnO2/(PDDA/MnO2)9, references (b) 
MnO2 and (c) Mn2O3. M represents main peak in XANES
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Figure 6: FT-IR spectra for an as-prepared multilayer thin film of PEI/MnO2/(PDDA/ MnO2)9. The circles repre-
sent the signals arising from PDDA or PEI.
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3.3 Electrochemical Properties

CV measurements started from the rest potential (EAg/Ag
+ = –0.1–0.1 V) to a negative direction. 

The CV of a monolayer electrode (Figure 8a) revealed a reduction peak at –0.66 V vs. Ag/Ag+

on the negative scan and two oxidation peaks at –0.36 V and 0.23 V vs. Ag/Ag+ on the positive 
scan, indicating that the nanosheet film undergoes reduction reaction in one step and oxidation 
process in two steps. The peak current increased linearly with increasing scan rate from 
5 mV s–1 to 100 mV s–1, as is shown in Figure 8b, suggesting that the electroactive species ad-
sorbed on the electrode, i.e. MnO2 nanosheets, are responsible for the redox processes. The 
quantitative electron transfers were estimated to be (1.7–1.8)  10–9 mol cm–2 for both the oxida-
tion and the reduction reactions derived from the integrated peak areas of Figure 8a. Assuming 
the electrode surface was covered with a perfect monolayer, a deposited amount of the nanos-
heets is estimated to be ~ 2.1  10–9 mol cm–2. [22] This value is close to that for the calculated 
electron transfers during CV, indicating that predominated manganese oxide on the electrode 
should be electroactive. These redox peaks should be attributable to the electrochemical conver-
sion between MnIV and MnIII in the film. To our knowledge, this should be the first example to 
provide the CV characteristic of the fundamental units of layered manganese oxides, which 
should be of importance for the further understanding of electrochemical behavior for low-di-
mensional nanomaterials.

4 Conclusions

Multilayer ultrathin films composed of novel manganese oxide nanosheets and polyelectrolytes 
have been successfully fabricated on flat substrates using the alternate LBL procedure. Charac-
terizations support the well-defined architecture of hybrid nanocomposite films. Cyclic voltam-
mogram data demonstrated the electrochemical redox behavior of the MnO2 nanosheets. 

Figure 8: (a) Cyclic voltammogram (scan rate: 10 mV s–1) and (b) scan rate dependence of monolayer films of 
PEI/MnO2 on ITO glass slide in 0.1 mol dm–3 LiClO4/PC electrolyte (potential range: –1.3V–0.9V; second cycle). 
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1 Introduction

Methods of fabrication of ordered arrays of nanowires/nanorods are in the focus of many inve-
stigations. Such nanostructures are considered to be of significant interest for both fundamental 
and application aspects. Several approaches have been proposed based on the self-organization 
phenomenon.[1–3] Anodic porous alumina films have been shown to be effective template for 
electrodeposition of Ni, Co, Fe and Ag.[4–6] Depending on the anodization conditions, they de-
monstrate pores diameter on the range of 20–200 nm and ordered crystal-like domains spatially 
extended over 20–100 periods. One significant drawback of the alumina templates is the 
presence of thin insulating layer of Al2O3. To overcome this luck, the impulse electrodeposition 
regime was successfully applied. In the course of the investigation, several helpful empirical ru-
les and electrochemical regimes were developed to improve the quality of the nanowire ar-
rays.[4, 5]

An elegant method of fabrication of arrays of nanodots was proposed by Möller et. al.[7–9] 
They explored the micellization of block copolymers (BC) to form a layer of ordered nanoparti-
cles on solid substrate. Successive conversion of BC nanostructured layer leads to nanopattern-
ing of the substrate surface and can be used for fabrication of the nanodots [10]. 

Thurn-Albrecht et. al. convincingly demonstrated several examples of nanowires preparation 
using self-organization in thin films of poly(styrene-b-methyl methacrylate) (PS-PMMA) [11, 
12]. They used external electric field to align the cylinders of minor block (PMMA) of asym-
metrical PS-PMMA block copolymer in the direction perpendicular to the substrate plane and 
etched the PMMA cylinders selectively with UV light. Obtained template films of about a mi-
cron thickness were loaded with Co via electrochemical deposition in DC regime. Also, the BC 
based templates were loaded via sputtering with clusters of Cr and Au resulting in arrays of Cr 
and Au/Cr nanodots. Magnetization measurements undoubtedly demonstrated the effect of or-
dering and orientation of nanowires/nanodots of ferromagnetic material [11].

Recently, we have published the results of the investigation of self-organization in thin films 
of BC supramolecular assembly (SMA). Based on the O. Ikkala approach [13, 14], we have 
synthesized SMA from poly(styrene-b-4-vinylpyridine) (PS-PVP) using hydrogen bonding of 
low molar mass additive (2-(4’-hydroxybenzeneazo)benzoic acid, HABA) with pyridine frag-
ment of PVP (Figure 1) [15]. The SMA demonstrates ability to form smooth thin films on solid 
substrate. PS-PVP+HABA is able to fast self-organization via vapor annealing in non-selective 
solvent (1,4-dioxane) with perpendicular alignment of hexagonally packed cylinders of minor 
component (PVP+HABA) dispersed in the matrix of PS. Another important feature of the PS-
PVP+HABA system is insensitivity in respect to the substrate surface. We have obtained nicely 
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structured films on polar (Si/SiO2), metal (Cr, Cr/Au, Ni) and non-polar (poly(1,2-butadiene), 
PBd) surfaces. Moreover, rinse of thin films of the SMA in selective for HABA solvent results 
in ordered array of channels oriented perpendicularly to the substrate plane.[15] In this contri-
bution, we present the results of electrochemical deposition through the nanotemplate prepared 
from SMA thin films and discuss fine details of metal electrodeposition in nanopores.

2 Experimental Section

2.1 Materials

Poly(styrene-block-(4-vinylpyridine)) (PS-PVP) with number average molecular masses (Mn) : 
PS 35500 g/mol, PVP 3680 g/mol, Mw / Mn = 1.06 for both blocks, was purchased from Polymer 
Source, Inc. 2-(4'-hydroxybenzeneazo)benzoic acid (HABA) was purchased from Sigma-Ald-
rich. Solvents – 1,4-dioxane, chloroform, THF, toluene, methanol, dichloromethane – were 
purchased from Acros Organics and used as is. Silicon wafers {100} and {111} were cleaned 
successively in an ultrasonic bath (dichloromethane) for 15 min and "piranha" bath (30 % H2O2, 
70 % of H2SO4, chemical hazard) for 40 min at 82 ºC, then thoroughly rinsed with Millipore 
water and dried in argon flow. 

Figure 1: The SMA based approach for metal nanowire array fabrication: chemical composition (a), microphase 
separation in thin films of SMA (b), nanotamplate (c), array of nanowires/nanorods
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2.2 Fabrication of Nanotemplates

PS-PVP and HABA (1 mole HABA : 1 mole 4-vinylpyridine monomer unit) were dissolved se-
parately. Then PS-PVP solution was drop-by-drop added to  HABA solution, while heating clo-
se to the boiling point of the solvent in ultrasonic bath. The heating was very important for the 
reproducible formation of SMA. The resulted solution (the range of the total concentration PS-
PVP + HABA from 0.1 % to 3 % wt., the fraction of HABA 17.8 % wt.) was kept overnight to 
complete hydrogen bonding. Thin films were prepared by dip-coating from the filtered soluti-
ons. Dip-coating was performed with the rates ranging from 0.1 to 1.0 mm/s. The “vapor an-
nealing” was performed for 10–20 min to improve the ordering in the SMA films. 
Nanotemplates were fabricated by selective extraction of HABA with methanol. 

2.3 Characterization of the Ordered Thin Films

Thickness of the polymer films was measured by a SE400 ellipsometer (SENTECH Instruments 
GmbH, Germany) with 632.8 nm laser at 70º incident angle. 

AFM imaging was performed by a Dimension 3100 (Digital Instruments, Inc., Santa Bar-
bara) scanning force microscope and a CP (Park Scientific Instrument, Inc) in the tapping mode. 
The tip characteristics are: spring constant 1.5–3.7 N/m, resonant frequency  45 65 Hz, tip radi-
us about 10 nm. 

2.4 Templating of Nanomembranes

Nickel electrodes have been prepared via successive sputtering of Cr as adhesive layer (5 nm 
thick) and Au layer (30–50 nm thick). Ni films of 30nm thick were deposited on top of Au elec-
trodes by electrodeposition in galvanostatic regime using Watts bath as described elsewhere. 
Chromium electrodes were prepared via direct sputtering of 30nm thick Cr layer onto Si wafers. 
Both Cr and Ni depositions reveal low roughness (rms roughness less then 2 nm on 1 μm2). A 
sputter-coater by Tectra GmbH (Germany) was used. Si{111} doped wafers were used without 
modification showing atomically smooth surface (less then 0.2 nm on 1 μm2 rms roughness) 
and high enough electroconductivity. Ni was loaded into the cylindrical channels of the mem-
brane via electrodeposition in the galvanostatic mode using an Autolab/PGSTAT30 with the 
Watts bath, an Ag/AgCl reference electrode, and a platinum wire counter electrode. 

2.5 X-ray Photoelectron Emission Microscopy

X-ray photoelectron emission microscopy (XPEEM) and Near Edge X-ray Absorption Fine 
Structure (NEXAFS) spectroscopy measurements were performed at Berlin Synchrotron Sour-
ce (BESSY II). The spectromicroscopic characterization by PEEM was performed with a FO-
CUS-IS PEEM (Omicron). The setup was equipped with a CCD camera. The camera total 
intensity is used to record the NEXAFS signal which in principle can be used to obtain local 
spectroscopic information from the PEEM images as this information can be collected pixel re-
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solved (μ-NEXAFS). The instrument is operated at the BESSY-U49/2 beam line which provi-
des energies in the range of 100 ÷ 1200 eV with an energy resolution of approximately 0.1 eV.

3 Results and Discussion

AFM imaging of SMA templates based on thin films PS-PVP+HABA undoubtedly demonstra-
tes nice ordering of hexagonally packed channels oriented perpendicularly to the substrate sur-
face (Figure 2). The channels of 8–10 nm are equally distributed over the entire film surface 
with periodicity of 25 nm. However, the fine structure of the template at the polymer-substrate 
interface remains uncovered while the AFM tip penetration into the channels is limited by the 
tip and pore geometry and typically is less then the template film thickness (5–10 nm penetrati-
on depth and 20–100 nm film thickness). Also, ellipsometry analysis of the templates with hol-
low channels gives evidence of the porous structure of the films. In deed, two parameter 
optimisation of ellipsometry data in the frame of two-layer model (Si/SiO2/polymer) gives the 
effective refractive index of the polymer layer n = 1.49–1.53. The n value is sufficiently lower 
then the refractive index of PS-PVP (1.59). Applying the Bruggeman model for assymetrical 
porous nanostructures, we estimated the pore fraction in the thin polymer films from the effecti-
ve refractive index n measured with ellipsometry using the following equation: [16]

where eff, 1 and 2 are dielectric constants of the entire film (effective), pore material, and ma-
trix material, respectively, i = ni

2, and f is the volume fracture of the pores. The estimated volu-
me fraction of the pores in the membrane f is on the range of 0.099–0.165. It is lower then the 
concentration of HABA in the initial mixture (17.8 %). One of the reasons of this disagreement 

1 3
eff 1 2

2 1 eff
1 f

Figure 2: AFM image of nanotemplate from PS-PVP+HABA thin (40 nm) film after methanol rinse. Lateral scale 
1.5 × 1.5 μm2, vertical scale 20 nm.
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is presence of disordered polymer layer as found for many BC thin films. Thus, neither ellipso-
metry nor AFM of the SMA templates gives reliable information on the substrate-polymer in-
terface. Meanwhile, the structure of this interface is a key question of SMA film application as 
templates for nanodots/nanowires fabrication. We have performed the series of direct experi-
ments with electrodeposition of metal through the SMA templates to clarify the situation.

First, we started with Ni electrodes covered with the SMA template obtained as described 
above. We optimized the conditions of electrodeposition in terms of current density and deposi-
tion time. Figure 3 shows the array of Ni nanorods obtained in galvanostatic regime at 0.3 mA/
cm2 current density for 1000 sec. The deposition potential reveals only minor changes during 
the electrodeposition in the range of –0.75V to –0.79V. Hexagonally aligned rods of 10–20 nm 
high are clearly seen as well as some fraction of lacunas. Using flooding procedure applied to 
AFM images of the deposition, we found the lacuna surface fraction in the range of 5–20 %. At 
the same time, the micron size Ni clusters are scattered over the surface. The similar results 
were obtained on Cr electrodes covered with the SMA template. It is worth to note that increase 
of deposition time or current density results in sufficient increase of Ni clusters of several mi-
cron size on top of  the nanotemplate. 

Also,  we performed electrochemical deposition of Ni through the SMA nanotemplate on 
Si{111} electrode. The deposition potential varies during deposition on the range of –1.0 V to 
–1.05V at 0.3 mA/cm2 current density applied in DC galvanostatic regime. We explain the over-
potential increase as compared with Ni electrode by presence of thin film of SiO2 native layer 
interfering the electrodeposition in DC regime. We believe this is the reason why electrodeposi-
tion in DC regime results in very rough covering consisted of Ni clusters of micron size. In 
deed, nucleation rate is much lower then growth and overpotential value is higher in case of in-
sulating thin layer on top of the electrode. It results in fast growth of rare clusters and overload 
of the separated nanotemplate channels as described in details elsewhere [17]. To overcome the 
effect of insulating SiO2 layer, we applied impulse galvanostatic regime as proposed by Gösele 
et. al. [4]. We modified the AC galvanostatic deposition parameters for thin nanotemplates and 

Figure 3: AFM image of Ni nanorods electrodeposited through SMA nanotemplate on Ni  (top) and Si{111} 
electrodes. SMA template is removed. Lateral scale 1.5 × 1.5 μm2, vertical scale 20 nm.
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optimized the condition. The impulse galvanostatic deposition was performed at the conditions 
as shown on the Table 1. The resulting Ni nanostructure on Si{111} is shown on Figure 3. Ni 
nanodots of 5–20 nm high are clearly seen as well as sufficient surface lacunas. The estimation 
of lacuna surface with flooding procedure gives the lacuna fraction on the range of 40–60 %. 

Table 1: Parameters of impulse electrodeposition of Ni on Si{111}. 50 scans performed

The comparison of Ni electrodeposition conditions and morphology of nanostructures ob-
tained on Ni and Si{111} demonstrates the effect of thin insulating layer on the deposition 
process. In order to visualize the found effect, we performed Ni electrodeposition onto mosaic 
Cr electrode partially covered with insulating layer of poly(1,2-butadiene) (PBd). For that, thin 
film of PBD with addition of 5% of photoinitiator, i.e. benzophenon, was spin-coated onto Cr 
covered wafer and illuminated with UV light (365 nm mercury lamp) through TEM grid of 12 
μm periodic square pattern. After washing with toluene, the 60 nm thick cross-linked PBD 
squares were revealed with large scale AFM (Figure 4a). Micromapping ellipsometry showed 
that the shadowed location is free Cr surface. We deposited the SMA thin (70 nm) film on top 
of Cr mosaic electrode and completed it into nanotemplate with methanol rinse. Afterward, we 
performed Ni electrodeposition through the nanotemplate in galvanostatic DC regime (0.3 mA/
cm2, 1000 s) as described above and removed the polymer template in nonselective solvent 
(chloroform). Obtained samples were investigated with AFM and XPEEM. The AFM image is 
shown on Figure 4b. It demonstrates PBd film squares with space between them covered with 
Ni nanorods. Also, there are several clusters of Ni of micron size and lacunas rarely seen on the 
Ni covering. 

The NEXAFS measurements of Ni deposition were performed prior the XPEEM measure-
ments to find the exact Ni2p bonding energy as well as the peak width.  The result of subtrac-
tion of XPEEM images before (851.5 eV) and after (854.0 eV) Ni2p peak from the image 
required at the Ni2p peak (853.0 eV) is shown on the Figure 4c. It undoubtedly demonstrates 
distribution of Ni in the space between the PBd masked electrode surface. Thus, we obtained 
two scale hierarchy patterning combining electrode photolithography with insulating layer and 
nanotemplating. 

4 Conclusions

Based on the phenomenon of microphase separation in thin films of SMA, we fabricated nano-
templates with hexagonally ordered channels aligned perpendicular to the substrate surface. We 
demonstrated that the nanotemplates are able to be loaded with metals, e. g. Ni,  via electrode-
position to form arrays of ordered metal nanorods. Using Si{111} electrodes with thin insula-
ting layer of SiO2, we found sufficient increase of the Ni2+/Ni overpotential value. It results in 
very unequal deposition condition. However, the deposition in impulse regime allows to over-

Step Current density, mA/cm2 Step duration, sec Potential, V

1 –5.0 0.02 –5.0 ÷ –5.5

2   2.0 0.01   3.0 ÷ 3.5

3   0.0 0.97 –0.45 ÷ –0.55
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come partially the effect of insulator layer. Also, we performed electrodeposition of Ni onto the 
electrode covered with micron insulating polymer mask followed with nanotemplate and obtai-
ned two scale hierarchy pattern of Ni nanorods.
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